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Publisher’s note
Welcome to the first issue of Polymer for 2011!
The latest impact factor (for the year 2009, announced by Thom-
son Reuters in June 2010) is 3.5731 which is 0.242 points above the
previous (2008) impact factor of 3.331. The impact that Polymer
Fig. 1. Development of the impact factor of Polymer and other broad polymer journals pu
communications are not included since they show a very different citation pattern to regu

1 �Journal Citation Reports, Thomson Reuters, 2010.

0032-3861/$ – see front matter
doi:10.1016/j.polymer.2010.11.043
makes in the community continues to grow consistently as Fig. 1
demonstrates.
blishing primarily regular papers. Journals publishing primarily reviews and/or rapid
lar journals.
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Welcome to the first issue of Polymer for 2011! / Polymer 52 (2011) 1–42
During 2010 Polymer was very proud to be the sponsor of the
following awards:
Fig. 2. The 2010 John H. Dillon Medal Recipient Yueh-Lin Loo (Princeton University) rece
Publisher Karien van Wetering.
� The John H. Dillon Medal given by the American Physical Society
and its Polymer Physics Division. The 2010 winner was Yueh-Lin
Loo (Fig. 2).
ives her medal and certificate from the APS President Curtis Callan and the Elsevier



Welcome to the first issue of Polymer for 2011! / Polymer 52 (2011) 1–4 3
� The newly established (in 2006) Feng Xinde Polymer Prize for
Best Chinese Paper published in Polymer. The winners of the
4th Feng Xinde Polymer Prize for the Best Chinese Paper pub-
lished in Polymer during 2009 were Yong-Quan Dong, Bo-Tao
Fig. 3. Charles C. Han (Asian Editor for China for Polymer), Stephen Z.D. Cheng (Senior Edito
winner (Zi-Chen Li) and nominees for the 4th Feng Xinde Polymer Prize for Best Chinese Pa
national Symposium on Polymer Physics in Jinan, China. From left to right: student on behalf
Chen Li (the winner), associate on behalf of Lijia An, student on behalf of Yanhou Geng, stude
Z.D. Cheng.
Dong, Fu-Sheng Du, Jian-Qiang Meng and Zi-Chen Li for their
paper An all ATRP route to PMMA–PEO–PS and PMAA–PEO–PS
miktoarm ABC star terpolymer published in Polymer, vol. 50,
125-132 (2009) (Fig. 3).
r of Polymer) and Erqiang Chen (Associate Asian Editor for China for Polymer) with the
per published in Polymer during 2009. The ceremony took place during the 9th Inter-
of Xiaogong Wang, student on behalf of Feng-Chih Chang, Zhen Tong, Wenbing Hu, Zi-
nt on behalf of Yanchun Han, Jiandong Ding, Erqiang Chen, Charles C. Han and Stephen



Welcome to the first issue of Polymer for 2011! / Polymer 52 (2011) 1–44
In 2010 Polymer announced its first ever Virtual Special Issue on
Nanocomposites, an area of particular strength of the journal. We
were proud to be able to dedicate the Virtual Special Issue to
Professor Donald R. Paul on the occasion of his 70th birthday.
Don is both the most prolific and most cited author in the 50-
year history of the journal and has been publishing consistently
some of his best work in Polymer through the years. More informa-
tion about the special issue can be found in the Editorial [1]
and Tribute [2] published in issue 22 of volume 51 (2010) of
Polymer (Fig. 4).
Fig. 4. Donald R. Paul, the most prolific and the most cited author for the first 50 years of the existence of Polymer, to whom the first ever Virtual Special Issue of the journal was
dedicated.
The full text of all 90 þ Feature Articles ever published in Poly-
mer is freely available through the dedicated 50th anniversary web-
site (www.polymer50.com). I would encourage you to visit the
website and get a feeling for which authors, papers and topics
contributed most to the journal during its lifetime as well as in
recent years.

I would like to announce the retirement of Professors Takeji
Hashimoto and James E. Mark from the group of Editors of
Polymer.

Takeji Hashimoto has been involved with the journal for
almost two decades: first as Associate Editor for Polymer Commu-
nications from Asia, then as Polymer Physics Editor for Asia (until
June 2004) and since then he has served two terms as Senior
Editor of Polymer. As one of the world’s top polymer physicists,
Taki has applied consistently his extremely high standards to
his editorial work for Polymer and has been a source of useful
advice.

Jim Mark joined Polymer after the incorporation of the
journal Computational and Theoretical Polymer Science (of which
he was the founding Editor) into Polymer in January 2002. During
the last eight years Jim has been responsible for the same topic
within Polymer and has proved to be efficient and resourceful
Editor, contributing many ideas about the improvement of the
journal.

Both Taki and Jim have made a significant contribution to Poly-
mer and I would like to express, on behalf of Elsevier and the other
Editors, our great appreciation and good wishes for their retire-
ment. We are very pleased that both of them will continue
their association with the journal, as members of the Editorial
Advisory Board.
Following the great success of the Symposium that we organ-
ised in 2009 in Mainz to celebrate the 50th anniversary of Polymer,
we are organising a Second International Symposium Frontiers in
Polymer Science from 29 to 31 May 2011 in Lyon, France. The
meeting will follow the same pattern as in Mainz. More informa-
tion is available on www.frontiersinpolymerscience.com.

I look forward to seeing many of you in end May 2011 in Lyon!

Rumen Duhlev
Publisher

Elsevier, Oxford, UK
Emil address: r.duhlev@elsevier.com

Available online 17 December 2010
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a b s t r a c t

Graphene-based materials are single- or few-layer platelets that can be produced in bulk quantities by
chemical methods. Herein, we present a survey of the literature on polymer nanocomposites with
graphene-based fillers including recent work using graphite nanoplatelet fillers. A variety of routes used
to produce graphene-based materials are reviewed, along with methods for dispersing these materials in
various polymer matrices. We also review the rheological, electrical, mechanical, thermal, and barrier
properties of these composites, and how each of these composite properties is dependent upon the
intrinsic properties of graphene-based materials and their state of dispersion in the matrix. An overview
of potential applications for these composites and current challenges in the field are provided for
perspective and to potentially guide future progress on the development of these promising materials.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Graphene, a monolayer of sp2-hybridized carbon atoms
arranged in a two-dimensional lattice, has attracted tremendous
attention in recent years owing to its exceptional thermal,
mechanical, and electrical properties [1e3]. One of the most
promising applications of this material is in polymer nano-
composites, polymer matrix composites which incorporate nano-
scale filler materials. Nanocomposites with exfoliated layered
silicate fillers have been investigated as early as 1950 [4], but
significant academic and industrial interest in nanocomposites
came nearly forty years later following a report from researchers at
Toyota Motor Corporation that demonstrated large mechanical
property enhancement using montmorillonite as filler in a Nylon-6
matrix [5]. Polymer nanocomposites show substantial property
enhancements at much lower loadings than polymer composites
with conventional micron-scale fillers (such as glass or carbon
fibers), which ultimately results in lower component weight and
can simplify processing [6]; moreover, themultifunctional property
enhancements made possible with nanocomposites may create
new applications of polymers [7].

On account of the recent emergence of using graphite oxide
(GO) to prepare graphene-based materials for composites and
other applications [8], this review will focus primarily on polymer
: þ1 512 471 5884.
: þ1 512 471 4691.
. Bielawski), r.ruoff@mail.

All rights reserved.
nanocomposites utilizing GO-derived materials as fillers. Emphasis
will be directed toward structureeproperty relationships as well as
trends in property enhancements of these composites, and
comparisons to other nanofillers will be made where appropriate.
Some highlights from the literature on polymer composites with
what have been referred to as graphite nanoplatelet (GNP) fillers,
typically derived from graphite intercalation compounds (GICs),
will also be presented and used to provide additional context.
Although a review on GO-derived polymer nanocomposites has
recently appeared [9], our review considers work with GNP fillers,
and provides a historical perspective with more emphasis on
preparative methods and processing.
2. Properties and production of graphene-based materials for
composite filler

2.1. Overview and history of graphene-based materials

Graphene has a rich history which spans over forty years of
experimental work [10]. ‘Pristine’ graphene (a single, purely
sp2-hybridized carbon layer free of heteroatomic defects) has been
produced by several routes [1,11], including growth by chemical
vapor deposition (both of discrete monolayers onto a substrate and
agglomerated powders), micro-mechanical exfoliation of graphite,
and growth on crystalline silicon carbide. While these approaches
can yield a largely defect-free material with exceptional physical
properties, current techniques of making powdered samples of
graphene do not yield large enough quantities for use as composite
filler [12].

mailto:bielawski@cm.utexas.edu
mailto:r.ruoff@mail.utexas.edu
mailto:r.ruoff@mail.utexas.edu
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.11.042
http://dx.doi.org/10.1016/j.polymer.2010.11.042
http://dx.doi.org/10.1016/j.polymer.2010.11.042
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Scalable approaches to GNPs and graphene-based materials
(few-layer platelets or monolayer carbon sheets with heteroatoms
and topological defects) primarily utilize GICs or GO as the
precursor material, respectively. GO and GICs have been investi-
gated as far back as the 1840s [13,14]. In the 1960s, Boehm and co-
workers reported the reduction of dispersions of GO using a variety
of chemical reductants [15,16], as well as thermal expansion and
reduction [17], producing thin, lamellar carbon containing only
small amounts of hydrogen and oxygen. By using transmission
electron microscopy (TEM), the carbon material produced by
chemical reduction was found to consist of “single carbon layers”
[15]. The procedures currently used to produce these graphene-like
materials have changed little since this early work [18,19]. Tech-
niques for the exfoliation of GICs have also been developed,
although most of these approaches do not yield single-layer sheets
but rather platelets with thicknesses typically above approximately
5 nm. Liquid-phase exfoliation of graphite and chemical synthesis
of graphene from polycyclic aromatic hydrocarbon precursors may
also eventually provide scalable alternative routes for production of
graphene [19], as could the further development of gas phase CVD
methods [12]. Recently, graphene nanoribbons, produced by
“unzipping” of multiwalled carbon nanotubes, have been investi-
gated as composite filler [20].

A variety of uses have been envisioned or demonstrated for GNPs
andgraphene-basedmaterials, and their use as a compositefiller has
attracted considerable interest [1]. While polymer nanocomposites
incorporating GNP fillers continue to be a significant research focus,
recent work has largely focused on use of graphene-based filler
materials derived from GO. As will be described in the following
sections, GO-derived fillers can exhibit high electrical conductivities
(on the order of thousands of S/m) [8], highmoduli (reported values
ranging from 208 GPa [21] to over 650 GPa [22]), and can be easily
functionalized to tailor their compatibility with the host polymer.
The reported values of stiffness and electrical conductivity of GO-
derived filler materials can be higher than those reported for nano-
clays [23], but generally lower than those reported for single-walled
carbon nanotubes (SWNTs) [24]. However, the intrinsic mechanical
properties and electrical and thermal conductivities of SWNTs may
be comparable to those of pristine graphene [24,25]. Moreover, the
two-dimensional platelet geometry of graphene and graphene-
based materials may offer certain property improvements that
SWNTs cannot providewhendispersed in a polymer composite, such
as improved gas permeation resistance of the composite [26].

2.2. Exfoliation of graphite

Most exfoliated graphite fillers are derived from GICs, which are
compounds of graphite with atoms or molecules (such as alkali
metals or mineral acids) intercalated between the carbon layers
[27]. The intercalation of graphite increases its interlayer spacing,
weakening the interlayer interactions and facilitating the exfolia-
tion of the GIC by mechanical or thermal methods [28]. Varying
structural arrangements of the intercalant are possible, such as
alternating layers of graphene and intercalant (referred to as first-
stage GICs), as well as multiple (two to five) adjacent graphene
layers between intercalant layers (higher-stage GICs) [27]. It is the
former arrangement, however, which is preferred for the complete
exfoliation of these materials into monolayer platelets [29].

Intercalation of graphite by a mixture of sulfuric and nitric acid
produces a higher-stage GIC that can be exfoliated by rapid heating
or microwave treatment of the dried down powder, producing
amaterial commonly referred to as expanded graphite (EG) [30]. EG
retains a layered structure but has slightly increased interlayer
spacing relative to graphite, consisting of thin platelets (30e80 nm)
which are loosely stacked [30]. Notably, an acid treatment may also
oxidize the platelets, albeit to a far lesser degree than GO [31]. EG
itself has been investigated as a composite filler [32e34], although
its effectiveness in enhancing properties compared with GO-
derived fillers is limited by its layered structure and relatively low
specific surface area (generally less than 40 m2/g [35]). To produce
a higher surface area material, EG can be further exfoliated by
various techniques to yield GNPs down to 5 nm thickness [28,30].

The thickness and lateral dimensions of GNPs vary widely
depending on the productionmethod used, and several approaches
have been reported. Sonication of EG in appropriatemedia can yield
platelets with thicknesses of roughly 10 nm and with lateral
dimensions as large as 15 mm [36]. Smaller platelet thicknesses
have been reported by re-intercalation of EG or co-intercalation of
GICs with organic molecules prior to exfoliation. For instance,
mixing potassium with EG yielded a stoichiometric first-stage GIC
(KC8), which was reported to be exfoliated into GNPs with thick-
nesses as low as 2 nm upon reaction with water or alcohols, along
with sonication [29]. It has also been reported that sulfuric acid-
intercalated EG can be co-intercalated with tetrabutylammonium
hydroxide (among many other molecules [37]). By sonicating this
GIC in N,N-dimethylformamide (DMF) in the presence of a surfac-
tant (a poly(ethylene glycol)-modified phospholipid), monolayer
graphene-like sheets were obtained [31].

The isolation of pristine graphene by micro-mechanical exfolia-
tion [38] has helped to motivate research towards a scalable
procedure for liquid-phase exfoliation of graphite to afford high-
quality graphenewithout the use of intercalants; as a result, several
different approaches have now been reported [39e42]. Sonication
of graphite flakes in water, for example, was reported to yield
amixture ofmonolayer andmulti-layer graphenewhichwas largely
defect-free, but this approach required the use of surfactants which
may negatively affect the electrical conductivity [41]. Direct exfoli-
ation of graphite into solvents such as propylene carbonate (PC) or
N-methylpyrrolidone (NMP) [40], and electrochemical exfoliation of
graphite in ionic liquids [42]mayeventually offer viable alternatives
for production of solution-based graphene, although graphene
made by these approaches has yet to be studied as composite filler.

2.3. Production and properties of GO

GO is generally produced by the treatment of graphite using
strong mineral acids and oxidizing agents, typically via treatment
with KMnO4 and H2SO4, as in the Hummers method or its modified
derivatives, or KClO3 (or NaClO3) and HNO3 as in the Staudenmaier
or Brodie methods [8]. These reactions achieve similar levels of
oxidation (C:O ratios of approximately 2:1) [8] which ultimately
disrupts the delocalized electronic structure of graphite and imparts
a variety of oxygen-based chemical functionalities to the surface.
While the precise structure of GO remains amatter of debate [8], it is
thought that hydroxyl and epoxy groups are present in highest
concentration on the basal plane, with carboxylic acid groups
around the periphery of the sheets as shown in Fig. 1. GO has an
expanded interlayer spacing relative to graphite which depends on
humidity (for instance, 0.6 nmwhen subjected to high vacuum [43]
to roughly 0.8 nm at 45% relative humidity [44]) due to intercalation
of water molecules [43]. GO can be exfoliated using a variety of
methods (most commonly by thermal shocking [45] or chemical
reduction in appropriatemedia [11,46]), yielding amaterial reported
to be structurally similar to that of pristine graphene on a local scale;
these techniques will be discussed in more detail below.

2.4. Exfoliation of GO

With a few exceptions, production of well-dispersed polymer
nanocomposites with GO-derived fillers hinges largely on the



Fig. 1. Schematic illustrating the chemical structure of graphite oxide (GO) and the structural difference between layered GO and exfoliated graphene oxide (GeO) platelets.
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exfoliation of GO prior to incorporation into a polymer matrix.
Solvent-based exfoliation and thermal exfoliation techniques have
emerged as two preferred routes for this step. In the former route,
the hydrophilic nature and increased interlayer spacing of GO
(relative to graphite) facilitates direct exfoliation intowater assisted
by mechanical exfoliation, such as ultrasonication and/or stirring,
at concentrations up to 3 mg/ml, forming colloidal suspensions of
‘graphene oxide’ (that we define with the acronym ‘GeO’) [11].
Fig. 1 illustrates the structural difference between layered GO and
exfoliated GeO platelets. Zeta potential measurements indicate
that these suspensions are electrostatically stabilized by negative
charges, possibly from the carboxylate groups that are believed to
decorate the periphery of the lamellae [11]. Suspensions produced
by sonication of GO are found, by atomic force microscopy (AFM)
(when deposited onto various substrates), to consist primarily of
single-layer GeO platelets [47,48] (Fig. 2); however, the sonication
treatment fragments the platelets, reducing their lateral dimensions
by over an order of magnitude down to a few hundred nanometers
[8,49]. Mechanical stirring is an alternative route to produce single-
layer GeO platelets of much larger lateral dimensions and aspect
ratios when compared with GeO platelets produced by sonication.
However, it has been reported that magnetic stirring exfoliates GO
very slowly and in low yield [8]. GO can also be exfoliated to GeO
platelets of similar aspect ratio to sonicated platelets (at lower
concentrations below 0.5 mg/ml) via sonication in polar organic
solvents such as DMF, PC, and NMP [50,51].

GO can also be exfoliated and reduced by rapid heating [45],
yielding thermally expanded graphite oxide, or TEGO (also referred
to commonly in the literature as functionalized graphene sheets, or
FGS) [52,53]. In this exfoliation method, the dry powder is typically
charged into a quartz tube (or other similar vessel) and subjected to
thermal shock (i.e., exposure to a sudden jump in temperature), by
heating to temperatures such as 400 �C [45] or higher [52] at high
rates such as 2000 �C/min [52]. The rapid heating is believed to
cause various small molecule species (e.g., CO, CO2, water) to evolve
and internal pressure to increase, forcing the sheets apart and
yielding a dry, high-surface area material with a low bulk density
(Fig. 2) [53]. Measurements of the surface area of TEGO by the
Brunauer, Emmett, and Teller (BET) method [54] (which measures
surface area based on isothermal gas adsorption/desorption) were
found to range from 700 to 1500 m2/g [52], compared with
a theoretical limit of approximately 2600 m2/g for graphene [55].
Also, GO can be exfoliated (and reduced) by microwave radiation,
yielding a related material referred to as microwave-expanded
graphite oxide, or MEGO [56]. Importantly, while GeO platelets are
likely to maintain the chemical structure of GO, TEGO and MEGO
are reduced (reported C:O ratios of 10:1 [52] and 3:1 [56], respec-
tively), and are electrically conductive (reported values of roughly
2000 S/m [52] for TEGO [52] and 270 S/m for MEGO [56]). TEGO
was reported to contain residual oxygen (in the form of carbonyl
and ether groups) and adopted a crumpled accordion-like
morphology, with lateral dimensions of a few hundred nanometers,
similar to GeO platelets exfoliated by sonication [52,57].

2.5. Chemical reduction and functionalization of GeO platelets

The physical properties of GeO platelets are considerably
different from that of graphene. GeO platelets can be chemically
reduced to generate a material that resembles pristine graphene,
using reducing agents such as hydrazine monohydrate or sodium
borohydride [11]. Chemically reduced GeO platelets (henceforth,
wewill use theacronymRGeO)canexhibit C:O ratiosof over10:1 [8]
and retain some of the functionality originally present on the GeO
platelets [11,58]. Recently, it was reported that GO or GeO platelets
may be used to catalyze the oxidation of a variety of benzylic and
aliphatic alcohols [59], as well as various carbonecarbon bond
forming reactions [60],while reducingGOaswell asGeOplatelets in
the process. The products recovered after reduction by benzyl
alcohol were reported to exhibit high C:O ratios (up to 29.9:1) and
high electrical conductivities (up to 4600 S/m) [61]. Other reduction



Fig. 2. (a, b) Non-contact AFM scans of graphene oxide (GeO) deposited on mica reveal the presence of single layers obtained from exfoliation in water via sonication. The wrinkled
structure of thermally expanded GO (TEGO) is illustrated in this transmission electron micrograph (c) and scanning electron micrograph (d) ((a) and (b) were adapted from Ref. [64],
(c) and (d) were adapted from Ref. [53]).
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methods using environmentally friendly reductants, such as tryp-
tophan and ascorbic acid, have been reported [62,63].

This reduction process can cause agglomeration of the platelets
[64] (reducing accessible surface area) unless prior steps are taken
to stabilize the suspension. Adjusting the pH of the suspension to
increase the (negative) zeta potential of the sheets or the
adsorption of polymers on the platelet surface are both effective
routes to stabilizing aqueous suspensions of RGeO platelets
[65,66]. Stable suspensions of RGeO platelets in organic solvents
have also been achieved. One approach to these suspensions is
progressive dilution of an aqueous suspension of GeO platelets
with an organic solventdwith one possible route involving
hydrazine in DMF:water (9:1 v/v) and further dilution in DMF to
yield a stable suspension of RGeO platelets in 99% DMF [46]. Two-
phase extraction of RGeO platelets from water into various
organic solvents may be facilitated by end-functional polymers
dissolved in the organic phase, which adsorb onto the platelets
and help disperse the platelets in the solvent [67]. Freeze drying of
aqueous RGeO dispersions has been reported to facilitate the re-
dispersion of the RGeO platelets into organic solvents such as
DMF [68]. Alternatively, one may avoid the use of water altogether,
as stable dispersions of RGeO platelets in DMF and NMP have also
been reported using dimethylhydrazine as the reductant [69]. For
composites processed in solution, chemical reduction of GeO
platelets in the polymer solution (provided the polymer is stable
to the reaction conditions) may prevent the precipitation of the
RGeO platelets from the solvent, as the polymer can maintain the
dispersion of RGeO platelets [55].
While the most commonly employed reaction of GeO is its
reduction to yield electrically conductive RGeO, a variety of other
chemical transformations can be carried out at its oxygen-based
functional groups, which are covered elsewhere [8]. Both covalent
and non-covalent functionalization of GeO platelets has been
reported to generate stable dispersions of chemically modified
graphene (CMG) platelets in organic solvents and also to enhance
their compatibility with various polymer matrices. Among others,
reactions using amines [70e72] and isocyanates [73] have been
reported for small molecule functionalization of GeO platelets
because of the facility of the reactions, and the ability to react in
multipleways (e.g., amidations, nucleophilic epoxide ring-openings,
carbamate formation, etc.) However, covalent functionalization of
GeO platelets could adversely affect the electrical conductivity of
the platelets as these functionalizations disrupt (or retain the
disruption already present in) the sp2-hybridized network required
for good electron/hole conduction [74]. Non-covalent functionali-
zation of RGeO platelets via, for example, pep stacking could
minimizedisruptionof the conductive, conjugated structure [75,76].

3. Preparation of graphene-based polymer nanocomposites

3.1. Overview and historical perspective

The earliest reports on polymer composites with exfoliated
graphitefillers emerged from studies on the intercalation chemistry
of GICs. In 1958, it was discovered that alkali metal-GICs could
initiate the polymerization of ethylene [77], and subsequently, alkali
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metal-GICs were found to initiate polymerization of other mono-
mers such as styrene, methyl methacrylate, and isoprene [78,79].
Early reports focused on the characterization of the polymer
produced from these reactions; it was decades later before the
observation was reported that alkali metal-GIC-initiated polymeri-
zation could exfoliate the layers of the graphite host [37,80].
Building on his own work on the exfoliation of graphite, Bunnell
proposed the production of polymer nanocomposites incorporating
“as thin as possible” GNPs (derived from GICs exfoliated either by
shear grinding or thermal treatment) as fillers in a 1991 patent [81],
where he suggested that with “10 vol% inclusion of graphite flakes
in.polyethylene or polypropylene, the stiffness of the finished
product will approach that of aluminum.” However, it was not until
2000 that a detailed study of the morphology and properties of an
exfoliated graphite nanocomposite was published, which reported
dispersed platelets of approximately 10 nm thickness, produced by
exfoliation of EG due to the in situ polymerization of caprolactam
[82]. This and subsequent studies have reported tremendous
property improvements versus conventional polymer composites
based on micron-scale fillers such as untreated flake graphite or
carbon black (CB) [83e87]. For instance, much lower electrical
percolation thresholds have been reported with GNP fillers versus
CB: 8wt% for CB/PMMA [88] and 9wt% for CB/Nylon [89], compared
with 1 wt% for GNP/PMMA [86] and 1.8 wt% for GNP/Nylon [82].

As with GICs, GO can be intercalated by various monomers, and
subsequent polymerization has been reported to delaminate the
layers [90]; however, it has also been reported that polymers can be
directly intercalated into GO [91e93]. Hydrazine and electro-
chemical reduction of layered GO/polyelectrolyte films was used to
generate electrically conductive polymer composites in 1996 [94],
but it was nearly ten years later that an electrically conductive poly
(styrene) composite was prepared by using well-dispersed,
monolayer CMG fillers [55], stimulating an intense research effort
on polymer composites with dispersed CMG platelets (and other
GO-derived materials such as TEGO) as fillers.

In recent years, a variety of processing routes have been repor-
ted for dispersing both GNP and GO-derived fillers into polymer
matrices. Many of these procedures are similar to those used for
other nanocomposite systems [95], although some of these tech-
niques have been applied uniquely to graphene-based composites.
Among other factors, the nature of the bonding interaction at the
interface between the filler and matrix has significant implications
for the final composite properties, and most dispersion methods
produce composites that are non-covalent assemblies where the
polymer matrix and the filler interact through relatively weak
dispersive forces. However, there is a growing research focus on
introducing covalent linkages between graphene-based filler and
the supporting polymer to promote stronger interfacial bonding, as
will be illustrated in the following sections.

3.2. Non-covalent dispersion methods: solution and melt mixing

Solution-based methods generally involve the mixing of
colloidal suspensions of GeO platelets or other graphene-based
materials with the desired polymer, either itself already in solution
or by dissolving in the polymer in the suspension of GeO platelets,
by simple stirring or shear mixing. The resulting suspension can
then be precipitated using a non-solvent for the polymer, causing
the polymer chains to encapsulate the filler upon precipitation. The
precipitated composite can then be extracted, dried, and further
processed for testing and application. Alternatively, the suspension
can be directly cast into a mold and the solvent removed. However,
this latter technique can potentially lead to aggregation of the filler
in the composite, which may be detrimental to composite prop-
erties [95].
Solution mixing has been widely reported in the literature, as
CMG platelets can often be processed in either water or organic
solvents. This approach has been used for incorporating GO-
derived fillers into a variety of polymers, including: PS [55,96],
polycarbonate [97], polyacrylamide [98], polyimides [99], and poly
(methyl methacrylate) (PMMA) [7,100]. The facile production of
aqueous GeO platelet suspensions via sonication makes this
technique particularly appealing for water-soluble polymers such
as poly(vinyl alcohol) (PVA) [100e105] and poly(allylamine),
composites of which can be produced via simple filtration
[104,106]. In addition, vacuum filtration of GeO/PVA and GeO/
PMMA solutions has been used to make composite films across
a broad range of loadings [107], which have a layered morphology
similar to that of ‘graphene oxide paper’ [44].

While some restacking of the platelets may be possible, for
solution mixing methods the dispersion of platelets in the
composite is largely governed by the level of exfoliation of the
platelets achieved prior to, or during, mixing. Thus, solution mixing
offers a potentially simple route to dispersing single-layer CMG
platelets into a polymer matrix. As previously mentioned, small
molecule functionalization and grafting-to/from methods have
been reported to achieve stable CMG platelet suspensions of highly
exfoliated platelets prior to mixing with the polymer host. Lyoph-
ilization methods [68], phase transfer techniques [67,108], and
surfactants [109] have all been employed to facilitate solution
mixing of graphene-based composites. However, the use of
surfactants may affect composite properties; for instance, surfac-
tants have been reported to increase the matrixefiller interfacial
thermal resistance in SWNT/polymer composites, attenuating the
thermal conductivity enhancement relative to SWNTs that were
processed without surfactants [110].

Inmeltmixing, a polymermelt andfiller (in a driedpowder form)
are mixed under high shear conditions. Relative to solution mixing,
melt mixing is often considered more economical (because no
solvent is used) and ismore compatiblewithmanycurrent industrial
practices [111]; however, studies suggest that, to date, suchmethods
do not provide the same level of dispersion of the filler as solvent
mixing or in situ polymerizationmethods [26]. Notably, nomeans of
dispersing single- or few-layer GO-derived fillers via melt mixing
without prior exfoliation have been reported akin to layered silicate
fillers (although, with a few exceptions, direct exfoliation of layered
silicates inmeltmixing requires prior treatmentwith a surfactant to
increase miscibility with the polymer host [112]). Several studies
report melt mixing using TEGO [113] and GNPs [114e117] as filler,
where these materials could be fed directly into an extruder and
dispersed into a polymer matrix without the use of any solvents or
surfactants. Notably, the very low bulk density (approximately
0.004 g/cm3 based on a volumetric expansion of 500 [52]) of TEGO
makes handling of the dry powders difficult and poses a processing
challenge (such as for feeding into processing equipment such as
a melt extruder), and in one study a solution mixing process was
used to disperse the TEGO in the polymer prior to compounding in
order to circumvent this issue [118]. In a different approach to ‘pre-
mix’ the polymer and filler prior to mixing, GNPs were sonicated in
a non-solvent, such that polymer particles were uniformly coated
with GNPs prior to melt mixing, which was reported to lower the
electrical percolation threshold of a GNP/polypropylene composite
[119]. Notably, for composites incorporating GeO platelets as filler,
melt processing and molding operations may cause substantial
reduction of the platelets due to their thermal instability [120].

3.3. Non-covalent in situ polymerization

In situ polymerization methods for production of polymer
composites generally involve mixing of filler in neat monomer
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(or multiple monomers), or a solution of monomer, followed by
polymerization in the presence of the dispersed filler. These efforts
are often followed with precipitation/extraction or solution casting
to generate samples for testing. Many reports using in situ poly-
merization methods have produced composites with covalent
linkages between the matrix and filler, and many examples will be
given in the following sections. However, in situ polymerization has
also been used to produce non-covalent composites of a variety of
polymers, such as poly(ethylene) [121], PMMA [122], and poly
(pyrrole) [123,124].

Unlike what has been reported for solution mixing methods,
a high level of dispersion of graphene-based filler has been ach-
ieved via in situ polymerization without a prior exfoliation step. In
some reports, monomer is intercalated between the layers of
graphite or GO, followed by polymerization to separate the layers.
This technique, sometimes referred to as intercalation polymeri-
zation, has been widely investigated for nanoclay/polymer
composites [112], and has been also applied to GNP and GO-derived
polymer composites. For instance, in situ polymerization methods
have been used to exfoliate GICs and EG to generate dispersions of
GNPs in the matrix. Graphite can be intercalated by an alkali metal
and a monomer (e.g., isoprene or styrene), followed by polymeri-
zation initiated by the negatively charged graphene sheets [37].
However, it is not known if the polymerization takes place on the
surface of the GIC or between layers [37]. In any case, in situ poly-
merization in the presence of GICs has been reported to exfoliate
the GIC into thin platelets [80], and this approach has also been
reported to exfoliate EG [82,84,85], although exfoliation to afford
isolated monolayers has yet to be achieved with this approach. In
a recent study, metallocene-mediated polymerization of poly
(ethylene) was conducted in the presence of dispersed GNPs, in an
attempt to grow PE chains between the graphitic layers. Although
the polymerization may have further exfoliated the GNPs, mono-
layer graphene platelets were not observed; TEM observations
showed platelets down to 3.6 nm thickness (consistent with stacks
of approximately 10 layers) with relatively low aspect ratios of
about 30 dispersed in the PE matrix [121].

The larger interlayer spacing of GO (between about 0.6 and
0.8 nm depending on relative humidity) compared to graphite
(0.34 nm) facilitates intercalation by both monomers and polymers
[28]. Additionally, the polar functional groups of GO promote direct
intercalation of hydrophilic molecules, with the interlayer spacing
increasing with uptake of monomer or polymer (e.g., increasing up
Fig. 3. Synthesis of surface-attached poly(styrene), poly(methyl methacrylate), or poly(buty
(a-bromoisobutyryl bromide) (adapted from Ref. [126]).
to 2.2 nm for the intercalation of PVA into GO) [93]. The interlayer
spacing of vinyl acetate-intercalated GO was reported to decrease
after polymerization [125], although the interlayer spacing still
remains significantly higher than unmodified GO. In situ polymer-
ization has been demonstrated for several GO composite systems,
including poly(vinyl acetate) [125], and poly(aniline) (PANI) [90].
X-ray diffraction studies on these systems suggested an intercalated
morphology where the individual graphene oxide sheets remain
loosely stacked in the matrix with polymer intercalated between
lamellae. However, the use of a macroinitiator to intercalate GO
prior to in situ polymerization of methyl methacrylate was recently
reported to improve the filler dispersion in a GO/PMMA composite.
X-ray diffraction revealed an increased interlayer spacing of GO
(from 0.64 nm to 0.8 nm) suggesting an intercalated morphology
for GO/PMMA composites produced by conventional free radical
polymerization. However, composites polymerized with the mac-
roinitiator showed improved reinforcement and no diffraction peak
from GO, suggesting a more exfoliated morphology [122].

3.4. Graphene-based composites with covalent bonds between
matrix and filler

Given the relative sparseness of usable functionality on pure
carbon materials, forming covalent linkages between the polymer
matrix and such surfaces (when used as a composite filler) may be
quite challenging. However, GeO platelets contain a surface rich in
reactive functional groups, and a number of approaches for intro-
ducing covalent bonds between GeO platelets and polymers have
been demonstrated. For instance, both grafting-from and grafting-
to approaches have been used for the attachment of a broad range
of polymers.

In one recent example of a grafting-from approach [126], atom
transfer radical polymerization (ATRP) initiators were covalently
attached via esterificationwith the alcohols present across the GeO
platelet surface. Upon adding an ATRP-compatible monomer (e.g.,
styrene, butylacrylate, or methyl methacrylate) and a source of CuI,
polymer brushes were grown in a controlled fashion from the
surface (Fig. 3). The ester linkage between the polymer and the
CMG platelet surface was then saponified using aqueous NaOH,
allowing for characterization of the polymers independent of the
carbon material. Similar studies using such ATRP-based methods
have reported an increased scope of monomer reactivity [96,127],
as well as the incorporation of these polymer-grafted CMG platelets
lacrylate) via ATRP following functionalization of GeO platelets with an ATRP initiator
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into a polymer matrix via solution mixing, reportedly leading to
improvements in mechanical and thermal properties versus the
neat matrix polymer [96,128,129]. Recent efforts have focused on
correlation of thermal properties of these composites as a function
of grafting density and polymer molecular weight [130].

These grafting-based approaches have also been used in
conjunction with heterogeneous blending of polymer-functional-
ized GeO in matrices composed of conducting polymers [131],
including poly(3-hexylthiophene) (P3HT) and a triphenylamine-
based poly(azomethine) (see Fig. 4) [132,133]. Both polymers have
been widely studied as conducting materials for use in photovol-
taics and data storage devices, among other applications, and the
incorporation of GeO platelets or other GO-derived materials into
these devices may enhance the optoelectronic properties of the
device, as well as enhance the device’s mechanical and/or thermal
properties. These two examples are good case studies for divergent
pathways to polymer-functionalized GeO platelet composites: in
the P3HT system, poly(t-butylacrylate) was grown via ATRP from
the surface of GeO platelets (grafting-from, where a polymer is
grown from a heterogeneous surface), and blended with pre-
formed P3HT for the formation of organic electronic memory
devices. Conversely, the poly(azomethine) was attached using the
amino functional groups that were pendant to the end groups of
the polymer (Fig. 4; grafting-to), possibly through amide formation
with carboxylic acid groups present on the edges of GeO platelets.
However, the presence of other reactive sites (e.g., epoxides) may
make precise determination of the reactive site difficult [134].
Other reports of grafting-to approaches include reports of grafting
of azide-terminated poly(styrene) (PS) chains to the surface of
alkyne-functionalized GeO platelets via a CuI-catalyzed 1,3-dipolar
cycloaddition in an example of click chemistry [135], and grafting of
PVA to GeO platelets via carbodiimide-activated esterification
[136]. The choice between using grafting-from or grafting-to
methodologies will likely depend on the polymer being formed and
which of the two approaches is more practical for the application
Fig. 4. Attachment of a triphenylamine-based poly(azomethine) (TPAPAM) to GO via
amidation chemistry, embodying a grafting-to approach (adapted from Ref. [133]).
under consideration. However, a grafting-to approach may lower
the grafting density of chains to the platelet surface [137], which
may in turn affect the dispersion of these polymer-grafted platelets
if dispersed into a polymer matrix [138].

For certain polymers, covalent bonding between the matrix and
GeO platelets may form during polymerization (on reaction with
the functional groups of GeO) without the need for prior func-
tionalization or controlled grafting methods. For an epoxy matrix
composite, curingwith an amine hardener may have resulted in the
incorporation of GeO platelets directly into the crosslinked
network [139], while for polyurethanes, TEGO was reported to
function as a chain extender by reacting with the isocyanate groups
of the monomer or prepolymer [26,140]. Ring-opening polymeri-
zation of caprolactam was reported to graft polyamide brushes to
GeO platelets via condensation reactions between the amine-
containing monomer and the carboxylic acid groups of the GeO
platelets, though increased loadings of filler were found to lower
the polymer molecular weight due to stoichiometric imbalance
during polymerization [141].

GeO platelets have also been utilized as a ZieglereNatta catalyst
support for the heterogeneous in situ polymerization of propylene.
Functionalization of GeO platelets with a Grignard reagent
(BuMgCl) served to immobilize TiCl4 on the GeO platelet surface
(as evidenced by IR spectroscopy, X-ray photoelectron (XPS) spec-
troscopy, and energy-dispersive X-ray (EDX) spectroscopy).
Subsequent initiation with AlEt3 was reported to afford high
molecular weight, isotactic poly(propylene) (Fig. 5). The resulting
composites showed a homogeneous dispersion of few-layer CMG
platelets, and exhibitedmoderate electrical conductivity (0.3 S/m at
4.9 wt%), with the authors noting that the GeO platelets were not
intentionally reduced [142].
3.5. Other methods for composite preparation

In addition to those described above, several other methods
have been reported for producing graphene-based composites.
Althoughmost of these procedures have been demonstrated on just
one composite system, many could potentially find use as general
approaches to composite fabrication. One such approach is the non-
covalent grafting of well-defined polymers to RGeO platelets via
pep interactions. For instance, the attachment of pyrene-termi-
nated poly(N-isopropylacrylamide) to RGeOwas recently reported;
the compositewas stated to retain the thermoresponsive properties
of the neat polymer [143]. This technique has since been extended
to various other polymers [144], suggesting that non-covalent
grafting of polymers to the surface of CMG platelets may provide
a versatile approach to producing graphene-based composites.
Moreover, such non-covalent composites may better preserve the
conjugated structure of graphene-based materials as compared
with covalent functionalization or grafting approaches, which may
benefit composite properties such as electrical conductivity.

Variants of typical in situ polymerization and solution mixing
methods may provide useful methods of dispersing graphene-
based fillers in a polymer matrix. For instance, emulsion polymer-
izations can be carried out in aqueous suspensions of GeO platelets
[145,146], suggesting a general approach for dispersion of CMG
platelets with latex-based polymers [147]. As previously
mentioned, lyophilization methods [68] or phase transfer tech-
niques [67,108] may offer general approaches to dispersing RGeO
platelets as filler in a polymer matrix. In one report, reduction of an
aqueous suspension of GeO platelets with hydrazine resulted in the
extraction of the hydrophobic RGeO platelets into an organic layer
(containing the dissolved polymer) and formation of a homoge-
neously dispersed nanocomposite [108].



Fig. 5. ZieglereNatta polymerization of propylene from the surface of GeO, which acts as a support for the growing polymer chains (adapted from Ref. [142]).
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A variety of other methods for composite production have been
reported. Attempts to exfoliate graphite directly via conventional
melt mixing techniques have not been successful to date [148].
However, solid state shear pulverization, which uses a twin screw
extruder to blend solid materials using shear, was reported to
exfoliate and disperse unmodified graphite directly into poly-
propylene, yielding nanocomposites with platelets having thick-
nesses of approximately 10 nm or less [149]. Other production
methods, such as layer-by-layer assembly of polymer composite
films [150] and backfilling of GeO platelet aerogel structures
(produced by freeze drying aqueous GeO suspensions) with poly-
mer may provide means to produce nanocomposites with defined
morphologies [151]. In one study, directional freeze drying of an
aqueous GeO platelets/PVA platelets mixture was reported to yield
nanocomposites with a three-dimensional macroporous structure
and a surface area of approximately 37 m2/g [152].

4. Morphology and crystallization behavior

As property enhancements correlate strongly with nano-
compositemicrostructure, effective characterization ofmorphology
is important to establishing structureeproperty relationships for
these materials. For instance, TEM of microtomed thin sections of
the composite can provide direct observation of dispersed multi-
layer GNPs and graphene-based platelets; such thicker platelets
typically show adequate contrast against the polymer matrix to
be imaged without staining, whereas single-layer platelets may
be difficult to directly observe by TEM [26]. Compared with TEM,
Fig. 6. Schematic showing three morphological states, as originally suggested for layered
separated, (b) intercalated, (c) exfoliated (adapted from Ref. [23]).
wide-angle X-ray scattering (WAXS) can more rapidly provide
insight into the state of dispersion over a larger volume of
composite; however, since the scattering intensity varies with the
concentration of the scattering feature, some morphological infor-
mation may be missed [148].

Both graphite and GO, as the precursors to many graphene-
based materials, have a layered structure as do certain silicates
(e.g., montmorillonite) which have been widely investigated as
composite fillers [111]. Indeed, when dispersed into a polymer
matrix, both nanoclays and graphene-based platelets exhibit
similar states of dispersion depending upon factors such as the
processing technique and the affinity between the phases. More-
over, nanoclay fillers often exhibit comparable aspect ratios to
graphene-based fillers (up to 1000) [112], although fillers such as
TEGO often appear more crumpled on a local scale relative to
nanoclays [7]. Earlier studies on nanoclay-based composites have
suggested the existence of three general states of platelet dispersion
on short length scales: stacked, intercalated, or exfoliated, as shown
in Fig. 6. As similar morphologies have been observed in the liter-
ature on both GO-derived and GNP/polymer nanocomposites, we
thus suggest extension of this terminology to these systems.

TEM and WAXS studies are perhaps the two most common
means by which the state of dispersion can be assessed. Immisci-
bility of the phases and/or insufficient exfoliation of the graphite or
GO-derived filler prior to mixing with polymer can result in large
agglomerates consisting of stacked platelets when observed by
TEM, which may also be suggested by the presence of a diffraction
peak corresponding to the interlayer spacing of GO or graphite
silicate fillers, that are also possible with graphene-based nanocomposites: (a) phase
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[26,148,153]. Intercalated platelets retain a stacked structure but
with increased interlayer spacing (on the order of a few nanome-
ters), as evidenced by a shifted diffraction peak from that of
unmodified graphite or GO [154]. As will be discussed in the
following sections, high aspect ratio platelets are generally found to
be beneficial to the mechanical, electrical, and thermal properties
of a composite material. An exfoliated morphology of GO or GICs is
thus usually desired as it provides higher aspect ratio platelets
relative to stacked or intercalated platelets [155]. This state of
dispersion may be suggested by a scattering profile corresponding
to that of the neat matrix polymer; however, multi-layer interca-
lated platelets could actually be dispersed (as observed by TEM)
despite the absence of a diffraction peak. Conversely, quantitative
evaluation of platelet exfoliation and geometry via TEM poses its
own set of challenges (such as sampling sufficient number of filler
particles at such high magnification and the possible influence of
TEM sample preparation on apparent level of dispersion).

WhileWAXSorTEMcanbeused to assessdispersionof individual
platelets, neither can detect larger-scale morphological features
[111,156]. Small-angle X-ray scattering (SAXS) and ultra-small-angle
X-ray scattering (USAXS)measurements have been used on avariety
of nanocomposite systems to detect the presence of fractal-like
aggregates of filler at length scales beyond that of individual parti-
cles, although only limited information of this nature exists on GO-
derivedpolymer composites [148], perhapsdue inpart to the limited
accessibilityof such techniques [111].However, TEGO/polycarbonate
nanocomposites were recently examined by small-angle neutron
scattering. Thesemeasurementswere used to quantify dispersion of
the platelets (based on an idealized platelet model developed for
montmorillonite), which suggested a decreasing effective aspect
ratio with increased loading of TEGO and increased aggregation of
filler at higher loadings [157]. Finally, cross-sectional analysis with
scanning electron microscopy (SEM) has been used to evaluate
dispersion of graphene-based filler [55] as well as to examine the
surface for filler pull-out, possibly giving insight into the strength of
interfacial adhesion [7,158]. However, care must be exercised when
identifying the dispersed filler; moreover, SEM generally cannot
resolve the degree of exfoliation of the platelets and is therefore best
utilized as a complementary technique.

Exfoliated graphene-based materials are often compliant, and
when dispersed in a polymer matrix are typically not observed as
rigid disks, but rather as bent or crumpled platelets. Moreover,
graphene has been shown to ‘scroll up’ irreversibly when its
polymer host is heated above its glass transition temperature (Tg)
[159]. Compatibility between the polymer matrix and the CMG
platelets also can reportedly affect the platelets’ conformation
[160]. If the platelets’ affinity for the matrix is high, then the
particles may adopt a more extended conformation. However, the
platelets may gradually adopt a more crumpled conformation as
the affinity between the components decreases [160]. The tech-
nique used to process the composites can affect the microstructure,
as shown in Fig. 7: randomly oriented, exfoliated platelets may be
favored when composites are processed by solution mixing or in
situ polymerization, compared with a more oriented and interca-
lated/stacked structure for composites produced by melt mixing,
possibly due to restacking of the platelets [26]. The processing
technique can also induce orientation of the dispersed platelets,
which can be beneficial for reinforcement [161] but may raise the
percolation threshold [153]. For composites processed by injection
molding, platelets may be more randomly oriented near the inte-
rior of the specimen, with platelets aligned parallel to the surface
[153]. By comparison, sufficiently thin, compression molded spec-
imens [153] or solution-cast films [99] may have aligned platelets
along the entire cross section. The filler type may also affect the
orientation of the dispersed platelets. As shown in Fig. 8, solution-
cast TEGO/Nafion composites exhibited a randomly oriented
dispersion of TEGO platelets, whereas solution mixing of Nafion
with GeO platelets, followed by hydrazine reduction, produced
a highly oriented, uniform dispersion of RGeO platelets (it was
stated that the reduction did not affect the orientation) [162]. The
consequences of platelet conformations and orientations on
composite properties will be discussed in more detail below.

For semicrystalline polymers, incorporation of a nanofiller can
lead to an altered degree of crystallinity, crystallite size, spherulite
structure, and may even induce crystallization of otherwise amor-
phous polymers [163,164]. Depending on the identity of the poly-
mer, incorporation of graphene-based filler has been reported to
cause increases [101,103,165,166], decreases [167], or no change
[162] in the degree of crystallinity of a semicrystalline polymer
matrix; changes in the polymermelting temperature have also been
reported [168]. Thepresence of graphene-basednanofillersmayalso
affect the rate of crystallization, by serving as a heterogeneous
nucleation site for crystal growth [163]. Additionally, GNPs have
been reported to accelerate the crystallite growth kinetics of poly
(L-lactide), though the effect was found to be less pronounced than
with carbon nanotubes (CNTs) [164].

Aside from crystallization, incorporation of graphene-based
filler can impart other changes in the morphology of the polymer
matrix or composite structure. The morphology of a self-assem-
bling triblock copolymer, poly(styrene-block-isoprene-block-
styrene), was stated to be affected by the presence of TEGO filler:
AFM and electrostatic force microscopy (EFM) studies on approxi-
mately 300 nm-thick films prepared by spin coating revealed loss of
long range order in the domains, with the TEGO preferentially
dispersed in the PS blocks where they adopted a folded confor-
mation [169]. Highly aligned GeO platelets dispersed in Nafionmay
have directed the orientation of the ionic domains of Nafion parallel
to the surfaces of solution-cast films of the composites [162]. For
electrospun graphene-based composites, a poor dispersion of CMG
platelets has been reported to induce formation of bead-like
structures in the fibers [170].

5. Rheological and viscoelastic properties

Study of nanocomposite rheology is important for the under-
standing of processing operations but it may also be used to
examine nanocomposite microstructure [171e173]. In linear
viscoelastic rheology measurements, the low-frequency moduli
may provide information on the platelet dispersion; for instance,
the presence of a low-frequency storage modulus (G0) plateau is
indicative of rheological percolation due to formation of a ‘solid-
like’ elastic network of filler [174]; an example is illustrated in Fig. 9
for a TEGO/polycarbonate composite. The onset of a frequency-
independent G0 may also coincide with other phenomena, such as
the loading at which a large decrease in the linear viscoelastic strain
limit is observed [153]. The percolation threshold determined from
such measurements can be used to roughly quantify dispersion in
terms of an equivalent aspect ratio of idealized platelets [148,153].
Generally, G0 has been found to increase across all frequencies with
dispersion of rigid nanoplatelets, consistent with reinforcement. In
addition to melt rheology, changes in the dynamic moduli have
been studied in several composite systems with GNP and GO-
derived fillers using dynamic mechanical analysis (DMA) temper-
ature scans [175e178].

As previously mentioned, orientation of CMG platelets has been
stated to affect the onset of rheological percolation, as randomly
oriented, well-dispersed platelets would be expected to percolate
at lower concentrations than aligned, well-dispersed platelets. One
route to promoting the randomization of filler orientation is
thermal annealing above the Tg of the polymer. As Fig. 9 shows, the



Fig. 7. TEM images illustrating the morphological differences in composites with a thermoplastic poly(urethane) matrix filled with (a) unexfoliated graphite in a stacked
morphology, and (b) TEGO, processed by melt mixing. Images (c) and (d) show TEGO/polyurethane composites produced by solution blending and in situ polymerization,
respectively, illustrating a more exfoliated state of dispersion (adapted from Ref. [26]).
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rheological percolation threshold of a TEGO/polycarbonate
composite was lowered from 1.5 vol% to 0.5 vol% by annealing for
several hours [153]. Moreover, orientation of the platelets (induced
by high strain) lowered the melt elasticity, while subsequent
annealing steps were reported to restore the solid-like behavior of
the composite melt. Hence, annealing of the composites following
molding operations may provide a route to improve properties that
benefit from randomly oriented (rather than aligned) platelets,
such as the percolation threshold for electrical conductivity.

Lower composite solution viscosities have been reported with
GNP fillers compared to CNTs [179], whichmay be advantageous for
solution-based processing techniques, such as commercial molding
processes for epoxy composite thermal interface materials. It has
been suggested that at sufficiently high loadings, entanglement of
CNTs in the matrix could result in undesirably large viscosity
increases, whereas platelets can more easily slide past one another,
Fig. 8. TEM images contrasting (a) the preferential orientation of RGeO platelets parallel to
TEGO platelets in Nafion (scale bars ¼ 2 mm; adapted from Ref. [162]).
thus moderating the viscosity increase [28]. Nonetheless, the
solution viscosities of CMG/epoxy composites have been found to
increase substantially with loading of filler, which could inhibit the
formation of the crosslinked epoxy network [180]. It has been
reported that functionalization to enhance compatibility of the
filler with the polymer matrix may help to moderate the composite
solution viscosity with increased loading [175]. Notably, GO
composite solutions may exhibit electro-rheological properties,
a characteristic of insulating colloidal particles in insulating media
where increases in solution viscosity due to morphological changes
can be observed upon application of an electric field [181].

6. Changes in the glass transition temperature

Low loadings of CMG fillers have been reported to cause large
shifts in the Tgof thehost polymer. This behaviorhas been explained,
the surface of a solution-cast RGeO/Nafion and (b) the randomly oriented dispersion of



Fig. 9. Dynamic frequency sweeps of melt-blended TEGO/polycarbonate composite melts, illustrating the changes in low-frequency moduli of the composites after annealing times
of (a) 10,000 s and (b) 20,000 s (adapted from Ref. [153]).
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in general, by the altered mobility of polymer chains at an interface
[163,182,183]. Fundamentally, an attractive polymerematrix inter-
face could restrict the chain mobility and thus tend to raise the Tg,
whereas free surfaces and repulsive interfaces enhance chain
mobility and lower the Tg; thesemobility effects have been found to
propagate away from the interface and gradually taper off with
distance [184]. Depending on the strength of the interaction
between the polymer and filler, this ‘interphase’ region of polymer
chains with altered mobility may extend tens or even hundreds of
nanometers away from the interface [185], potentially creating an
enormous volume of polymer with significantly altered viscoelastic
behavior. Formation of a network of interphase polymer may thus
manifest large increases in the nanocomposite Tg at low loadings
[186].

A striking example of this behavior was reported in nano-
composites of TEGO and poly(acrylonitrile) (PAN), where a shift in
Tg of 40 �C at only 0.05 wt% loading of TEGO was observed [7]. In
addition to the residual hydroxyl groups present on the TEGO
surfaces promoting a positive Tg shift due to favorable non-covalent
interactions with the polymer, the nanoscale roughness of the
TEGO sheets was suggested to accentuate the effect [7]. Tg shifts
have also been observed for CMG/polymer nanocomposites where
the polymer is covalently bound to the platelet surface. In one
report, GeOwith PVA chains grafted to the surface via esterification
was incorporated into a bulk PVA matrix, and the resulting
composites showed a 35 �C shift in Tg [187]. Other reports on CMG
composites with covalent matrixefiller interfaces have shown
smaller but significant Tg shifts [96,188]; for such composites, it has
been reported that higher grafting densities and lower molecular
weight of grafted chains correlated with higher Tg values [130]. In
general, Tg shifts over 20 �C are unusualdsome studies have
reported maximum Tg shifts between 10 and 20 �C [165,175,189],
but many are lower still. Decreases in Tg have also been noted in
composites which otherwise showed improvements in stiffness
and electrical conductivity [157].
Fig. 10. Conductivity of composites of PS filled with phenyl isocyanate-functionalized
RG-O versus filler volume fraction, illustrating the power-law dependence of
conductivity above the percolation threshold fc (adapted from Ref. [55]).
7. Electrical percolation and conductivity

One of the most promising aspects of graphene-based materials
is their potential for use in device and other electronics applica-
tions, owing to their high electrical conductivity. ‘Paper’ materials
made of stacked RGeO platelets have been reported to exhibit
conductivities as high as 35,100 S/m [190], and such highly
conductive materials, when used as fillers, may increase the bulk
conductivity of an otherwise insulating polymer (e.g., poly(styrene)
[55], poly(ethylene terephthalate) [113], etc.) by several orders of
magnitude. In order for a nanocomposite with an insulating matrix
to be electrically conductive, the concentration of the conducting
filler must be above the electrical percolation threshold, where
a conductive network of filler particles is formed [191]. As shown in
Fig. 10, once electrical percolation has been achieved, the increase
in conductivity as a function of filler loading can be modeled by
a simple power-law expression

sc ¼ sf ðf� fcÞt

where f is the filler volume fraction, fc is the percolation threshold,
sf is the filler conductivity, s is the composite conductivity, and t is
a scaling exponent. The filler need not be in direct contact for
current flow; rather, conduction can take place via tunneling
between thin polymer layers surrounding the filler particles, and
this tunneling resistance is said to be the limiting factor in the
composite conductivity [192,193]. Interestingly, recent work on
TEGO/poly(vinylidene fluoride) (PVDF) nanocomposites showed
a decrease in composite resistivity with increasing temperature
(a negative temperature coefficient, or NTC, effect), which may
suggest that for this system that the interplatelet contact resistance
dominates over the tunneling resistance [177].

The electrical percolation thresholds achieved with graphene-
based nanocomposites are often compared with those reported
for CNT/polymer composites. Comparison of the sampling of
percolation thresholds shown in Table 1 (representing the lowest
threshold values reported to date) with comprehensive data



Table 1
Values of the lowest electrical percolation thresholds and maximum electrical conductivities which have been reported in the literature for GNP and graphene-based
nanocomposites for selected polymer matrices.

Matrix polymer Filler type Lowest percolation threshold
reported (wt%)

Ref. Filler type Maximum conductivity (S/cm)a Ref.

Epoxy Funct. EG 1.0 [74] RGeO w0.05 (19 wt%) [208]
Nylon-6 GO 0.5 [168] GO 8.4 � 10�3 (1.8 wt%) [168]
Poly(aniline) (doped) GNP 0.7 [298] GNP 522 (10 wt%) [298]
Polycarbonate TEGO 0.3 [157] TEGO 0.5 (4.8 wt%) [157]
Poly(ethylene) RGeO 0.2 [198] RGeO 0.1 (1.3 wt%) [198]
Poly(ethylene terephthalate) TEGO 1.0 [113] TEGO 0.02 (6.5 wt%) [113]
Poly(methyl methacrylate) GNP 0.7 [84] GNP w1 (10 wt%) [84]
Poly(propylene) GNP 0.7 [119] GNP 5 � 10�3 (10 wt%) [119]
Poly(styrene) Funct. GeO 0.2 [55] RGeO 0.15 (2 wt%) [147]
Poly(vinyl alcohol) RGeO 0.5 [165] RGeO 0.1 (7.5 wt%) [165]
Poly(vinyl chloride) GNP 1.4 [299] GNP 0.06 (14.8 wt%) [299]
Poly(vinylidene fluoride) TEGO 2.0 [177] TEGO 3 � 10�4 (4 wt%) [177]
Polyurethaneb TEGO 0.6 [26] TEGO N/A (3.6 wt%) [26]

a When loading was reported in volume percent, the density of bulk graphite (2.2 g/cm3) was used to convert to a weight percent loading.
b Minimum resistance reported: w200 U.
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compiled on CNT-based nanocomposites [194] reveals that the
lowest values reported for GNP- and graphene-based nano-
composites are, in general, somewhat higher than those reported
for CNT-based composites. In particular, CNT/epoxy nano-
composites have been reported with electrical percolation thresh-
olds as low as approximately 0.0025 wt% [195,196], far lower than
has been reported for any graphene-based nanocomposite. These
exceptional results have been ascribed to ‘kinetic percolation’ that
most notably arises in composites with a low viscosity during
processing (e.g., pre-cured epoxy), which can induce formation of
a flocculated network of CNTs that electrically percolates at a much
lower loading than possible with well-dispersed, randomly
oriented fillers [156,197]. While comparison of the electrical
percolation thresholds of composites is often valid, one must
consider the influence of the sample geometry used for the
conductivity measurements. For instance, a sufficiently long nano-
tube may be able to bridge between the electrodes for a sufficiently
small test specimen, potentially suggesting a low percolation
threshold which would otherwise not exist in a bulk composite
specimen of much larger size.

It has been said that a high degree of dispersion may not
necessarily yield the lowest onset of electrical percolation [156], as
a sheath of polymer may coat the surfaces of well-dispersed filler
and prevent direct interparticle contact. Indeed, the lowest perco-
lation threshold achieved thus far for a graphene-based polymer
nanocomposite (approximately 0.15wt%; see Table 1) was observed
when the filler was not homogeneously dispersed in the polymer
matrix, but rather segregated from the matrix to form a conductive
network [198]. In this study, poly(ethylene) particles were mixed
with GeO in a water/ethanol mixture and were reduced using
hydrazine, causing agglomeration of the RGeO and subsequent
deposition onto the poly(ethylene) particles. This heterogeneous
system was then hot pressed to generate a composite with a segre-
gated, highly conducting network of RGeO filler [198]; however,
such a morphology could compromise the composite’s mechanical
properties due to the agglomeration of filler [24]. In a related
approach, an emulsion mixing method was used to coat poly-
carbonate microspheres with TEGO prior to compression molding
which lowered the percolation threshold by over 50% versus
a standard solution mixing method (to approximately 0.31 wt%,
from 0.84 wt%) [157]. TEM observations showed a uniform disper-
sion of TEGO in the solution-mixed composites, compared with
a segregated conductive network of TEGO in the emulsion-mixed
composites, perhaps due to the exclusion of TEGO from the micro-
spheres. Moreover, these composites (made by both dispersion
methods) showed improved mechanical properties [157].
Alignment of the filler also plays a major role in the onset of
electrical percolation: when the platelets are aligned in the matrix,
there are, at least at relatively low concentrations, fewer contacts
between them, and thus the percolation threshold would be
expected to increase [199]. Compression molded polycarbonate
and TEGO/polyester composites with aligned platelets were
reported to show an electrical percolation threshold roughly twice
that of annealed samples with randomly oriented platelets
[148,153], while in another study, injection molding was reported
to raise the percolation threshold over an order of magnitude
versus compression molding for a GNP/poly(propylene) composite
[119]. In general, the percolation threshold for electrical conduc-
tivity is often slightly higher than for rheological percolation, due to
the requirement for closer proximity between platelets for particle
tunneling (approximately 5 nm) for electrical percolation versus
bridging by the interphase, which may extend over tens of nano-
meters [32,185,200]. In addition to lowering the percolation
threshold, slight aggregation of the conductive filler may also
improve the maximum electrical conductivities of these compos-
ites [194,201]. A combination of conductive carbon fillers may also
be beneficial for lowering the electrical percolation threshold of
graphene-based nanocomposites [202].

The electrical percolation threshold also depends on the
intrinsic filler properties, and both theoretical models [203,204]
and experiments [205] suggest that the electrical conductivity of
a CMG/polymer nanocomposite depends strongly on the aspect
ratio of the platelets, with a higher aspect ratio translating to
a higher conductivity. Transistors produced using a phenyl isocya-
nate-functionalized RGeO/PS composite as the active layer
reportedly exhibited an increased carrier mobility for composites
containing larger-area platelets, suggesting that sheetesheet
junctions limit the composite conductivity [205] (Fig.11). Wrinkled,
folded, or otherwise non-ideal platelet conformations may also
raise the electrical percolation threshold [206].

Aside from being used to impart electrical conductivity to an
insulating polymer host, graphene-based fillers can also endow
other unique electrical properties to composites. The positive
temperature coefficient of resistivity of an RGeO/poly(ethylene)
composite was stated to be tunable by varying the time of an
isothermal heat treatment of the composite (at 180 �C), which was
thought to randomize the RGeO network and raise the resistivity,
thus raising the PTC [207]. Graphene-based composites are being
explored for their dielectric properties [208], and in one study
a large increase in the dielectric constant (up to 4.5 � 107

at 1000 Hz) was reported in a GNP/poly(vinylidene fluoride)
composite near the percolation threshold of the composite [209].



Fig. 11. (a) A transistor based off a phenyl isocyanate-functionalized RGeO/poly(styrene) composite shows different levels of (b) electrical conductivity and (c) carrier mobility
depending on the aspect ratio of the platelets. The average lateral dimensions for the three platelet sizes studied were 0.44 mm, 1.5 mm, and 22.4 mm for the light grey, black, and
medium grey points, respectively (adapted from Ref. [205]).
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Notably, a variety of device applications have also been explored for
graphene-based composites and these will be discussed in
a following section.
Fig. 12. Stressestrain plots of RGeO/poly(vinyl alcohol) composites as a function of
filler loading, showing the pronounced reinforcing effect of RGeO. Tensile strength and
elongation at break show opposing trends with increasing volume fraction of RGeO
(adapted from Ref. [102]).
8. Reinforcement and mechanical properties

The in-plane elastic modulus of pristine, defect-free graphene is
approximately 1.1 TPa and is the strongest material that has ever
been measured on a micron length scale [210]. CMG platelets
exhibit an appreciably lower in-plane stiffness which calculations
suggest may scale inversely with an increasing level of oxidation of
the platelets [211]. A study using AFM nanoindentation on sus-
pended CMG platelets reported the opposite, with the elastic
modulus of the platelets evidently increasing with increasing
oxidation level (decreasing conductivity), ranging from 250 GPa for
RGeO platelets up to approximately 650 GPa for GeO platelets [22].
In another study, AFM tip-induced deformation on suspended
platelets yielded an elastic modulus of monolayer GeO platelets of
approximately 208 GPa. Moreover, the measurements revealed
similar modulus values for two- and three-layer GeO platelets, at
low strain [21]. These relatively large modulus values (compared to
most polymeric materials), coupled with the large surface areas of
the platelets, allow GO-derived fillers to be the primary load-
bearing component of a polymer nanocomposite [161]. Fig. 12
provides an example of the reinforcing effect reported for RGeO/
PVA composites.

Once dispersed in a polymer matrix, these compliant sheets or
thin platelets commonly adopt wavy or wrinkled structures which
may effectively reduce these modulus values [149], as crumpled
platelets would tend to unfold rather than stretch in-plane under
an applied tensile stress. Moreover, platelet restacking or incom-
plete exfoliation to single platelets could also lead to lower effective
modulus values due to the decreased aspect ratios [161]. Highly
crumpled conformations are often reported in composites using
TEGO as filler, which alongwith structural defects generated during
the high-temperature exfoliation processes [15], may significantly
reduce the effective stiffness of the platelets and thus diminish
their reinforcing capability. For instance, polycarbonate and poly
(ethylene-2,6-naphthalate) (PEN) composites filled with TEGO
showed only slightly larger modulus gains than composites rein-
forced with graphite at equivalent loadings, and calculations based
on this experimental data suggested an effective modulus of
around 70 GPa for TEGOdless than one-third of the measured
value for single-layer RGeO [148,153]. Conversely, other studies
have reported significant reinforcement from TEGO, attributed to
strong interfacial bonding augmented by mechanical interlocking
with the matrix due to the nanoscale roughness of the platelets
[7,212]. Notably, the composites showing weaker reinforcement
from TEGO were processed with melt mixing, which could possibly
reduce the platelet aspect ratio (and thus reinforcement) due to
particle attrition [32].

Aside from these issues with the intrinsic structure of GO-
derived fillers, the reinforcing effectiveness observed from these
materials thus far may be limited by problems with interfacial
adhesion and spatial distribution of filler. Mechanical property
enhancements have been found to correlate with improved nano-
filler dispersion [23], and alignment of the filler in the matrix may
increase reinforcement [161]. However, there is evidence that
nanofillers (including CNTs and organoclays) which appear



Fig. 13. Elastic moduli of polyurethane composites with flake graphite, TEGO (‘TRG’),
and phenyl isocyanate-functionalized GeO platelets (PheiGO) as filler, processed by
either melt mixing, solvent mixing, or in situ polymerization (PheiGO composites were
made by solution mixing). Fitting of the data to micro-mechanical models (solid lines)
allows for calculations of effective aspect ratios (Af) to quantify dispersion (adapted
from Ref. [26]).
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uniformly dispersed on short length scales may actually be aggre-
gated into micron-scale fractal-like structures [156,213,214]. It has
been suggested that such aggregates may be highly compliant and
could reduce the effective aspect ratio of the filler, with both factors
diminishing the reinforcing effect [156]. On the other hand, some
have suggested that the presence of large-scale aggregates of filler
is beneficial for reinforcement [138,215]. In any case, consideration
of higher levels of nanocomposite structural hierarchy (as charac-
terized by SAXS and USAXS, for example) may ultimately be
necessary for extracting the full reinforcement potential of gra-
phene-based fillers, and polymer-grafted platelets could potentially
provide one route to tailoring the spatial distribution of filler
[138,215].

Strong interfacial adhesion between the platelets and polymer
matrix is also crucial for effective reinforcement [111,214,216e218].
Aside from making dispersion difficult, incompatibility between
the phases may lower stress transfer due to low interfacial adhe-
sion, resulting in a lower composite modulus [219]. Measurements
of graphene-polymer interfacial adhesion have been carried out
using AFM and Raman spectroscopy [220,221]. Evaluation of
Raman spectra measured under strain revealed an interfacial shear
stress of approximately 2.3 MPa in a graphene/PMMA composite
(where the graphene was produced by micro-mechanical exfolia-
tion) [220]. This value is similar to the value (2.7 MPa) of interfacial
shear stress predicted by simulations of a poly(ethylene)/CNT
nanocomposite with only van der Waals interactions between the
matrix and filler [222], suggesting that the interaction between
PMMA and the monolayer graphene platelets was also mediated by
weak dispersive forces. By comparison, interfacial shear stresses up
to 47 MPa have been measured for CNT/polymer composites [223]
and values up to 500 MPa have been predicted for CNT-filled
composites with covalent bonding at the matrixefiller interface
[224]. These measurements thus suggest low levels of reinforce-
ment for graphene-based polymer nanocomposites in the absence
of covalent or stronger non-covalent bonding between the phases,
emphasizing the importance of ‘engineering’ the fillerematrix
interface in these systems.

Small molecule functionalization of graphene-based materials,
either covalent or non-covalent, is a route to tailor the interface to
promote stronger non-covalent interactions between the matrix
and platelets [26]. Hydrogen bonding between GO-derived fillers
and their polymer hosts has been cited as a major factor in large
modulus and strength improvements observed in several polymers
that can serve as hydrogen bond acceptors and/or donors
[7,101,105,225]. Formation of a crystalline layer around the platelets
by an isothermal treatment may also enhance stress transfer, as has
been reported for a GeO/poly(caprolactone) composite [167].
Covalent bonding between the filler and matrix may provide the
most effective means to increase the interfacial shear stress for
improving stress transfer [218]. Monomers or chain extenders
containing functional groups that can react directly with GeO in an
in situ step-growth polymerizationmay thus covalently link GeO to
thematrix; as recently reported for a GeO/Nylon-6 nanocomposite,
this approach resulted in an unprecedented doubling of modulus
and strength versus neat Nylon-6 at just 0.1 wt% loading [141]. The
formation of covalent bonds between matrix and filler has also
been reported to improve mechanical properties in epoxy and
polyurethane composites with GNP and GO-derived fillers
[26,74,140,226e228]. In addition, incorporation of polymer-grafted
CMG fillers has been reported to greatly enhance the mechanical
properties of PS [96], PMMA [129,188], and PVDF [128]. For such
polymer-grafted fillers incorporated into a chemically identical
polymer matrix, improvements in reinforcement may be strongly
influenced by the relativemolecular weights of the grafted polymer
and matrix polymer [229].
Particularly largemodulusgainshavebeen reported inelastomeric
matrices, most notably polyurethanes [26,140,226,227,230e232]. It
has been pointed out that the pronounced modulus increases of
elastomers may arise from the large difference in modulus between
the filler and matrixdwhich also makes elastomers less sensitive to
filler defects and non-ideal conformations than rigid thermoplas-
ticsdindeed, for graphene-based polyurethane composites the rein-
forcementeffectwas reported to be significantlyattenuatedabove the
soft segment Tg (approximately�30 �C) [26]. Increases in modulus of
over two orders ofmagnitude (from approximately 10MPa to 1.5 GPa
at 55 wt% GNP [230]) have been reported in polyurethanes. In one
study, moderate ductility was said to be retained despite the high
loading, affording a composite with modulus and strength compa-
rable to many rigid thermoplastics (e.g., polycarbonate) but with
amuch higher toughness and strain at break (15%) [230]. As shown in
Fig. 13, TEGO/polyurethane composites made via in situ polymeriza-
tion showed less improvement in modulus as compared with solu-
tion-mixed composites despite good dispersion, possibly due to chain
extension by TEGO which may have inhibited formation of ordered,
hydrogen-bonded hard segments [26]. In the case of a TEGO/silicone
foam nanocomposite, densification of the composite relative to the
neat foam may have complemented the effect of particle reinforce-
ment, leading to the observed 200% increase in the normalized
compressive modulus at just 0.25 wt% [233]. While the reported
modulus increases are often significant, generally the remarkable
ductility of elastomers is significantly compromised by incorporation
of rigid filler; furthermore, graphene-filled elastomers often show
a decline in tensile strength.

Beyond simple reinforcing effects, improvements in fracture
toughness, fatigue strength, and buckling resistance have been
noted in graphene-based composites [158,180,212,234e236]. At
equivalent loadings, in situ polymerized TEGO/epoxy composites
reportedly showamuch higher buckling strength, fracture strength,
and fracture energy than single- or multi-walled nanotubes-filled
composites. In one study, a 94% increase in the fracture toughness of
an CMG/epoxy composite versus neat epoxy was reported at 0.6 wt
% loading. The toughness increase was attributed to the presence of
pendant amine functionality on the CMG platelets potentially



Fig. 14. Combination of graphite nanoplatelets (GNP) and single-walled carbon
nanotubes (SWNTs) synergistically improve the thermal conductivity of epoxy. TEM
studies established the presence of SWNTs bridging between dispersed GNPs (as
shown in the schematic, inset) which may be responsible for the effect (adapted from
Ref. [248]).
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creating a “flexible interphase,” although cross-linking between the
CMG platelets may have also played a role [180]. Both increases
[236] and decreases [237] in the impact strength of graphene-based
composites have been reported.

As suggested above, GO-derived fillers could show superior
reinforcement to layered clays due to their higher intrinsic stiffness.
Calculations have suggested that randomly oriented graphene
platelets may also produce nanocomposites with higher stiffness
and strength than randomly oriented nanotubes, although calcu-
lations suggest that aligned CNTsmay provide better reinforcement
than aligned platelets at equivalent loading, aspect ratio, and
dispersion [238]. Comparisons with GNP-filled composites
[36,116,117,119,176,239] reveal that, generally, better mechanical
properties are evidently achieved using well-exfoliated, GO-
derived fillers at equivalent loadings. This may be primarily due to
the relatively large platelet thicknesses (with a stacked structure) of
GNP fillers, resulting in a lower aspect ratio and lower effective
platelet modulus, thus decreasing their reinforcing effect. Notably,
filler combinations such as SWNTs and TEGO [240] as well as TEGO
and GO [241] may provide synergistic reinforcement, although the
benefit (or lack of benefit) of these systems versus a single CMG
filler at the same loading has not been fully established.

Comparisons of micro-mechanical predictions (e.g., Mori-
Tanaka and Halpin-Tsai models) with experimental results on
nanocomposites seem to indicate that reinforcement arises
predominately from the native properties of the filler [111,161]. On
the other hand, it has been suggested that the interphase concepts
used to explain viscoelastic behavior may play a significant role in
reinforcement owing to themodification of the properties of a large
volume fraction of the matrix [163,216,242e244]. While these
micro-mechanical models have been applied to some graphene-
based composites in some reports [102,148,153], other results using
GO-derived fillers have reportedly shown reinforcement at low
loadings that exceed the upper-bound modulus predictions of
these micro-mechanical models, perhaps suggesting a non-negli-
gible contribution from the modified interphase matrix for such
‘strongly bonded’ systems [7,158]. Regardless, the apparent
discrepancy between these results and theory highlights the need
to develop further understanding of the relative contributions of
native filler properties and changes in the polymer matrix in
regards to the reinforcement of these systems.

9. Thermal conductivity, thermal stability, and dimensional
stability

The exceptional thermal properties of GNPs and graphene-
based materials have been harnessed as fillers to improve the
thermal conductivity, thermal stability, and dimensional stability of
polymers. Pristine graphene is highly thermally conductive; at
room temperature, the thermal conductivity has been measured to
be exceed 3000 W/m K when suspended [245,246] and approxi-
mately 600W/m K when supported on a SiO2 substrate [247]. CNTs
show similar intrinsic thermal conductivities, but the sheet-like
geometry of graphene-based materials may provide lower inter-
facial thermal resistance and thus produce larger conductivity
improvements in polymer composites [248,249]. The geometry of
graphite and graphene filler can also impart significant anisotropy
to the thermal conductivity of the polymer composite [36], with the
measured in-plane thermal conductivity as much as ten times
higher than the cross-plane conductivity [250,251].

Many of the same considerations discussed for reinforcement
and electrical conductivity apply for improving thermal conduc-
tivity. Close interparticle contact reduces thermal resistance and
thermal conductivity in nanocomposites has been rationalizedwith
percolation theory [252,253]. Since phonons are the primary mode
of thermal conduction in polymers, covalent bonding between the
matrix and filler can reduce phonon scattering at the matrixefiller
interface, promoting higher composite thermal conductivity [175].
However, just as with electrical conduction, thermal conduction in
nanocomposites can be compromised to some degree by platelet
functionalization to enhance interfacial bonding [254].

Thermal conductivity studies of GNP and graphene-based
composites have largely focused on epoxy matrix composites
[175,179,248,250,255e257]. Significant improvements in thermal
conductivity have been achieved in these systems (with composite
conductivities ranging from 3 to 6 W/m K, up from approximately
0.2 W/m K for neat epoxy), but such large gains require relatively
high carbon loadings (20 wt% and higher). Conductivities as high
80W/m K at 64 wt% have been reported for GNP/epoxy composites,
based on measurements of the thermal diffusivity [250]. The much
smaller thermal conductivity contrast between polymer matrices
and carbon nanofillers (as compared with electrical conductivity)
may be the reason for the lower increases in thermal conductivity
observed versus electrical conductivity at a given loading [95].
Different techniques have been utilized to lower the filler loading
necessary to achieve large thermal conductivity gains. For instance,
functionalization of EG with amine silyl groups improved the
thermal conductivity by up to 20% over unmodified EG at the same
loading [175]. A synergistic effect of combining SWNTs and GNPs
(maximizing at a ratio of approximately 3:1 of GNPs:SWNTs) was
reported, with TEM observations by the authors used to attribute
the effect to the morphology of the filler blend inwhich the SWNTs
bridged across adjacent GNP platelets, forming an extended
network of filler in direct contact (Fig. 14) [248]. For GeO platelets
with surface-initiated polymer brushes, higher composite thermal
conductivities were reported to correlate with lower molecular
weights of polymer and lower initiator grafting densities, perhaps
illustrating the negative effect of excessive functionalization on
thermal conduction [130].

A significant number of reports have reported increased thermal
stability (as typically defined by the maximum mass loss rate
measured by thermogravimetric methods) of polymers using GNPs
and various CMGs as filler [114,116,170,177]; even GO can enhance
the overall composite thermal stability versus the neat polymer
[141,181], despite being thermally unstable itself. Studies on
nanoclay-filled composites have suggested improved thermal
stability trends with increased levels of exfoliation and interfacial
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adhesion [258]. Most of these studies have focused on non-oxida-
tive stability (heating under inert gas such as nitrogen or argon)
and comparatively little data exists on the oxidative stability of GO
composites. Increases in the onset of (non-oxidative) degradation
of 20e30 �C and higher have been reported with GO-derived fillers
[7,103,104,177]. However, GO is not always observed to confer
thermal stabilitydin one case the presence of GO filler was found
to accelerate the decomposition kinetics [259].

The negative coefficient of thermal expansion (CTE) of graphene
[260,261], along with its high specific surface area and high stiff-
ness, can significantly lower the coefficient of thermal expansion
(CTE) of a polymer matrix [111]. In one study, the CTE of a GeO/
epoxy composite was lowered by nearly 32% for temperatures
below the Tg of the matrix at 5 wt% loading, although at 1 wt%,
SWNTs produced a larger decrease in CTE than GeO platelets also
loaded at 1 wt% (the two fillers were not compared at 5 wt%) [255].
Comparedwith CNTs, GNPswere reported to decrease the CTE of PP
in two directions instead of one when aligned in the matrix [36].
10. Gas barrier properties

The incorporation of GNPs and GO-derived fillers can signifi-
cantly reduce gas permeation through a polymer composite rela-
tive to the neat matrix polymer. A percolating network of platelets
can provide a ‘tortuous path’ which inhibits molecular diffusion
through the matrix, thus resulting in significantly reduced
permeability (Fig. 15) [111]. Permeability studies on CMG/PS
nanocomposites, however, suggest that at low loadings (e.g., below
0.05 vol%), the reduction in permeability of the composite is largely
driven by a reduction in gas solubility in the composite, with
diffusion effects becoming more important at higher loadings
[262]. Orientation of the platelets may further enhance barrier
properties perpendicular to their alignment, while higher platelet
aspect ratios correlate with increased barrier resistance [111].
Notably, the one-dimensional geometry of CNTs may limit their
effectiveness in improving the barrier properties of a composite
relative to the neat polymer [26].

Both GNP and GO-derived fillers have been investigated in
various permeation studies [26,36,114,115,153,262]; for thermo-
plastics, results include a 20% reduction in oxygen permeability for
PP with 6.5 wt% GNP [36], and a 39% reduction in the nitrogen
permeability of a polycarbonate/TEGO composite at approximately
3.5 wt% loading [153]. As shown in Fig.15, CMG/PS compositeswere
reported to show a lower oxygen permeability than exfoliated
montmorillonite/PS composites at equivalent loadings [262]. In
Fig. 15. (a) Illustration of formation of a ‘tortuous path’ of platelets inhibiting diffusion o
permeability of CMG/PS (‘PGN’) and montmorillonite/PS (‘PCN’) composites as a function
(adapted from Ref. [262]).
a comparative study of GO-derived fillers in thermoplastic poly-
urethanes, phenyl isocyanate-functionalized GeO platelets were
reported to confer superior barrier properties relative toTEGO, with
up to a 99% reduction in nitrogen permeability observed at
approximately 3.7 wt% loading comparedwith an 81% reduction for
TEGO at the same loading. Notably, the barrier properties in this
study correlated with modulus improvements suggesting better
filler alignment or higher aspect ratio for the functionalized GeO
composites [26].
11. Applications of graphene-based polymer nanocomposites

Though numerous challenges remain in developing a funda-
mental understanding of GO-derived materials and their polymer
composites, these materials have already been explored for a range
of applications. Reflective of GeO’s close relationship to graphene,
many of the applications have focused on harnessing its electronic
properties, particularly for devices. However, this is somewhat
counterintuitive given that GeO is essentially an insulating mate-
rial. For device applications, typically the GeO platelets and poly-
mer are mixed and then the GeO platelets are reduced using
hydrazine (or other strong chemical reductants) or thermal
annealing, as discussed in the examples above.

One notable exception to this paradigm can be found in the
development of an electronic memory device. Using the previously
described surface-initiated polymerization methods, poly(t-buty-
lacrylate) was reportedly grown from the surface of a thin film of
GeO platelets [132]. The functionalized sheets were blended with
P3HT and spun cast onto a surface of indium tin oxide (ITO), and
then coated with a layer of aluminum. This device made use of the
low conductivity of stacked and overlapped GeO platelets as
a means of creating a barrier for inter-lamellar electron-hole
recombination after excitons were formed. This created a clearly
defined OFF state for the memory device. At the switching potential
(found to be relatively high; �1.6 V), electrons were said to be
excited from the HOMO of the P3HT portion of the mixture into the
LUMO of the GeO platelet film/poly(t-butylacrylate) portion via
intermolecular charge transfer. As the oxygen-containing func-
tional groups of GeO platelets are believed to be inhomogeneously
distributed across the lamellae [3], the excited electrons were able
to travel relatively freely within the highly delocalized p-domains.
Notably, the low bulk conductivity prevented recombination,
resulting in a non-volatile memory storage system. This unique
example took advantage of what is often perceived as a negative
trait of GeO platelet material: its low conductivity. In contrast,
f gases through a polymer composite (Nielsen model). (b) Measurements of oxygen
of filler loading, compared with two theoretical models of composite permeability
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metal- and dopant-free conductive composites can be prepared
from electrically conductive CMGs. These studies typically utilize
the high degree of surface functionalization present on GeO
platelets to attach polymers or polymerization initiators (grafting-
to or grafting-from approaches, as previously discussed), followed
by reduction of the oxidized surface to render the composite
electrically conductive.

Field effect transistors (FETs) [205], solar cells (and other opto-
electronic applications) [263], and energy storage devices [264] are
three areas where such conductive composites may be particularly
applicable. All of these applications capitalize upon the high
conductivity inherent to many CMG composites. Photovoltaics and
optoelectronics, in particular, rely on the fact that monolayers of
graphene are about 98% transparent but still have high electrical
conductivity. This feature makes graphene-based materials poten-
tially well-suited to address issues related to photoexcitation and
exciton mobility/diffusion as transparent conducting electrodes
[265e268]. Overall efficiencies for these devices are still relatively
low todate (typically less than1%power conversionefficiency)when
applied as organic photovoltaics, but this remains an area of interest
particularly since the testing of these materials started so recently.

In addition to conductive polymers such as P3HT, graphene-
based composites incorporating PANI have been studied as energy
storage materials. Specific capacitances reported from 210 F/g to
over 1000 F/g have been reported for these composites [269e274].
The precise reasons for this enhancement in energy storage
capacity are still under investigation, but the authors state that this
likely involves Faradaic transitions between the three different
oxidation states of PANI (leucoemeraldine, emeraldine salt, and
pernigraniline), in addition to the electrochemical double-layer
capacitance (EDLC; general schematic shown in Fig. 16) provided by
the carbon material [275]. It has been reported that PANI can
intercalate into the layers of unexfoliated GO, increasing compati-
bility between the phases [181,276e278]. Even when GO was not
reduced, the composite was rendered conductive by the PANI
[276,277], though to a lesser extent thanwhen RGeO platelets were
incorporated [269].

Aside from devices, a host of diverse applications have been
envisioned for graphene-based nanocomposites, all harnessing the
property improvements discussed in the previous sections. For
instance, the electrical conductivity of these composites may find
use in electromagnetic wave interference shielding and anti-static
coatings [208], while potentially maintaining properties of the host
polymer such as transparency by virtue of the low percolation
thresholds of these composite systems [55]. The combination of the
Fig. 16. Schematic of test electrochemical double-layer capacitor (EDLC) assembly and struct
the electrolyte ions, which can be conveyed via diffusion and the segmental motion of the
improved barrier properties and increased light absorption of
a CMG/PS composite versus neat PS suggests wider application as
a packaging material [262]. The mechanical reinforcement ach-
ieved at low loadings of GO-derived filler offers potential uses in
weight-sensitive aerospace and automotive applications such as
tires, which could also benefit from the conductivity of RGeO
platelets. Electrically conductive and robust GO-derived composite
membranes could find use as capacitive pressure sensors in MEMS
applications [279]. One less conventional application for these
composites may be in self-healing materials [280,281]: very small
loadings of multi-layer graphene in a shape memory epoxy matrix
was reported to improve the composite’s resistance to crack
formation, thus enhancing scratch recovery upon heating above its
Tg [282]. Interestingly, the filler used in this study was grown via
microwave plasma-enhanced chemical vapor deposition, repre-
senting the first report of graphene composite filler generated from
a ‘bottom-up’ synthesis route.

Nanofillers can also be used to reduce or overcome the intrinsic
flammability of thermoplastics [111], and such applications have
been explored for GO, despite the high flammability of GO when
contaminated by synthetic byproducts such as potassium salts
[283]. However, the thermal expansion of GO coupled with its
evolution of gaseous byproducts (e.g., CO2) at high temperatures
may confer flame retardancy [284]. A recent study compared the
fire retardancy of a GO/Nylon-6 composite to a nanoclay/Nylon-6
composite, and concluded that the volumetric expansion of GO
particles conferred good short-term fire resistance, but the low
structural integrity of the resulting material and release of oxidants
on heating was a major disadvantage relative to nanoclays [285].

An emerging research direction for graphene-based composites
is focused on biomedical applications. Graphene has been investi-
gated for biosensor applications [286] and efforts have been
directed at graphene-based composite biosensors as well
[287e289]. Composite films of DNA and RGeO platelets have been
prepared via solution mixing, and incorporation of other biological
macromolecules alongwith DNAmayprovide a general approach to
multifunctional, biocompatible composites [290]. A biocompatible
hydrogel composite produced via physical cross-linking of PVA
chains between GeO platelets showed a controlled release of
Vitamin B12 depending on solution pH, and the authors stated this
could find use in drug delivery [291]. Moreover, biocompatible free-
standing composite films of poly(oxyethylene sorbitan laurate)
(TWEEN) and RGeO could find use in transplant devices and
implants [292]. Other biocompatible and biodegradable polymer
composites have also been investigated, and incorporation of GeO
ural model of a GO/polymer composite assembled in the EDLC. The spheres in represent
polymer chains (adapted from Ref. [264]).
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platelets into chitosan [189,225] and poly(lactide) [114,164], in
particular, may greatly expand the utility of these polymers that are
otherwise limited by their mechanical properties.

12. Conclusions

Graphene-based polymer nanocomposites represent one of the
most technologically promising developments to emerge from the
interface of graphene-based materials and polymer materials.
However, there are still many challenges that must be addressed for
these nanocomposites to reach their full potential. For example, the
sonication and thermal shock techniques commonly used to exfo-
liate GO also reduce the aspect ratio of the exfoliated platelets,
which may negatively affect reinforcement as well as electrical and
thermal properties [8,52]. Results suggesting poor interfacial
adhesion in graphene/polymer composites in the absence of cova-
lent bonding or additional non-covalent binding interactions such
as pep interactions or hydrogen bonding underscore the impor-
tance of the platelet surface chemistry in reinforcement and the
need for continued progress in this direction [220]. Moreover, the
defects introduced into GeO platelets by either the oxidation to
convert graphite to GO or the processing to generate GeO platelets,
might ultimately limit the electrical conductivity and mechanical
properties achievable with RGeO platelets relative to pristine and
defect-free graphene platelets. Thus, methods of graphene platelet
production which preserve its extended, conjugated structure may
find favor for certain demanding applications of graphene-based
composites [12].

Further property improvements in graphene-based composites
will be influenced by improved morphological control. Defects and
wrinkles in platelets are likely to influence their reinforcing capa-
bilities, and so exfoliation and/or dispersion techniques that
promote a more elongated morphology could conceivably further
improvemechanical properties of these composites. Also, increased
control over alignment and spatial organization of graphene-based
fillers could be beneficial to nearly all types of composite proper-
ties. Thermal annealing of graphene-based composites to
randomize GNP and graphene-based platelets may benefit the
composite’s electrical conductivity [153], whereas improved
alignment of the platelets may improve reinforcement [161]. A
variety of techniques for alignment of CNTs in polymer composites
have been reported [293], and some of these techniques may find
use for graphene-based composites. While the end application of
graphene-based composites may dictate their specific morpho-
logical characteristics, the use of ‘top-down’ patterning or ‘bottom-
up’ mesophase self-assembly approaches that have better
morphological control could help to guide future studies of these
systems, which may reveal new applications for these composites
[213].

Despite these challenges, some of which are not unique to gra-
phene-based nanocomposites, polymer nanocomposites have
already found use in industry and their commercial impact is
expected bymany to rise significantly in the future [294]. As further
improvements are made in the chemical production of graphene-
based materials [295], composites using this class of filler could
become a commercial reality. Notably, there is already significant
effort and industrial interest in scaling upGOproduction [296]; GNP
fillers have attracted similar attention [297]. Particularly relevant to
large-scale production and transport of GO, flammability issues
with this material have been identified and methods to alleviate
these problems have been demonstrated [283]. Graphite, the
precursor to GO and GO-derived fillers, is relatively cheap and
abundant [296], and this cost factor will likely remain one of the
primary advantages for using graphene-based fillers over CNTs in
nanocomposites particularly as work on scale-up progresses.
Furthermore,while CNTs and graphene reportedly offer comparable
mechanical and electrical property enhancements, graphene-based
materials appear to provide larger thermal conductivity enhance-
ment as well as the advantage of improving barrier properties. The
multifunctional property enhancements already demonstrated
with graphene-based fillers, coupled with their potential for low
cost and large-scale production, may expedite the applications of
these nanocomposites aswell as their transition to themarketplace.
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Synthesis and spectroscopic characterisation of cellulose sulfate (CS) were reported. Various CS exhib-
iting diverse degrees of sulfation (DSS) were prepared through acetosulfation or direct sulfation of
cellulose. During the acetosulfation, intermediate product e cellulose acetate sulfate (CAS) e was formed
after the comparative esterification and subsequent deacetylation of CAS led to CS. The direct sulfation
proceeded quasi-homogeneously and heterogeneously in N,N-dimethylformamide (DMF) or homoge-
neously in N,N-dimethylacetamide (DMAc)/LiCl mixture. The total DSS between 0.21e2.59 and partial
DSS6 as well as DSS2 of up to 1 were determined via elemental analysis and 13C NMR spectroscopy.
Besides, solid-state CP/MAS 13C NMR could characterise CS regarding the sulfation. Subsequently, FT
Raman investigation of obtained CS was conducted with the aim to establish analysis methods quanti-
fying the total DSS. The intensities of Raman bands ascribed to the vibrations of O]S]O and CeOeS
groups were used as analysis parameters, yielding calibration curves with high correlation coefficients of
more than 0.96.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Sulfate groups are found to be important for the biological
activities of natural glycosaminoglycans, such as heparin and
heparan sulfate [1,2], but these glycosaminoglycans exhibit various
molecular compositions and therefore distinct biological activities
[2,3]. In order to overcome the limitations of naturally occurring
glycosaminoglycans, diverse glycosaminoglycaneanalogues have
been prepared by sulfating other renewable polysaccharides
including cellulose [4e7].

After the sulfation of cellulose, the product CS showed highly
improved water-solubility and enzymatic degradability [8]. With
these advantageous properties, CS found a wide use in biotech-
nology and pharmaceutics, e.g. as polyelectrolyte for the encapsu-
lation of enzymes and cells [9e11]. Moreover, CS exhibited diverse
biological effects, such as antivirus and anticoagulant activity [4,12].
CS with high total DSS could bind FGF2 and strongly promote FGF-
induced proliferation [13].
239; fax: þ49 (0) 35203 38

ang).

All rights reserved.
CS can be synthesized non-homogeneously in pyridine or
homogeneously in ionic liquid starting from cellulose or cellulose
derivatives [8,14e16]. Various sulfating agents including SO3,
chlorosulfuric acid and SO3$DMF complex have been applied for
the sulfation of cellulose [16e18]. The total DSS of prepared CS
could be analysed via elemental analysis or FT Raman spectroscopy
[8,15,18]. For the quantification based on Raman spectroscopy, the
peak area of the Raman band attributed to stretching vibrations of
CeOeS groups was applied. Because of the beneficial properties of
Raman spectroscopy including ultra-sensitive and non-destructive
analysis, other Raman analysis parameters may also be considered
for quantifying the total DSS.

In addition to the total DSS, the distribution of sulfate groups
within the sulfated polysaccharides is proposed essential for their
properties. The sulfate groups at 6-O-position of heparin were
found to be important for its interaction with fibroblast growth
factor (FGF) [19]. FGF2-induced proliferation increased with rising
total DSS and especially with elevating partial DSS6, as described for
heparin oligosaccharides [20,21]. The molecular structure of
chondroitin sulfate oligosaccharide was proposed to be critical for
its function and the distribution of sulfate groups could affect its
interaction with growth factors [22]. The sulfate groups at 6-O-
positionwere assumed as necessary for the anticoagulant activities
of sulfated chitosan and cellulose [16,23], while only 3,6-disulfated
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chitin demonstrated improved anticoagulant activity compared to
6-O-sulfated chitin [24]. Besides, the chitosan sulfate-enhanced
bioactivity of BMP-2 was suggested to be primarily ascribed to the
sulfate groups at 6-O-position [25]. Thus, in order to elucidate the
structureeproperty relationship of sulfated polysaccharides, it is of
importance to determine not only the total DSS but also the exact
distribution of sulfate groups and therefore the partial DSS.
However, the distribution of sulfate groups within the repeating
units of CS prepared under homogeneous or non-homogeneous
conditions has rarely been investigated.

In this report, CS with diverse total DSS were prepared at first
through acetosulfation and direct sulfation of cellulose using
distinct sulfating agents. The partial DSS at 2- and 6-O-position of
prepared CS were determined via 13C NMR spectroscopy. The
reaction parameters influencing the sulfation progresses regarding
the total and partial DSS of CS were evaluated. Finally, the feasibility
of using the intensities of Raman bands ascribed to the vibrations of
O]S]O and CeOeS groups for quantifying the total DSS of CS was
examined and thus, novel methods for determining the total DSS
can be established.

2. Experimental section

2.1. Materials

Microcrystalline cellulose (MCC) with an average Cuen-DP of
276 was received from J. Rettenmaier & Söhne GmbH (Rosenberg,
Germany). Pulp V-81 (AC, with 97.0% alpha cellulose) with
a viscosity (in 0.5% cupri-diethylenediamine) of 7.2 cP and an
average DP of 1180 was purchased from Buckeye Technologies Inc.
(Memphis, USA). Irradiated cellulose (IC) with an average DP of 113
was attained through treating cellulose (DP ∼ 500) with electron-
beam (100 kGy). DMF was freshly distilled and water was demin-
eralised before use in all experiments. Other chemicals were all of
analysis grade and used as received. Dialysis membrane from
Spectrum Laboratories Inc. (Rancho Dominquez, USA) has an
approximate molecular weight cut off of 500 Da.

2.2. Sulfation of cellulose

The sulfation of cellulosewas carried out either as acetosulfation
or as non-homogeneous direct sulfation and 1 g cellulose was
suspended in 50ml anhydrous DMF at RT for over 14 h [8,15,17]. For
the homogeneous direct sulfation, cellulose (1 g) was dissolved in
DMAc/LiCl (16 ml/1.5 g) mixture [26].

2.2.1. Acetosulfation
For a typical acetosulfation, the reaction agent consisting of

0.35 ml chlorosulfuric acid and 4.7 ml acetic anhydride in DMF was
dropped into the cellulose suspension under vigorous stirring. After
being kept at 50 �C for 5 h, the solution was cooled down to RT and
poured into the saturated ethanolic solution of anhydrous sodium
acetate. The precipitate was collected through centrifugation and
deacetylated with 1 M ethanolic solution of NaOH for over 15 h
after washing with 4% sodium acetate solution in ethanol. Then, the
pH value of the mixture was adjusted to 8.0 with acetic acid/
ethanol (50/50, w/w) and the product was dissolved in water after
washing with ethanol. Finally, the solution was filtered, dialysed
against demineralised water and lyophilised.

To prepare the intermediate product e cellulose acetate sulfate
(CAS) e before the deacetylation, the solution was precipitated in
ethanol after the acetosulfation and the pH value of the mixture
was adjusted to 7.5. After washing with ethanol/water-mixture
(8:2, v/v), the product was dissolved in water and the solution was
filtered, dialysed and lyophilised. CAS1 was prepared with 3 mol
chlorosulfuric acid and 8 mol acetic anhydride per mol AGU
(anhydro glucose units) at 50 �C for 5 h.

During the acetosulfation, cellulose was converted totally into
water-soluble CS or CAS except for the preparation of CS10. The
yield of water-soluble CS10 was 71.9%.

2.2.2. Direct sulfation
For a typical non-homogeneous direct sulfation in DMF, chlor-

osulfuric acid (1.85 ml) or sulfamidic acid (9 g) in DMF was added
into the suspension under vigorous stirring and the temperature of
the mixture was raised to 50 �C. After 5 h, the solution was cooled
down to RT and poured into a saturated ethanolic solution of
anhydrous sodium acetate. After being collected and washed, the
product was dissolved inwater and the pH value of the solutionwas
adjusted to 8.0 with acetic acid/ethanol (50/50, w/w). The solution
was finally filtered, dialysed against demineralised water and
lyophilised.

For a homogeneous direct sulfation, chlorosulfuric acid (1.85ml)
in DMF was added slowly into the cellulose solution in DMAc/LiCl
mixture under stirring. After 5 h reaction at RT, the solution was
poured into saturated ethanolic solution of anhydrous sodium
acetate. Then the product was treated and purified as described
above.

During the quasi-homogeneous and homogeneous sulfation,
cellulose was converted completely into water-soluble CS. The
yields of heterogeneously prepared CS29 and CS30 were 145.9%
and 143%, respectively.

2.3. Measurements

The contents of carbon, hydrogen and nitrogen were deter-
mined with Elemental Analyser vario El from Elementar (Hanau,
Germany). The content of sulphur was measured with Elemental
Analyser Eltra CS 500 (Neuss, Germany). Total DSS of CS were
calculated according to the equation: Total DSS ¼ (S%/32)/(C%/72).

The 13C NMR spectra of CS in D2O were recorded at RT on Bruker
DFX 400 spectrometer (Bruker, Etlingen, Germany) with
a frequency of 100.13 MHz, 30� pulse length, 0.35 acq. time and
a relaxation delay of 3 s. Scans of up to 20,000 were accumulated.

The solid-state CP/MAS 13C NMR was carried out using Bruker
Avance 400 WB spectrometer at RT with a frequency of
100.65 MHz, 35 ms acquisition time and a relaxation delay of 3 s.
Scans between 5000 and 7000 were accumulated.

FT Raman spectra of the samples in small aluminium discs were
recorded on a Bruker MultiRam spectrometer Ge diode as detector
that is cooled with liquid-nitrogen. A cw-Nd:YAG-laser with an
exciting line of 1064 nm was applied as light source for the exci-
tation of Raman scattering. The spectra were recorded over a range
of 3500e150 cm�1 using an operating spectral resolution of 3 cm�1

and a laser power output of 100 mW. A double analysis per 400
scans was carried out for each sample. An average Raman spectrum
was formed afterwards and the spectrumwas vector-normalised in
the range of 1600e720 or 3150e2650 cm�1 using the operating
spectroscopy software OPUS Ver. 6.5 (Bruker).

The analysis of the data was executed with OriginPro 7.0 (Ori-
ginLab Corporation, MA, USA).

3. Results and discussion

3.1. Acetosulfation of cellulose

Cellulose could be sulfated through acetosulfation, i.e. simulta-
neous sulfation and acetylation of cellulose, bychlorosulfuric acid or
sulphuric acid and acetic anhydride as sulfating and acetylating
agent with subsequent saponification (Scheme 1). The reactionwas



Scheme 1. Simplified reaction equation for the sulfation of cellulose. R ¼ H or SO3Na according to the total DSS.
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quasi-homogeneous because cellulose suspended in DMF was dis-
solved gradually in the reaction mixture during the acetosulfation,
resulting in a homogeneous and optically transparent solution.

3.1.1. Preparation of CAS
The simultaneous competitive esterification of cellulose during

the acetosulfation resulted in a water-soluble intermediate product
e CAS. As described in experimental section, purified CAS1 could be
obtained. According to solid-state CP/MAS 13C NMR and FT Raman
spectrum in Fig. 1, CAS1 contains both sulfate and acetyl groups.

Within the solid-state CP/MAS 13C NMR spectrum of CAS1, the
peaks at 174.8 and 21.8 ppm are visible and they are ascribed to
carbonyl and methyl groups within the acetyl groups [27]. Using
the peak of methyl groups, the DS attributed to acetyl groups (DSAc)
of CAS1 were determined to be 1.2. After deacetylation of CAS1,
CS13 was obtained and 73% of primary hydroxyl groups are
sulfated, implying that the acetyl groups were located primarily at
2/3-O-position and 6-O-position was only partly acetylated.

Moreover, comparing the spectrum of CAS1 and cellulose, the
signals derived from C1 and C6 shift upfield and downfield,
respectively. These shifts are resulted from the substitution at 2-
and 6-O-position by the sulfate and acetyl groups. The signals
between 80 and 90 ppm ascribed to C4 are not observable within
the spectrum of CAS1. Additionally, within the spectrum of CAS1
only a large peak lies between 70 and 80 ppm in contrast to two
peaks attributed to C2, 3 and 5 of the AGU within the spectrum of
cellulose. The mergence of the signals ascribed to C2, 3, 4 and 5
should be due to the change in the structure of cellulose. Before the
acetosulfation, cellulose has a well-ordered structure which can be
Fig. 1. Left: Solid-state CP/MAS 13C NMR spectrum (200e15 ppm) of (a) MCC and (b) CAS
measured by solid-state 13C NMR with good resolution [28]. After
the substitution of the hydroxyl groups and the regeneration of
CAS, the crystalline structurewas destroyed and the product should
be amorphous. Besides, the substitution by acetyl and sulfate
groups results in the shifts of some NMR signals. As a total, the
signals attributed to C2e5 are all under the signal between 70 and
80 ppm.

FT Raman spectroscopy delivers also the information about the
substitution of the hydroxyl groups. As depicted in Fig. 1, new peaks
at 1735, 1070 and 834 cm�1 immerge within the Raman spectrum
of CAS1 compared to cellulose. The band at 1735 cm�1 is attributed
to the stretching vibrations of carbonyl groups [29,30]. The other
two bands at 1070 and 834 cm�1 are attributed to stretching
vibrations of O]S]O and CeOeS groups [15,31]. In addition, the
peak of the band attributed to vibrations of CH groups shifted from
2896 cm�1 to 2944 cm�1. This shift possibly arises from the
substitution of the hydroxyl groups and especially by acetyl groups
which bringmore CH groups into the cellulose backbone, leading to
the shift of this peak and the increase of its intensity as well.

Apart from the chlorosulfuric acid, sulphuric acid has also been
used for the preparation of CAS [32,33]. Moreover, CAS could be
obtained after a homogeneous sulfation of cellulose acetate,
leading to products with regioselectively distributed acetyl and
sulfate groups [17,34].

3.1.2. Synthesis of CS
The synthesis of CS through the acetosulfation was completed

after the cleavage of the acetyl groups using NaOH. The sulfation
progress was investigated by evaluating a few important parameters
1 at RT. Right: FT Raman spectrum (3150e750 cm�1) of (a) MCC and (b) CAS1 at RT.



Table 1
Acetosulfation of cellulose with chlorosulfuric acid or sulphuric acid as sulfating
agent and 8 mol acetic anhydride per mol AGU as acetylating agent.

Samplesa Starting
materials

Molar
ratiosb

Reaction
temperature (�C)

DSSc Total DSS

DSS6 DSS2

CS1 AC 0.85 40 0.6 0.06 0.66
CS2 AC 0.55 50 0.35 0.03 0.38
CS3 AC 0.85 50 0.48 0.05 0.53
CS4 AC 3 50 0.77 0.15 0.92
CS5 AC 0.55 70 0.31 0.04 0.35
CS6 AC 0.85 70 0.34 0.02 0.36
CS7 AC 1.5 70 0.45 0.03 0.48
CS8 IC 0.85 50 0.52 0.06 0.58
CS9 IC 0.85 70 0.36 0.03 0.39
CS10 MCC 0.3 50 0.20 0.04 0.24
CS11 MCC 0.55 50 0.39 0.03 0.42
CS12 MCC 0.85 50 0.43 0.04 0.47
CS13 MCC 3 50 0.73 0.24 0.97
CS14 MCC 6 40 1 0.57 1.61c

CS15 MCC 0.3 70 0.18 0.035 0.21
CS16 MCC 0.4 70 0.21 0.025 0.23
CS17 MCC 0.7 70 0.30 0.04 0.34
CS18 MCC 0.85 70 0.38 0.03 0.41
CS19a MCC 3 50 1 0.69 1.71c

CS20a MCC 3 50 0.91 0.55 1.57c

CS21a MCC 6 50 e e 0.85c

a reaction duration for CS1 to 19 was 5 h and that for CS20 and 21 was 6 h.
b molar ratio in mol chlorosulfuric acid per mol AGU for CS1e18 and in mol

sulphuric acid per mol AGU for CS19e21. Acetic anhydride of 4 and 2 mol per mol
AGU was used for the preparation of CS14 and CS21, respectively.

c DSS6 and DSS2 were analysed with 13C NMR spectroscopy. The total DSS of
CS1e13 and 15e18 are equal to the sum of DSS6 and DSS2. The total DSS of CS14, 19,
20 and 21 were determined via elemental analysis.
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that can affect the total DSS and sulfation patterns, such as starting
materials, the amount of sulfating agent, reaction temperature and
duration. The total DSS of CSwere determined via elemental analysis
or 13C NMR and are listed inTable 1. According to the data, various CS
with diverse total DSS were obtained.

Characteristic 13C NMR spectra of CS in D2O are displayed in
Fig. 2. A new signal at 66.3 ppm beside the signal at 60 ppm is
visible. Because both signals are derived from C6 of AGU, the DSS6
can be calculated based on the integrals of both signals [13,35].
Moreover, the signal of C1 shifts from 102.5 ppm to 100.5 ppm as
shown in Fig. 1bed, which is due to the influence of the sulfation at
2-O-position. Based on the integrals of the two peaks ascribed to C1,
the DSS2 can be estimated. Without the signal at 60 and 100.5 ppm,
the partial DSS6 and DSS2 can be regarded as 1 (Fig. 2d). In addition,
new peaks between 80 and 82 ppm are notable which are ascribed
Fig. 2. 13C NMR spectra (120e50 ppm) of (a) CS24 (total DSS ¼ 0.2), (b) CS1 (total
DSS ¼ 0.66), (c) CS32 (total DSS ¼ 1.09), (d) CS20 (total DSS ¼ 1.57) and (e) CS28 (total
DSS ¼ 2.59) in D2O at RT.
to C2 and C3 with sulfate groups at 2 and 3-O-positon [13,15,35].
Other signals attributed to C2, 3, 4 and 5 lie between 70 and 80 ppm
within the spectra of CS (Table 2).

Exhibiting distinct partial DSS as listed in Table 1, CS with diverse
sulfation patterns were synthesized. The 6-O-position was
primarily sulfated in comparison to 2- and 3-O-position. Using low
amount of chlorosulfuric acid, the sulfate groups are mostly located
at 6-O-position. Appling high amount of chlorosulfuric acid (6 mol
per mol AGU) or sulphuric acid (3 mol per mol AGU), complete
sulfation at 6-O-position and intensive sulfation at 2-O-position
were achieved. These results indicate the high reactivity of primary
hydroxyl groups towards sulfation during the acetosulfation, while
the secondary hydroxyl groups may be preferably acetylated. After
the deacetylation, CS with intensely sulfated 6-O-position were
obtained in comparison to the other two positions.

In this report, three celluloses were used for the acetosulfation
and they have different crystallinities in the order of MCC
(67.1%) > AC (50.4%) > IC (48.8%) which were determined with the
method as described in Ref. [36]. As presented in Table 1, starting
material seems to affect the total DSS at 70 �C only very slightly,
because CSwith similar total DSSwere prepared from three different
celluloses under other equal reaction conditions. However, at 50 �C
with the application of 0.85 mol chlorosulfuric acid and 8mol acetic
anhydride permol AGU, the CS from IC exhibits the highest total DSS
and the CS from MCC the lowest. Thus, the crystallinity of cellulose
may be important for the sulfation at 50 �C and can affect the total
DSS of prepared CS. On the other hand, no correlation between the
total DSS of CS and the DP value of cellulose is notable.

Moreover, the amount of sulfating agent is another important
parameter for regulating the total DSS, because the total and partial
DSS of CS increase with elevating amount of sulfating agent as
shown inTable 1. Varying the amount of chlorosulfuric acid between
0.3 and 6mol permol AGU, the total DSS between 0.21 and 1.61with
the DSS6 between 0.18 and 1 were determined. Simultaneously,
partial DSS6 rise from 0.18 to 1 and partial DSS2 of up to 0.57 was
achieved. In addition, the sulphuric acid can be used as sulfating
agent and it demonstrated higher capacity towards sulfating
cellulose in comparison to chlorosulfuric acid regarding the total
and partial DSS of prepared CS using both sulfating agents under
other equal reaction conditions, e.g. CS4, 13 and CS19, 20. Normally,
sulphuric acid acts as an activator during the acetylation of cellulose
with acetic anhydride [17], but according to CS19e21, also CS with
high total DSS could be prepared after deacetylation of the inter-
mediate products.

Furthermore, high reaction temperature reduced the total DSS
and DSS6, comparing the DSS of CS prepared at 50 and 70 �C [13].
Similarly, the sulfation duration could influence the total and partial
DSS of CS and they sink with longer reaction duration at 70 �C.
According to Table 3, total DSS and DSS6 of 0.68 and 0.55 were
observed for CS22 which was prepared after the reaction temper-
ature of 70 �Cwas reached.With longer sulfation durations through
0.5, 5e24 h, the total DSS drop to 0.51, 0.41 and 0.2. After 24 h
reaction, the DSS6 sink significantly to 0.2 and no sulfation at 2-O-
Table 2
Assignment of the signals within 13C NMR of CS in D2O.

Signals (in ppm) Carbons within repeating units

102.5 C1
100.5 C10

80e82 C2S, C3S
78.6 C4
78.4e77.7 C40

70e75 C2, 3, 5, 50

66.3 C6S
60 C6



Table 3
Acetosulfation of MCC with 0.85 mol chlorosulfuric acid and 8 mol acetic acid per
mol AGU at 70 �C.

Samples Reaction duration (h) DSSa Total DSS

DSS6 DSS2

CS22 (only heating to 70 �C)b 0.55 0.13 0.68
CS23 0.5 0.45 0.06 0.51
CS18 5 0.38 0.03 0.41
CS24 24 0.20 0 0.20

a The DSS were determined via 13C NMR and the total DSS are equal the sum of the
DSS6 and DSS2.

b For CS22 the reaction was stopped after the reaction temperature of 70 �C was
reached and no further heating was executed.
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position is visible. It can be assumed that the sulfation of cellulose
with high sulfation temperature and long sulfation duration
proceeds with severe side-reactions, such as a degradation of
cellulose by the acid or a displacement of sulfate groups by acetyl
groups [32]. Subsequently, both the total and partial DSS are reduced
remarkably.

As a result, CS with distinct total and partial DSS, i.e. diverse
sulfation patterns, were prepared. The total DSS and the sulfation
patterns can be regulated by varying the reaction parameters as
discussed above.

3.2. Direct sulfation of cellulose

Direct sulfation of cellulose could proceed quasi-homogeneously
in DMF using chlorosulfuric acid, heterogeneously in DMF using
sulfamidic acid or homogeneously in DMAc/LiCl mixture (Fig. 2cee,
Table 4) [15,17,37,38]. During the homogeneous sulfation of cellulose,
cellulose remained dissolved in the reactionmedium throughout the
sulfation, while cellulose stayed non-dissolved during the heteroge-
neous sulfation. Thequasi-homogeneous sulfationof cellulose stands
for the sulfation starting with heterogeneously dispersed cellulose
and endingwith a homogeneous solution. In order to preparewater-
solubleCS,highamounts of sulfating agentswere requiredduring the
non-homogeneous direct sulfation, while homogeneous direct sul-
fation could be conducted also with low amount of chlorosulfuric
acid.

After quasi-homogeneous direct sulfation using chlorosulfuric
acid, CS with high total DSS could be obtained. The DSS6 were
determined always to be 1 after sulfation at RT and 2-O-position
was intensively or completely sulfated. Using 13 mol chlorosulfuric
acid per mol AGU after 2.5 h sulfation, a high total DSS of 2.59 could
be reached.
Table 4
Direct sulfation of cellulose and characterisation of CS.

Samplesa Starting
materials

Molar
ratiosb

Reaction temperature (�C)
/duration (h)

Partial
DSSc

Total DSSc

DSS6 DSS2

CS25 MCC 4.5 RT/6 1 0.80 2.15
CS26 MCC 6 RT/3 1 0.79 1.99
CS27 MCC 13 RT/3 1 0.94 2.28
CS28 MCC 13 RT/2.5 1 1 2.59
CS29c MCC 6 80/5 1 0.81 1.89
CS30c MCC 15 70/24 0.83 0.59 1.78
CS31 MCC 2 RT/5 0.55 0 0.57
CS32 MCC 3 RT/5 0.8 0.22 1.09
CS33 MCC 4.5 RT/5 1 0.84 1.85

a Quasi-homogeneous sulfation for CS25e28, heterogeneous sulfation for CS29-
30 and homogeneous sulfation for CS31e33.

b Molar ratio in mol chlorosulfuric acid (CS25e28, 31e33) or sulfamidic acid
(CS29, 30) per mol AGU.

c The partial DSS were estimated with 13C NMR spectroscopy and the total DSS
were determined via elemental analysis.
In comparison to chlorosulfuric acid, sulfamidic acid could only
sulfate cellulose heterogeneously at high reaction temperature of
70 or 80 �C and high total DSS were obtained (Table 4). Both 2- and
6-O-position could be intensely or totally sulfated. High sulfation
temperature seems to be important for complete sulfation of
primary hydroxyl groups comparing CS29 and 30, although much
lower amount of sulfamidic acid was used for preparation of CS29.

Through the homogeneous direct sulfation at RT, water-soluble
CS with diverse total DSS were prepared, which is different from the
previous statement [38]. This difference may lie in the celluloses
used in both reports. MCC used in this report should have a much
lower DP value than the spruce sulfite pulp (normally having a DP
value of 750) in [38], which facilitated the dissolution and then the
derivatisation of cellulose. The total DSS increase with rising
amount of applied chlorosulfuric acid. Similar to non-homoge-
neous direct sulfation, the homogeneous direct sulfation resulted in
CS with the sulfate groups located mainly at 6/2-O-position and the
6-O-position was more preferably sulfated (Table 4).

Compared to 2- and 6-O-position, the 3-O-position was much
lower sulfated, which should be due to the sterically hampered
accessibility of the hydroxyl groups at this position [17,39]. This
selective substitution of 2- and 6-O-position has also been detected
during other derivatisations of cellulose [17,39e42]. Consequently,
the 2- and 6-O-position show higher reactivity during the direct
sulfation. Even though cellulose was dissolved in DMAc/LiCl
mixture before the sulfation, no significant enhancement of the
reactivity of the hydroxyl groups at 3-O-position was notable.
3.3. Solid-state CP/MAS 13C NMR of CS

Besides the 13C NMR in D2O, solid-state CP/MAS 13C NMR can be
used to characterise CS. Within the spectrum of cellulose as shown
in Fig. 3a, the signals between 80 and 90 ppm are attributed to the
C4 and the signals between 60 and 66 ppm are ascribed to C6. The
peaks at 89.1 and 65.2 ppm are due to C4 and C6 of the crystalline
parts within cellulose, while the peaks at 83.8 and 62.8 ppm are
derived from the amorphous parts [28]. The signal at 105 ppm is
attributed to C1, as the signals of C2, 3 and 5 are notable between 70
and 80 ppm. After the sulfation (Fig. 3bed), the signal of C1 is
broader and shifts upfield. The signal with peakmaximum between
70 and 75 ppm becomes the dominant one within the spectrum. A
shoulder between 65 and 70 ppm is visible which is because of the
sulfation at 6-O-position. The peaks ascribed to C4 and C6 of the
crystalline parts of cellulose are strongly decreased (CS29) or
Fig. 3. Solid-state CP/MAS 13C NMR spectra (120e50 ppm) of (a) MCC, (b) CS3 (total
DSS ¼ 0.53), (c) CS29 (total DSS ¼ 1.89) and (d) CS28 (total DSS ¼ 2.59) at RT. * for the
peaks at 89.2 and 65.9 ppm.



Fig. 4. FT Raman spectra (3100e400 cm�1) of (a) cellulose, (b) CS10 (total DSS ¼ 0.24),
(c) CS12 (total DSS ¼ 0.47), (d) CS4 (total DSS ¼ 0.92), (e) CS20 (total DSS ¼ 1.57), (f)
CS29 (total DSS ¼ 1.89) and (g) CS28 (total DSS ¼ 2.59) at RT.

Table 5
Linear regression parameters for the calibration curves in Fig. 5.a

Normalization
ranges

Ratios of band
intensities

a b r SD p n

1600e720 cm�1 I830/I1380 0.1383 0.5039 0.9669 0.1030 <0.0001 26
I1070/I1380 0.7875 2.0573 0.9800 0.3232 <0.0001 26

3150e2650 cm�1 I830/I1380 0.1460 0.4984 0.9658 0.1037 <0.0001 26
I1070/I1380 0.8072 2.0529 0.9793 0.3283 <0.0001 26

a Y ¼ a þ bX; where Y is the Raman band intensity ratios between the peaks at
1070 or 830 cm�1 and the internal standard at 1380 cm�1. X is the total DSS, a is the
Y-intercept, b is the slope, r is the correlation coefficient, SD is the standard devia-
tion, p is the significance level and n is sample volume.

K. Zhang et al. / Polymer 52 (2011) 26e32 31
disappeared (CS3 and 28), suggesting the destruction of the crys-
talline parts during the sulfation of cellulose. Within the spectrum
of CS 28, no signal between 60 and 66 ppm is observable, indicating
the sulfation of all primary hydroxyl groups.

However, within the spectrum of CS29, small peaks at 89.2 and
65.9 ppm ascribed to the crystalline regions are still notable. Thus,
very small parts of crystalline regionmay be maintained during the
heterogeneous sulfation for preparation of CS29.

3.4. FT Raman spectroscopic analysis

FT Raman spectroscopy is a promising method in characterising
cellulose derivatives including CS and carboxymethyl cellulose
[15,43]. As shown in Fig. 4, new signals emerge at 589, 825e847
and 1068e1075 cm�1 comparing the Raman spectra of CS and
cellulose. The band between 825 and 847 cm�1 is attributed to
stretching vibrations of CeOeS groups. The other two bands are
derived from deformation and symmetric stretching vibrations of
O]S]O groups within sulfate groups [15,31]. Regarding the peaks
in the range of 825e847 cm�1 and 1068e1075 cm�1, both peaks
shifted to higher wave numbers with rising total DSS. On the other
hand, the band at 589 cm�1 remains constant despite increasing
total DSS. This difference of these peaks could be due to the diverse
types of the vibrations.

Moreover, the change of the signals ascribed to stretching
vibrations of CH and CH2 groups in the range of 2800e3050 cm�1 is
Fig. 5. Calibration curves with the normalization in the range of 1600-720 (left) and 3150e2
for I830/I1380 or in - and , for I1070/I1380.
visible. After the sulfation of cellulose, the band at 2896 cm�1

becomes weaker and a new band between 2950 and 2966 cm�1 is
notable. With increasing total DSS, this new band shifts to higher
wave numbers and becomes more intensive. Within the spectra of
CS with low total DSS (e.g. below 0.47), this signal at 2950e
2955 cm�1 appears only as a shoulder of the peak at 2896 cm�1.
However, within the spectra of CS exhibiting high total DSS, espe-
cially the total DSS of more than 1, this signal has a strong intensity.
Finally, within the spectrum of CS showing total DSS of more than
1.5, this new band is the dominant one, while the signal at
2896 cm�1 turns into a shoulder of this new band.

For the purpose of quantifying the total DSS, proper Raman
analysis parameters should be applied. Besides the area of the band
between 825 and 847 cm�1 that has been used for the quantifica-
tion of the total DSS [15], the bands arisen from the sulfate groups
can also be considered, e.g. the band between 1068 and 1075 cm�1.
In addition, the band intensity instead of the band area can be
applied for the quantification. Hence, Raman band intensities of the
bands at 1068e1075, 825e847 cm�1 and 1380 cm�1 were acquired
from the spectra of CS. The band at 1380 cm�1 is attributed to the
vibrations of cellulose backbone. It should be stable towards the
introduction of sulfate groups and can therefore be used as internal
standard. The band intensity ratios between the marker bands and
the internal standard (i.e. I830/I1380 and I1070/I1380) were calculated
and used as analysis parameters. Besides, two distinct normaliza-
tion ranges were chosen for the acquirements of the band inten-
sities, namely 3150e2650 and 1600e720 cm�1, in order to find out
if the normalization range could affect the quantification.

After plotting Raman band intensity ratios against the total DSS,
calibration curves with high correlation coefficients of more than
0.96 were generated (Fig. 5 and Table 5). As demonstrated, the
calibrationwith the intensity ratio I1070/I1380 as analysis parameter
provides slightly higher correlation coefficients than the calibra-
tion with I830/I1380 as analysis parameter. Moreover, the normali-
zation ranges do not have a significant effect on the quantification
650 (right) after plotting the total DSS against Raman band intensity ratios in : and 6
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according to Table 5 and both can be applied for the establishment
of quantifying method via Raman spectroscopy.

4. Conclusion

Various CS showing diverse total and partial DSS were prepared
through direct sulfation and acetosulfation of cellulose with
chlorosulfuric acid, sulphuric acid or sulfamidic acid. During the
acetosulfation of cellulose, CAS was formed as intermediate
product and could be converted into CS after following deacetyla-
tion. Acetosulfation of cellulose could be realised with low or high
amount of sulfating agent, while high amount of sulfating agents
were necessary for the non-homogeneous direct sulfation of
cellulose, in order to prepare water-soluble CS. Homogeneous
direct sulfationwas conducted on cellulose dissolved in DMAc/LiCl,
yielding water-soluble CS with low or high total DSS.

The total DSS of 0.21e2.59 and partial DSS6 as well as DSS2 of
maximal 1 were determined for obtained CS. The total and partial
DSS of CS can be regulated by varying the reaction parameters
including starting materials, the amount of the sulfating agents,
reaction temperature and duration. Compared to previous studies,
all CS exhibiting total DSS in a wide range were prepared after one-
step synthesis and these CS are well water-soluble. Moreover,
almost all CS obtained in this report were synthesized under quasi-
homogeneous or homogeneous conditions. These sulfation prog-
resses may result in uniform distributions of sulfate groups along
the cellulose chains.

The sulfation of cellulose under diverse reaction states could be
analysed via solid-state CP/MAS 13C NMR spectroscopy.

FT Raman spectroscopic analysis of CS confirms the introduction
of sulfation groups into cellulose chains. The characteristic bands
ascribed to the vibrations of O]S]O groups at 1070 cm�1 and
CeOeS groups around 830 cm�1 can be used for the quantification
of the total DSS. Plotting the intensity ratios between the Raman
bands at 1070 or 830 cm�1 and 1380 cm�1 against the total DSS,
calibration curves with high correlation coefficients of more than
0.96 were obtained.
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Within this study microwave assisted syntheses of functionalized polystyrene (PS), via ATRP, and tetra-
aniline (TANI) end-capped polymers are demonstrated. Compared to conventional heating, microwave
irradiation process in pulsed mode shows the feasibility of conducting end-capped polymers synthesis
with no degradation, strong acceleration of polymerization rate and coupling reaction, controlled size
and chemical formulation. Conducting polymers with controlled architectures in terms of molecular size
of both the insulating (PS) and the conducting (TANI) moieties show a conductivity above 10�1 S cm�1

when containing 2 wt% TANI while composites of PS and TANI exhibited a conductivity of ca 10�5 S cm�1

when containing more than 7 wt% TANI.
� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Microwave heating represents a major breakthrough in
synthetic chemistry as it can be considered considerably more
efficient than conventional heating methods. While microwave
energy was developed from the middle of the 20th century
onwards, its application to organic chemistry was not explored
until the mid-1980s [1,2]. In current polymer science, the use of
microwave-assisted polymer synthesis has been widely investi-
gated and reviews have appeared in recent years [3e7]. Few are
dedicated to controlled radical polymerizations [3,5e7] such as
nitroxide mediated polymerization, atom transfer radical poly-
merization (ATRP) and reversible addition fragmentation chain-
transfer polymerization (RAFT). Multi-mode domestic microwave
ovens, as used until recently, were not designed for the require-
ments of the laboratory and most of the problems arise due to
concerns around experimental accuracy (temperature and pressure
monitoring). A brief overview of the results of microwave-assisted
ATRP, as example, reveals contradictory conclusions. If we consider
the most studied monomer, methyl methacrylate (MMA), its
copper catalyzed ATRP has been reported in bulk with a good
. Reynaud).

All rights reserved.
control and a greatly increased propagation rate by Li et al. [8] while
other authors [9] did not find any improvement of the reaction rate
when performed this polymerization in p-xylene. Same contro-
versies have been revealed in polar solvent [10] or on the ruthe-
nium-catalyzed [11]. Up to know, only one article has been
published on ATRP and reverse-ATRP of styrene under microwave
irradiation [12]. The polymerizations were conducted under pulsed
microwave irradiation in DMF and better polymerization control
has been observed via reverse-ATRP as shown by a chain extension
experiment.

On the other hand, in the field of intrinsically conducting
polymers (ICPs) composite, conducting properties are known to be
difficult to obtain at low percolation threshold because of the
incompatibility of the ICPs, and among them polyaniline (PANI),
with common polymer matrix. By considering PANI itself, efforts
have been made to avoid this drawback; this includes the blending
methods or chemical process. Blends may be obtained via thermal
processing, however the chemical formulation usually requires the
use of additives and low percolation threshold remains difficult to
reach [13,14]. A chemical approach may be used to favour the
dispersion of the ICP within a polymer matrix as PANI functional-
ization either on PANI backbone [15,16] or dopant [17e19]. This
method, however, suffers from multi-step synthesis and/or the use
of toxic and corrosive solvents [20e24] and has to be systematically
optimized to thematrix. An alternativemethod has been developed
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avoiding as much as possible the use of any organic solvent i.e. the
synthesis in aqueous dispersed phase [25e28]. Again this strategy
often needs the help of additives to reach an acceptable conduc-
tivity (above 10�3 S cm�1) at low PANI content (below 5wt%). Other
authors studied the synthesis of block copolymer insulating poly-
mer-PANI. Nevertheless, the architecture is not easy to control
when using PANI since the molar mass of this polymer is difficult to
predict or tailor [29,30] thus affecting the percolation threshold. In
this context, it is easy to understand that attention has been paid to
oligomers of aniline. Phenyl/phenyl or phenyl/amine end-capped
octa-aniline [31] and tetra-aniline [32e34] have been already
described as models of polyaniline exhibiting good conductivity
values and enhanced solubility in common solvents. Nevertheless,
most of the synthetic routes require complicated steps, or leads to
a mixture of oligomers. Good conductivity results have been
reported on copolymers obtained from multi-step synthesis of
composites made of polymer matrix and oligo-aniline [35,36].
Another article deals with the synthesis of polymers containing
a tetra-aniline block [37] even though there is no report on tetra-
aniline characterization nor conductivity measurements. Never-
theless, the efficiency of the coupling route was demonstrated to
obtain well defined arm-capped star polymers.

Previous study has been made in our group demonstrated that
controlled NMP of acrylamide in water is achievable under micro-
wave irradiation along with a strong acceleration of the polymer-
ization process (>50 times). Encouraged by the above results, as
a part of our research to prepare conducting materials with archi-
tecture control [14,38], we here report the synthesis of conducting
end-capped polymer i.e. (insulating polymer)-TANI by using
another way of controlled radical polymerization both under
conventional heating and microwave irradiation. Based on our
knowledge, study on the irradiated microwave synthesis of con-
ducting end-capped polymers having well defined tetra-aniline
end-group has not been reported. Thus we focussed on microwave
synthesis for both polymer synthesis and end-chain modification
as described within Fig. 1 and made a comparison with polymers
obtained under conventional heating.

The telechelic TANI end-capped polystyrene (PS) were synthe-
sized using ATRP in bulk. The precursor succinimide-terminated
polymers were subsequently functionalized with oligo-aniline to
obtain the conducting polymer. Special attention was given to the
comparison between conventional (oil bath) and microwave (MW)
heating in terms of reaction time, molar mass control and the
properties of the final product.
2. Experimental section

2.1. Microwave irradiation method

A discover single-mode microwave synthesizer (from CEM
Corp.) was used, this apparatus allows controlling many parame-
ters as temperature, power, cooling and stirring. Standard micro-
wave-transparent Pyrex microwave process vials (obtained from
CEM) have been employed for all the experiments under micro-
wave irradiation. The experimental conditions (temperature and
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irradiation power) used for the polymerization are reported within
the figure legends.

2.2. Materials

Styrene was purified by passing through a basic alumina
column. Copper (I) bromide (CuBr) was purified as previously
described [39]. All other reagents were from commercial sources
and used as received unless noted.

2.3. Procedures

Initiator (NHSBr) [37]: 500 mL round-bottom flask equipped
with a magnetic stirrer and a reflux condenser was charged with 2-
bromoisobutyric acid (1.670 g, 0.010 mol) and N-hydrox-
ysuccinimide (1.380 g, 0.012 mol) in 200 mL dichloromethane. The
reaction mixture is then heated up at 60 �C under stirring to
a complete solubilisation, dicyclohexylcarbodiimide (2.060 g,
0.010 mol, in 10 mL of dichloromethane) was slowly added via
syringe. The reaction mixture was stirred at 60 �C for 24 h. A white
insoluble by-product was obtained and separated by filtration. The
organic layer was washed three times with 150 mL of distilled
water and dried over sodium sulfate. The solutionwas concentrated
under vacuum and the crude product purified by recrystallization
in heptane. Yield: 90% as white crystals. 1H NMR (DMSO-d6): 2.06
(s, 6H, BreC(CH3)2eCOe), 2.80 (s, 4H, eOCCH2eCH2eCOe).

ATRP under microwave irradiation: 10 mL Glass tube (CEM
Corporation) equipped with a magnetic stirrer was charged with
CuBr, initiator and 5 mL of styrene. The tube was deoxygenated by
nitrogen bubbling for 5 min before adding N,N,N0,N00,N00-pentam-
ethyldiethylenetriamine (PMDETA) via syringe. The vessel was then
carefully end-capped under nitrogen before being introduced
inside the microwave reactor. Pressure, temperature and irradia-
tion power were monitored via SPS mode throughout the poly-
merization. At the end of the reaction, the monomer conversion
was measured by 1H NMR based on residual monomer to the
polymer peaks. Withdrawn samples were diluted with THF; the
copper complex was removed by passing the solution through an
alumina column before filtering it through a 0.45 mm membrane.
The number-average molar mass (Mn) and polydispersity (Mw/Mn)
was then determined by size exclusion chromatography (SEC) in
tetrahydrofuran (THF), using a Waters Styragel HR 05, HR2, HR4
and HR6 and polystyrene standard calibration.

ATRP under conventional heating: 25 mL round-bottom flask
equipped with a magnetic stirrer was charged with CuBr, initiator
and 5 mL of styrene. The flask was deoxygenated by nitrogen
bubbling during 5 min before adding PMDETA via syringe. The flask
is then carefully end-capped under nitrogen before to be placed
into an oilbath at the polymerization temperature. The character-
ization of the product is then conducted as detailed above.

Tetra-aniline [40] (TANI): 250 mL round-bottom flask equipped
with a magnetic stirrer was charged with diphenylamine (2.700 g,
0.016 mol) and 4-40diaminodiphenylamine (5.600 g, 0.016 mol) in
a mixture of 100 mL of DMF, 20 mL of distilled water, and 15 mL of
HCl (1 M). After complete dissolution, an aqueous solution
of ammonium persulfate (3.648 g, 0.016 mol) (APS) in 10 mL of
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distilled water was added dropwise at 5 �C under stirring and the
reaction mixture was stirred for 1 h at 5 �C. The final product was
purified by precipitation in distilled water and washed with HCl
1 M. 7.0 g of dark green powder (HCl-doped TANI) is obtained
(yield ¼ 80%). The conductivity of compressed pellets (under
5000 kg cm�2) was determined using the standard four-point
probe technique at room temperature. The sample exhibits
a conductivity of 5 S cm�1. TANI UV characterization versus pH is
close to those of PANI and reveals the transition from the doped to
the undoped state. In acidic condition, the UV spectra show three
characteristic absorption bands, 280e285, 420e430, and
765e770 nm. The first absorption is due to the excitation of the
nitrogen in the benzenoid segments (pep* transition) while the
second and the third ones are ascribed to polaron/bipolaron tran-
sition. As the pH increases from 4 to 8, the initial 765e770 nm peak
shifts to lower wavelength region (down to 580e590 nm), and is
related to the exciton transition of the quinoid ring. The
420e430 nm peak disappears whereas the absorption band at
280e285 nm is not affected. The FTIR analysis was performed on
a Bruker IFS 55 EQUINOX and exhibited a spectrum of doped TANI
close to the spectrum of protonated (or doped) polyaniline [41] (see
Supporting information, S1). Mass spectrometry characterizations
were performed using a oMALDI-qQqTOF (QSTAR XL, Applied
Biosystems (USA) by Sciex (Canada)) instrument, with a nitrogen
UV-laser at 337 nmwith an energy of 15 mJ. An accelerating voltage
of 20 kV was applied following a 10 kHz pulser frequency for an
acquisition range of 250e1000 amu. The molecular TANI ion was
confirmed at m/z ¼ 366.1902, with a mass accuracy of 17 ppm and
an MSMS experiment on parent ion revealed daughter ions every
91 amu (oligo-aniline), see Supporting information (Figure S2). The
experimental procedure leads to the exclusive formation of oligo-
aniline containing 4 units.

End-capped polymer synthesis: The insulating polymer part
(PS) was added to DMF (10wt%) and left under stirring till complete
solubilisation. The TANI was then added to the reactive medium
with a molar ratio of [TANI]/[PS] ¼ 10. The reactive medium was
then left at 70 �C with continuous stirring for five days in
conventional oil bath or 12 h under microwave heating with set
irradiation power of 30 W (SPS mode). The final end-capped
polymer was precipitated in methanol several times to obtain
a colorless filtrate. The conversion was calculated from 1H NMR
spectroscopy and the succinimide peak at 2.8 ppm (Bruker AVANCE
400 MHz in CDCl3). A suspension of PS end-capped TANI in HCl
0.1 M is let under stirring overnight and filtered to obtain the
conducting polymer.

3. Results and discussion

A microwave is a form of electromagnetic energy defined in the
range where only molecular rotation is affected (and the most
commonly used frequency is 2450 MHz). Microwave heating is
a very different process compared to conventional heating (mainly
in oil bath) in organic or macromolecular synthesis. The microwave
process in not dependent upon the thermal conductivity of the
vessel materials, and leads to a rapid rise in temperature directly
related to the rotational motion of the molecules as induced by
microwave irradiation. As a result, the heating rate and efficiency of
MW heating strongly depend on the dielectric properties of the
reactant and/or solvent. Indeed, under such frequency irradiation,
the dipole re-orientates by generating a phase difference between
the orientation of the field and that of the dipole. This feature
causes energy to be lost from the dipole by molecular friction and
collisions, giving rise to dielectric heating. The abilities of styrene to
generate heat frommicrowave irradiation are reported in Fig. 2 and
compared to polar and apolar solvents such as water and toluene,
the maximum temperature that could be reached at the set power
value is reported versus irradiation power. It appears that the
heating efficiency follows the dielectric constants [42] equals to 80;
2.4 and 2.3 for pure water, toluene and styrene respectively.

In order to be as reliable as possible, the irradiation mode was
scrupulously studied to enhance the microwave effect during the
polymerization. Pulsed power mode (SPS) and dynamic mode
(DYN) are irradiation modes used within the articles dealing with
the microwave-assisted syntheses. The DYN mode [12,43e45] is
defined by only one set parameter which is the reaction tempera-
ture with no constraint on the microwave irradiation power.
Previous work [46] showed that DYN mode did not exhibit any
microwave effect and the kinetics overlapped those obtained under
conventional heating. Within the current study, SPS mode
[8,47e49] has been preferred. It is worthmentioning that the use of
air cooling during the process is suspected to lead to an underes-
timation of the temperature readout of the IR sensor since the air
cools mainly the exterior of the reaction vessel. However, previous
article [46] did not record significant increase in pressure that
would have been due to this misreading of the temperature. We
thus assume that the reaction temperature did not increase
excessively during the polymerization process. SPS mode is defined
by two set parameters which are the reaction temperature and the
microwave irradiation power, moreover, the vessel cavity is air-
cooled throughout the reaction. At the beginning of the reaction the
power is on at the set value till the target temperature is reached,
then the power is on at the set power or off for the remainder of the
run time as the reaction temperature (measured via infrared
sensor) varies between the set value and a deviation of 2 �C. Both
modes have been compared and the results are reported in Fig. 3,
on polymerization medium. The same experimental conditions as
used for the kinetic studies have been employed: styrene/CuBr/
PMDETA/EBP ¼ 200/1/1/1, target temperature: 110 �C, mixture
volume: 5 mL.

During the last years, the use of commercial monomodal
microwave synthesizers with excellent temperature and power
control has significantly improved the reliability of the microwave-
assisted reactions. SPS mode was chosen and the polymerization
temperature as well as the microwave input was simultaneous
accurately monitored and controlled at constant values. Moreover,
power and set temperature have been adjusted to irradiate the
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Table 1
Experimental conditions and results of ATRP of styrene under microwave irradiation
and conventional heating conditions with [styrene]0/[EBP]0/[CuBr]0/[PMDETA]0 ¼
200/1/1/1 but styr 6: 400/1/1/1. EBP is ethyl 2-bromopropionate and is used as
initiator. Conversion was obtained by NMR analysis with Mn,th ¼ 181 þ Conv.*
[styrene]0/[EBP]0*MM, with MM, the monomer molar mass.

Styrene
Series #

Time
(min)

Power
(W)

T
(�C)

Conv.
%

Mn,th

(g mol�1)
Mn,SEC

(g mol�1)
Mw/Mn

Styr1 30 0 95 15 3300 3810 1.15
60 28 6000 6640 1.10
90 38 8080 8790 1.10

120 51 10790 10860 1.10
Styr2 60 60 85 5 1220 1130 1.20

90 23 4960 4700 1.10
120 28 6000 5370 1.10
150 43 9120 7920 1.10
180 60 12660 12160 1.10

Styr3 30 80 98 15 3300 2760 1.10
45 19 4132 4250 1.10
60 25 5380 6200 1.10
75 31 6630 6680 1.10
90 55 11620 11660 1.15

120 94 19730 20350 1.20
Styr4 20 100 110 5 1220 730 1.20

30 23 4960 5050 1.10
40 27 5800 5960 1.10
60 30 6420 6040 1.10
75 74 15570 16250 1.15
90 93 19520 19220 1.30

Styr5 30 80 80 10 2260 1710 1.15
90 29 6210 5470 1.10

150 48 10160 10330 1.15
180 51 10790 10190 1.15
195 72 15150 15750 1.25
210 76 15990 17700 1.20
240 93 19520 19250 1.25

Styr6 60 80 80 3 1430 1170 1.10
120 14 6000 3580 1.10
150 17 7250 4090 1.10
210 28 11830 6420 1.15
240 63 26390 22000 1.20
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Fig. 4. Logarithmic styrene conversion from microwave irradiation (MW) and conven-
tional heating (CH) conditions (see Table 1).
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reactive medium over 90% of the reaction time. The experimental
conditions of ATRP of styrene in microwave irradiation were
investigated and compared with the conventional oil bath heating
(CH) method. To exclude the influence of temperature difference
between conventional and MW heating, the reaction mixture was
kept as close as possible in both conditions. All the experimental
conditions and characterizations are reported in Table 1.

The logarithmic conversion of styrene using the following ATRP
experimental conditions [50], [styrene]0/[CuBr]0/[PMDETA]0/
[EBP]0 ¼ 200/1/1/1 is reported in Fig. 4.

As expected the kinetic plots of ATRP under conventional
heating exhibit a first-order kinetic with respect to the monomer
concentration, indicating that the propagating radical concentra-
tion was constant and no significant termination occurred during
the polymerization (only styr2 conducted at the lowest irradiation
power showed sort of induction period). The polymerization rate
under MW followed the CH kinetic until a critical point is reached.
Beyond this point, the kinetics exhibited a spectacular increase of
the polymerization rate, as recently observed elsewhere [45,46]. It
is worth noticing that the present results show similar interesting
rate acceleration as compared to the previous results [46] even
though it is a completely different system in terms of the kind of the
controlled radical polymerization (NMP vs. ATRP), the monomer
(acrylamide vs. styrene) and the chemical nature of the medium
(water solution vs. bulk polymerization).

This MW effect on the kinetics of the polymerization was
observed whatever the microwave input was (see Fig. 5).
All the kinetic plots for reactions that were carried out under
microwave irradiation clearly show a drastic slope change above ln
([M]0/[M]) ¼ 0.5 that correspond to a polymer conversion above
0.4. This effect was magnified by an increase of the microwave
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irradiation power and/or temperature. Nevertheless, this particular
behaviour did surprisingly not affect the control of the polymeri-
zation as shown by the plots of Mn against conversion (see Fig. 6).
The molar masses did not only increase linearly with the conver-
sion but they all fit on one single straight line along with the data
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Fig. 6. Dependence of Mn and Mw/Mn on monomer conversion under microwave
irradiation (MW) and conventional heating (CH) conditions (see Table 1). All the
polymerizations were carried out using the following ratios [styrene]0/[CuBr]0/
[PMDETA]0/[EBP]0 ¼ 200/1/1/1.
obtained by conventional heating following the theoretical calcu-
lations. Moreover, the control of the molar masses is obtained
whatever the [monomer]0/[initiator]0 ratio is. In the same manner,
even if higher Mw/Mn values are observed above 40% conversions,
the polydispersity index stays below 1.35 for all the polymerization
experiments.

Applying microwave irradiation to ATRP of styrene, with EBP/
CuBr/PMDETA as initiating system, can significantly increase the
polymerization rate while keeping the perfect control of the molar
masses in shorter reaction times. Further experiments are currently
under progress to better understand the cause of the sudden
increase of the conversion shown in Fig. 5. Several hypotheses
should be investigated and especially the occurrence of a gel effect
[46] or local superheating effects [51,52]. In the present study, we
focussed on the synthesis of conducting end-capped polymers
using amicrowave-assisted synthesis. Those results were then used
to synthesize and control the size of the insulating part. The second
step of the reaction was again carried out under conventional
heating and microwave irradiation, and both methods were
compared (Fig. 1).

The second part is an oligomer of polyaniline a,u-end-capped.
During the courseof thepresent research, the synthesis of thephenyl/
amine end-capped tetra-aniline (TANI) in the emeraldine oxidation
state has been developed (see Experimental part). As compared to
previous tetra-aniline syntheses [53], the present method is conve-
nient since the startingmaterials are commercially available, and the
reaction time and steps are reduced as compared to previous articles
[31e34]. This synthesis is also advantageous because the synthesized
TANI is pure as revealedby themass spectrumanalysis.Moreover, the
conducting properties are maintained since TANI already exhibits
conductivity as high as a typical PANI [54].

The insulating end-capped precursor polymer was then
obtained via ATRP and the experimental conditions (temperature,
[styrene]/[initiator] ratio and reaction time) are based on the above
results. A specific initiator denoted NHSBr was employed; it bears
an alkyl halide group able to initiate the ATRP in a first step and
a succinimide group able to react with the amino-group of the TANI
to obtain the end-capped polymer in a second step. Target molar
masses are in the range of 5000e25000 g mol�1 in order to obtain
final polymers containing from 2 to 7 wt% of HCl-doped TANI at the
end of the process.

Due to the relative low targeted molar masses, both end-chain
groups of the NHS-polystyrene-Br are identified by NMR spec-
troscopy in CDCl3. The four protons of the succinimide group
(COeCH2eCH2eCO) appear at 2.8 ppm, while the proton of the
second end-chain functionality (CHeBr) is detected at 5.1 ppm, and
the theoretical number of 4:1 is verified. Moreover, if we assume
that ATRP was controlled under microwave irradiation, Mn,NMR
could be calculated with 1H NMR data according to Equation (1)
with IM, Isucc and ICHBr the normalized integral values of the peaks
belonging to polymer backbone, succinimide moiety and bromine
group respectively, and MM, the molar mass of styrene unit.

Mn;NMR ¼ IM
Isucc

MM þ 264 ¼ IM
ICHBr

MM þ 264 (1)

The results are listed in Table 2. The agreement of theoreticalMn,
Mn,SEC andMn,NMR indicates that all polymers are telechelic, i.e. they
are a,u-difunctionalized. The second step of the reaction as
described in Fig. 1 was carried out under conventional heating and
the results are reported in Table 2.

The PS-TANI were analyzed by FTIR spectroscopy (Fig. 7). The
spectrum of precursor PS is very close to the spectrum of standard
atactic PS. Some small differences in the peak ratios and the shape
of the peaks are observedmainly due to the chain-end functionality



Table 2
Bulk Polymerization of styrene (Styr) ATRP under conventional heating with [styrene]0/[NHSBr]0/[CuBr]0/[PMDETA]0 ¼ 200/1/1/1 but (1): 450/1/1/1. The conversion is
calculated via 1H NMR characterization. Mn,th ¼ 264þ[styrene]0*MM*conversion/[NHSBr]0 the theoretical number-average molar mass with MM the molar mass of the
monomer.Mn,SEC andMn,NMR themolecular weights obtained by SEC and NMR analyses respectively. PS-TANI are obtained at 70 �C under conventional heating.wt.% TANI is the
content of TANI within the final polymer obtained from wt% TANI ¼ MTANI/[MTANI þMn, SEC,PS precursor] with MTANI the molar mass of HCl-doped TANI, i.e. 436 g mol�1. All the
experimental conditions are done for quantitative yield as measured by NMR spectroscopy.

PS precursor polymer Conducting PS-TANI

Name Reaction
time (min.)

Conv.
%

Mn,th

(g mol�1)
Mn,SEC

(g mol�1)
Mw/Mn Mn,NMR

(g mol�1)
Name Doped TANI

%wt
Conductivity
S cm�1

Styr11 45 10 5100(1) 5380 1.15 4800 Styr11-TANI 7.0 5.0
Styr12 75 47 10040 10560 1.10 11130 Styr12-TANI 4.0 2.3
Styr13 100 51 21480 N/A N/A 19760 Styr13-TANI 2.0 0.2
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of the PS as obtained via ATRP (at about 1743 cm�1). The spectra of
PS-doped-TANI and PS-undoped-TANI contain the peaks of PS.
After subtraction of the spectrum of precursor PS they are very
close to the spectra of doped and undoped polyaniline, especially
below 2000 cm�1.

FTIR characterization confirmed that bothparts (PS andTANI) are
presentwithin the samplehowever there is noproofof theefficiency
of the coupling reaction between the PS precursor polymer and the
TANI. The couplingefficiency is revealedwith the 1HNMRanalysis of
the end-capped PS and the complete disappearance of the succini-
mide group (COeCH2eCH2eCO) at 2.8 ppm in CDCl3.

As reported in Table 2, all PS-HCl-doped TANI were conducting
even at the lowest TANI content. Moreover, the conductivity
increases with the TANI content up to the conductivity result of
pure TANI indicating that the percolation threshold is reached
before 7 wt% of TANI. It is worth noticing that a PS/TANI composite
obtained by the blending method is insulating in this TANI content
range, a value of 2.10�5 S cm�1 has been measured for a PS/TANI
blend containing 7.5 wt% doped TANI. The synthesis of block
copolymer or end-capped polymers allows lowering the percola-
tion threshold to obtain high conductivity at low and controlled
TANI content. Previous articles already reported that conjugated
rod-coil copolymers show self assembly characters. The conjugated
rod is assimilated to a crystalline domain that can be sterically
separated by coils and thus provides nanoscale supramolecular
architectures. Moreover, strong intermolecular interactions among
the conjugated rods favour the formation of conducting network
[55e57]. This phenomenon may help to decrease the percolation
threshold as noticed within the present results. Further experi-
ments are under progress and will be the aim of a future article
Fig. 7. FTIR characterization of conducting end-capped PS and precursors. Precursor PS
was obtained via ATRP with NHSBr/CuBr/PMDETA and TANI was obtained via oxidative
method as described within the experimental part. The PS-doped TANI is obtained
under conventional heating and is alkali treated to obtain the PS-undoped TANI.
dedicated to the study of the phase separation and the film
structure.

In the last stage, it was interesting to knowwhether the PS-TANI
could be obtained following amicrowave approach for both steps i.e.
the precursor block synthesis and the coupling reaction with TANI.
The optimized experimental conditions described above been
carried out to obtain a PS block i.e. amicrowave irradiation power of
80 W, for 90 min using the SPS mode. The characterization
confirmed the synthesis of aa,u-functionalizedPS (NHS-PS-Br)with
Mn,th¼ 7960 gmol�1,Mn,SEC¼ 7710 gmol�1,Mn,NMR¼ 6300 gmol�1

andMw/Mn ¼ 1.10. The coupling reactionwas then again carried out
under microwave irradiation: SPS mode, set irradiation power of
30 W and at a temperature of 70 �C. Under these experimental
conditions,microwave process has considerable effect on the rate of
the reaction and the coupling reaction is quantitative within 12 h
insteadof several days using conventional heating as revealedby the
disappearance of the peak of the succinimide group at 2.8 ppm by
NMR spectroscopy. This new PS-HCl-doped TANI contains 4.7 wt%
HCl-doped TANI and exhibits a conductivity of 2.0 S cm�1; this result
is in accordance with those reported in Table 2. Due to the use of
oligomer of TANI, the polymers were all soluble in THF. SEC based
data of both the precursor PS and the end-capped PS obtained via
obtained under MW irradiation are reported in Fig. 8.

The differential number fraction distribution, represented by
the ratio of the differential refractive index to the molar mass (DRI/
M) vs. the logarithmic molar mass, allows an evaluation of the
molar fraction of samples [58] and enhances any trace of residual
precursor polymer. No un-reactive precursor polymer seems to
appear in Fig. 8; moreover a slight increase of the final end-capped
Polystyrene Precursor
PS-TANI block copolymer

D
R

I/M

M.10-3
87.5 8.5

Fig. 8. Number molar mass distribution of the precursor PS obtained via ATRP and the
PS-TANI. Both are obtained under MW irradiation.
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polymer molar mass versus precursor polymer is noticed as
expected due to the small size of the TANI end-group. Furthermore,
this is in good agreement with the NMR analysis and let think that
all the precursor polymer chains have been end-modified. It is also
worth noticing that no low molar mass materials are detected
which indicates that the microwave irradiation as used within this
synthesis (polymerization and coupling reaction) is a non-
destructive method. This result shows the feasibility of conducting
end-capped polymers with strong acceleration of both polymeri-
zation rate and coupling reaction, controlled size and chemical
formulation under MW irradiation.

4. Conclusion

The synthesis of a conducting material made of an insulating
moiety and an intrinsically conducting part requires a homoge-
neous dispersion of the conducting moiety. Within this study,
microwave assisted synthesis has been tested both in polymer
synthesis and polymer functionalization. Conducting end-capped
polymers with controlled architectures in terms of molecular size
of both the insulating and the conducting parts as well as the
chemical formulation have been obtained. The synthesis has been
performed under conventional heating and microwave irradiation
to highlight the effect of MW heating. Characterization of the
resulting polymers demonstrates that the synthesis using micro-
waves results in materials with properties equivalent to those
obtained when using conventional heating routes. Beneficially,
microwave-assisted polymerization allows a reduction in the
reaction time and energy saving. Similar interesting rate accelera-
tion as already mentioned within previous article [46] has been
observed even though it is a completely different system in terms of
way of polymerization, monomer and reactive medium chemical
natures. Conducting polymers containing an optimized HCl-doped
TANI content (from 2 to 7 wt%) and reasonable conductivity
(0.2e5 S cm�1) have been obtained. Further experiments are
currently under progress to first better understand the microwave
effect on the kinetics of controlled radical polymerization and
second to apply the microwave-assisted synthesis to larger range of
conducting materials in terms of chemical formulation (insulating
polymer, PANI content) and macromolecular architectures.

Appendix. Supplementary information

Supplementary data related to this article can be found online at
doi:10.1016/j.polymer.2010.11.016.
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a b s t r a c t

Polylactides exist in different stereochemical compositions, as pure L-(PLLA), pure D-(PDLA), or mixtures
containing the two enantiomeric forms in varying amounts. Polylactides of different stereochemical
compositions differ in their solubility in THF. Based on the difference in solubility a gradient chro-
matographic method was developed allowing separation of polylactides differing in their stereochemical
compositions (excess of enantiomers, e.e.). Moreover, blends composed of polylactides having different
stereochemical purity could be separated into their individual components. However, for mixtures of
PDLA with PLLA an additional peak was observed at higher elution volume. Since this peak cannot be
attributed to any of the individual components, this peak might result from the formation of the
stereocomplex described in literature.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Polylactic acid (Polylactide, PLA), a biodegradable, thermoplastic
polymer derived from renewable sources, is attracting much
attention due to its bio-based synthesis and biodegradability [1,2].
The properties of PLA can be adjusted by controlling process
conditions, molecular weight distribution, stereochemical compo-
sitions etc [3]. Thus, PLA can be used in a broad range of applica-
tions e.g biomedical materials for surgical sutures [4e6], drug
delivery systems [7,8] and internal bone fixation [9]. PLA attracts
also much attention as packaging materials for food, agricultural
mulch films, fibers etc [10].

In spite of the unique characteristics and versatile applications
of PLA, the commercial viability has been limited so far. Beside cost
factors this is due to the lack of knowledge on the relationship
between PLAs molecular structure and the macroscopic properties.

The monomer of PLA, lactic acid, contains a stereocenter,
resulting in the two enantiomers L- and D-lactic acid. The incor-
poration of these monomers into the polymer results in poly-
lactides of different stereochemical compositions and distributions.
The amount and distribution of the D- and L-lactic acid units have
a significant influence on the chemical, physical, mechanical, and
degradation properties [11,12,13,14]. For example, pure PLLA and
PDLA are semicrystalline, while Poly(D,L-lactide) (PDLLA) is known
ut (German Institute for Poly-
any. Tel.: þ49 6151 162804;
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to be amorphous. Furthermore, the melting point decreases with
decreasing enantiomeric purity [15]. Therefore determination of
the stereochemical composition and distribution is very important
in studying the relationship between molecular structure and
application properties, as well as to control the properties of PLA
during synthesis.

The average stereochemical compositions can be determined
based on the specific optical rotation [16,17], but no information
can be obtained on the distribution of the enantiomers among the
polymer chains by this method. Such information requires the
application of a suitable separation technique.

In the present work, we present a study on the separation of
polylactides according to differences in stereochemical composi-
tion using gradient chromatography.

2. Experimental

2.1. Samples and solvents

PLA-Samples of different stereochemical composition were
obtained from Boehringer Ingelheim Pharma GmbH & Co.KG
(Ingelheim, Germany) and Purac Biochem (Gorinchem, the
Netherlands).

Chloroform (CHCl3) and n-hexane were purchased from VWR
(Darmstadt, Germany) and used as received. Technical tetrahy-
drofuran (THF, BASF Ludwigshafen, Germany), was dried over
calcium hydride and distilled. 1,1,1,3,3,3-hexafluoro-2-propanol
(HFiP) was purchased from Chempur (Karlsruhe, Germany) and
used after distillation.

mailto:wradke@dki.tu-darmstadt.de
www.sciencedirect.com/science/journal/00323861
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Table 1
PLAs with different stereochemical compositions and specific rotations.

Sample L/D-ratio Spec. opt.
Rotation

Mw

[103 g/mol]a�
Crystallinityb Solubility

in THFc

1 100/0 278 � 5 87 sc i
2 100/0 278 � 8 191 sc i
3 100/0 298 � 4 338 sc i
4 100/0 280 � 4 599 sc i
5 100/0 286 � 1 691 sc i
6 100/0 310 � 7 1340 sc i
7 100/0 285 � 1 1440 sc i
8 96/4 272 � 4 600 sc i
9 96/4 271 � 5 680 sc i
10 90/10 227 � 4 1600 a 2.5 h at RT
11 85/15 211 � 6 383 a 1 h at RT
12 85/15 202 � 1 896 a 1 h at RT
13 85/15 208 � 4 1250 a 1.5 h at RT
14 50/50 0 13 a 1.5 h at RT
15 50/50 0 20 a 1 h at RT
16 50/50 0 29 a 1 h at RT
17 50/50 0 320 a 2.5 h at RT
18 0/100 282 � 7 455 a i

a Mw ¼ weight-average molecular weight, determined by size exclusion chro-
matography in CHCl3, calibrated with polystyrene standards.

b sc: semicrystalline, a: amorphous.
c i: insoluble in THF.

Fig. 1. DSC curves (2nd heating) of polylactides having different optical purities.
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2.2. DSC

Differential scanning calorimetry (DSC) measurements were
performed on a Mettler Toledo DSC 822e instrument. Temperature
calibration was performed using indium and zinc. Melting endo-
therms were determined by heating the samples from 0 �C to
250 �C at a heating rate of 10 �C min�1. The samples were then
cooled to 0 �C at a cooling rate of 10 �C min�1 and after 5 min
a second heating run to 250 �C was performed.

2.3. SEC

The averagemolecular weight was determined by size exclusion
chromatography in chloroform using a Micro-SEC-System EcoSEC
with RI-detection produced by TOSOH Bioscience (Tokyo, Japan).
The SEC-column set was composed of SDV 1000 Å and SDV 105 Å
(PSS Polymer Standards Service GmbH, Mainz, Germany). A flow
rate of 1 mL/min was applied. The sample concentration was 2 g/L
with an injection volume of 20 mL. The solvent contained small
amount of toluene as flowmarker to correct for flow rate variations.
The SEC was calibrated with polystyrene standards with molar
masses ranging from 580 to 7 450 000 g/mol (PSS Polymer Stan-
dards Service GmbH, Mainz, Germany). The calibration data were
fitted by a third order polynomial. For data acquisition and evalu-
ation PSS WINGPC Unity Software (PSS Polymer Standards Service
GmbH, Mainz, Germany) was used.

2.4. HPLC

The HPLC measurements were performed using an Agilent
Series 1100 (Agilent Technologies, Santa Clara, USA) chromatog-
raphy system, consisting of a degasser (G1379A), a quaternary
pump (G1311A) and an autosampler (G1313A). The temperature of
the column was controlled to 35 �C using a column thermostat
“Jetstream II Plus” (Techlab, Erkerode, Germany). For detection an
evaporative light scattering detector (ELSD), ELS 1000, (Polymer
Laboratories, Church Stretton, England) was used. Data acquisition
and evaluation was performed using PSS WINGPC Unity Software
(PSS Polymer Standards Service GmbH, Mainz, Germany). Separa-
tions were carried out using a Nucleosil 1000 Å silica column
(7 mm particles, 250 mm length and 4.6 mm ID), produced by
Macherey&Nagel GmbH & Co. KG (Dühren, Germany).

2.5. Determination of the specific optical rotation

The specific optical rotations of the samples used were deter-
mined using a polarimetric detector “Chiralyser” produced by IBZ
Messtechnik GmbH (Hannover, Germany). The samples were dis-
solved in CHCl3 at a concentration of 1 g/L and injected with an
injection volume of 20 ml into an SEC system Agilent Series 1200
(Agilent Technologies, Santa Clara, USA), consisting of a binary
pump (G1312A) and an autosampler (G1329A). A SEC-column PSS
PFG 100 Å (300 mm length and 8 mm ID, PSS Polymer Standards
Service GmbH, Mainz, Germany) was used.

3. Results and discussion

The samples used in this study, the information of the suppliers
on their stereochemical composition, the determined weight
average molar masses and determined specific optical rotations are
listed in Table 1. The presented weight average molar masses are
given relative to a PS-calibration. Assuming validity of the universal
calibration principle and using the Mark-Houwink-parameters
(a ¼ 0,73 and K ¼ 5,45 � 10�4) for PLA [18] and for PS (a ¼ 0,78 and
K ¼ 5,2 � 10�3)[19] in chloroform the use of a polystyrene
calibration curve is expected to overestimate the true molar masses
by approximately 60%.

To determine the crystallinity of the samples, DSC experiments
were conducted. Fig. 1 shows the thermal behaviour of five PLA-
samples of different stereochemical compositions in the first
heating cycle. It can be seen that the pure PLLA and pure PDLA
exhibit an endothermicmelting peak at 193 �C. As the optical purity
is reduced to 92% (L/D 96/4), the melting peak appears at a lower
temperature at 159 �C. The samples of lower optical purities (L/D
85/15 and 50/50) don’t show melting peaks at all. This indicates
that samples of higher optical purity, pure D or L or 96/4, are crys-
talline or semicrystalline, while samples of lower optical purity are
amorphous, which corresponds to literature [20]

The solubility of the samples in THF was also investigated. Fig. 2
shows themelting points of the PLAs as black bars. Solubility in THF
is indicated by a shaded area. It can be observed that samples
showing amelting behaviour (black bar) do not show a shaded area
and vice versa. Therefore all semicrystalline PLAs are insoluble in
THF, while the amorphous PLAs can be dissolved in THF, indicating



Fig. 2. Melting points (determined from the second heating run) and THF-solubility of
PLA-samples. Black columns: Melting temperature of the samples. Shaded columns
indicate solubility of the samples in THF. The figure contains samples which have not
been listed in Table 1. However, these samples have not been used for the chro-
matographic investigations.

Fig. 3. Gradient CHCl3-Hexane-THF-CHCl3.

Fig. 4. Overlay of normalized chromatograms of PLAs having different stereochemical
compositions. Gradient described in Fig. 3.
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that the solubility in THF depends on crystallinity. Since the crys-
tallinity correlates with the stereochemical composition, it can be
concluded that PLAs of different stereochemical compositions can
be distinguished by their solubility in THF.

As a result of the correlation between stereochemical compo-
sition and solubility in THF, it might be possible to achieve a sepa-
ration according to stereochemical composition based on the
differences in solubility. Chloroform was found to be a solvent for
all samples irrespective of the stereochemical composition, while
n-hexane was identified as a precipitant.

If PLAs are injected in 100% CHCl3 onto a polar stationary phase
theybecomeadsorbeddue to the lowpolarity of CHCl3. THFdesorbes
the samples resulting in elution from the column. However, our
attempts to separate PLAs by stereochemical composition using
a simple gradient from CHCl3 to THF, thus using a gradient based on
desorption/adsorption effects were not successful. This was most
probably due to theadditional adsorption effectsof polarend-groups
of the PLAs.

Therefore the gradient in Fig. 3 was developed based on
following considerations: The samples dissolved in CHCl3 were
injected into the column using CHCl3 as the mobile phase, resulting
in adsorption. The adsorbed samples were precipitated within the
column by changing the mobile phase from the good solvent but
weak eluent CHCl3 to the non-solvent hexane. After precipitation
a gradient from hexane to THF was applied. Thus, samples soluble
in THF, i.e. amorphous PLAs of lower stereochemical purity, should
be dissolved. At the same time, the dissolved samples are supposed
to be eluted, since THF has a higher polarity than CHCl3 resulting in
desorption [21]. In contrast, samples of higher stereochemical
purity (pure PLLAs and PDLAs), are expected to remain in the
column, since they are insoluble in THF. Upon application of
a gradient from THF to CHCl3 the samples will be redissolved at
a specific amount of CHCl3. Because the simple gradient from CHCl3
to THF has shown that all PLAs can be eluted, the application of the
gradient step from THF to CHCl3 should result in elution of those
samples that cannot be eluted in pure THF. Based on these
considerations the pure enantiomers should separate from samples
of lower stereochemical purity.
The chromatograms of selected samples of different stereo-
chemical composition obtained applying the described gradient,
are shown in Fig. 4. As expected, with increasing enantiomeric
excess the samples indeed elute at higher elution volumes. Since an
achiral column was applied pure PDLAs and PLLAs elute latest, at
identical elution volume. The amorphous PLAs elute within the
gradient step from hexane to THF. Contrary to our expectations,
however, pure PDLAs and PLLAs do not elute in the gradient step
from THF to CHCl3, but earlier, also in the gradient step fromhexane
to THF. However, they elute later than the amorphous samples at
higher THF contents. This unexpected result may be explained, by
the fact that the PLLAs and PDLAs might precipitate onto the
stationary phase as isolated chains due to the low concentration.
This might alter the solubility in comparison to PLA pellets. The
dependence of the retention volume on the stereochemical
composition for all samples is more clearly visualized in Fig. 5.

It can be seen in Fig. 5 that the elution volume does not decrease
linearly with decreasing e.e., but approaches a limiting value when
the enantiomeric excess is lower than about 80%. This means the
described gradient should be applicable to study the stereochem-
ical composition distribution of samples having high L- or
D-content. This might at first glimpse be a drawback. However,



Fig. 5. Dependence of elution volume on enantiomeric excess.
Fig. 7. Chromatograms of sample 3, sample 17 and a 50/50-mixture (wt/wt) of them.
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since the change in crystallinity and thus influence on the
mechanical properties of the material happens at rather low
contents of the second enantiomer, the developed gradient might
be suitable to distinguish samples close to the ones having a critical
enantiomeric excess.

It can also be seen in Fig. 5 that sample 14, the PDLLA with
molecular weight of 8000 g/mol elutes significantly earlier than
sample 17, the PDLLA-sample having a high molecular weight of
170 000 g/mol, indicating that the elution volume is influenced by
molecular weight as well.

To clarify the effect of molecular weight on elution volume
the chromatograms of samples having identical stereochemical
composition but differing in molecular weights are compared in
Fig. 6. Normalized chromatograms of (A) three PDLLA, (B) three PLAwith an L/D-ratio of 85/1
on molecular weight for the PLLA-samples (The line just serves as a guide for the eye). No
Fig. 6AeC. In Fig. 6D the dependence of elution volume on molec-
ular weight is plotted for the six PLLA-samples.

In the first three plots in Fig. 6 a shift of the chromatogram to
higher elution volume with increasing molecular weight can be
observed, indicating an effect of molecular weight on elution
volume. However, as demonstrated in Fig. 6D, the elution volume
varies significantly for lower molar masses but approaches
a limiting value at high molar mass. Thus, for PLAs with molar
masses above 10 000 g/mol the stereochemical composition is the
main factor influencing the elution volume, while for lower molar
masses the molecular mass has to be taken into account as well.

So far it has been shown that samples of different enantiomeric
excess elute at different retention times in the developed gradient.
5, (C) six PLLA-samples in gradient chromatography, (D) Dependence of elution volume
te the different scales on the volume axis.



Fig. 8. Chromatograms of mixtures of sample 3 (PLLA) and sample 18 (PDLA) at
different blend compositions.
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The question arises, whether blends of samples of different
stereochemical compositions can be separated into their compo-
nents as well. To answer this question sample 3 (PLLA) and sample
17 (PDLLA) were mixed in a 1:1 ratio (wt/wt) and injected into the
gradient chromatography. Fig. 7 shows the chromatograms of the
blend in comparison to the chromatograms of the individual
components of the same concentration.

In Fig. 7 two peaks are observed for the mixture, whose peak
positions correspond to those of the individual components.
Therefore it is proven that samples differing in their stereochemical
compositions can actually be separated.

Since the two enantiomerically pure PLAs, PDLA and PLLA, elute
at the same elution volume of about 21 mL, a mixture of PDLA and
PLLA is expected to give rise to a single peak at the same retention
volume. To verify this statement sample 3 (PLLA, 170K g/mol) and
sample 18 (PDLA, 160K g/mol) were blended in various ratios and
analyzed using the above developed gradient. Fig. 8 shows the
chromatograms of such mixtures of different composition. As
expected, in all chromatograms a peak at 21 mL is observed.
Unexpectedly, however, an additional peak is observed for each
mixture at an elution volume of 25 mL. This elution volume
corresponds to the gradient step from THF to CHCl3. The relative
Fig. 9. Relative peak area of the peak at 25 mL in Fig. 8 versus mass fractions of sample
18 (PDLA) in the mixtures of PLLA and PDLA (The line just serves as a guide for the eye).
peak areas of both peaks vary with the blend composition. For the
pure sample 3 or 18, the peaks at 25 mL are of negligible intensity,
while for the mixture of 50% sample 3 and 50% sample 18 the
second peak is much larger than the first one which has almost
disappeared.

To illustrate this interesting effect the relative peak area of the
peak at 25 mL is plotted in Fig. 9 against the percentage of sample
18 in the blends.

Fig. 9 clearly shows an increase of the relative peak area of the
peak at 25 mL with increasing fraction of sample 18 until
a maximum is reached at a composition of 50% sample 18 and 50%
sample 3. A further increase in the amount of sample 18 decreases
the peak area of the second peak. This effect is probably a conse-
quence of the formation of stereocomplexes, which are formed by
mixing of PLLA and PDLA. The stereocomplex is known to exhibit
a higher melting temperature than the pure PLLAs or PDLAs. Ster-
eocomplexation of polylactides was first described by Ikada et al.
[22] and has been intensively investigated bymany research groups
[12,23e32].

4. Conclusions

In this work a chromatographic method was developed, in
which the retention volume of PLA varies with the excess of
enantiomers. The pure PDLAs and PLLAs elute later than samples of
lower stereochemical purity. However, PLAs having an enantio-
meric excess of less than about 80% elute at almost identical elution
volume and therefore cannot be separated. The application of the
developed gradient to blends of PLAs of different stereopurity
allowed separation into the individual components. Finally,
mixtures of pure PDLA and pure PLLA, which were expected to
show a single peak, revealed a second peak at significantly higher
elution volume, whose relative peak area depends on the PLLA/
PDLA-ratio of the blend. This effect is assumed to be a consequence
of the formation of stereocomplexes.
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a b s t r a c t

Poly(o-methylaniline) (POTO), poly(o-methoxyaniline) (POAS), poly(2,5-dimethylaniline) (PDMA), poly-
(2,5-dimethoxyaniline) (PDOA), and nanocomposite based on multi-walled carbon nanotubes (MWNTs)
and single-walled carbon nanotubes (SWNTs) embedded in these conducting polymers, were synthe-
sized by oxidative polymerization. We used the LangmuireSchaefer (LS) technique to fabricate films at
the airewater interface and performed the doping process on the undoped films by dipping the
substrates in 1 M hydrochloric acid (HCl) aqueous solution. We recorded UVevis spectra for both the
undoped and doped forms and calculated the related band gaps by using the Tauc equation. Experi-
mental data showed the substituents affected the final oxidation ratio of the polymer chains and the
presence of carbon nanotubes (CNTs) in the medium of reaction changed the properties in relation of the
kind and number of substituents along the aromatic ring. The study of UVevis spectra of the undoped
nanocomposites and the calculated band gaps highlighted that the conducting polymer chains simply
wrapped up around CNTs with no strong interaction. Both the kind and number of substituents along the
aromatic rings strongly affected the protonation process, since their capability of “tuning” the formation
of the polaronic state. The presence of CNTs in the polymer matrix showed no appreciable influence in
the chemical properties of the doped nanocomposites with respect to the pure conducting polymers.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

In recent years, two classes of organic materials like conducting
polymers and carbon nanotubes (CNTs) have gained great interest
for their unique physical chemistry properties [1e4]. An interesting
application can be the embedding of little quantity of CNTs, either
single-walled carbon nanotubes (SWNTs) or multi-walled carbon
nanotubes (MWNTs), inside the polymer matrix of conducting
polymers for the fabrication of nanocomposites [5,6]. This method
of synthesis, carried on by polymerizing the monomer in the
presence of a dispersion of CNTs, is very simple. Polyaniline
derivatives have been deeply studied among conducting polymers
in the last decades for their good electrical properties, easy
methods of synthesis and high environmental stability [7e10]. The
sity Centre for Research and
science and Nanotechnology,
taly. Tel.: þ39 010 35338217;

i).
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chemistry of polyanilines is generallymore complexwith respect to
other conducting polymers, due to their dependence on both the
pH value and the oxidation states, described by three different
forms known as leucoemeraldine base (fully reduced form),
emeraldine base (EB) (50% oxidized form), and pernigraniline base
(fully oxidized form). The most important is the EB form and its
protonation bymeans of Hþ ions, generated from protic acids, gives
the emeraldine salt form, responsible of the strong increment of the
conducting properties [11]. This process is reversible and it is
possible for the presence of imine group basic sites located along
the conducting polymer backbone [12,13]. The doping process of
polyanilines is always associated to conformational modifications
of the polymer chains, due to the local distortions created by the
addition of Hþ ions to the basic sites [14]. These distortions are even
able to affect the morphology of the deposited films by varying
their organization and play an important role in the electrical
properties of the conducting polymer [15]. The number and kind of
substituents along the aromatic rings of the polymer backbone
seems to affect the molecular rearrangement occurring during the
doping process and in some cases, the sterical hindrance generated
by “too close” substituents to the aromatic ring is responsible of the
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Table 1
Amounts of reagents used for the synthesis of the materials carried out in 200 ml of
1M HCl aqueous solution.

Synthesized Material MWNTs (mg) SWNTs (mg) Monomer (g) Oxidant (g)

POTO e e 9.97 5.26
POTO-MWNTs 100.8 e 10.08 5.32
POTO-SWNTs e 100.5 10.05 5.30
POAS e e 10.03 4.61
POAS-MWNTs 99.2 e 9.92 4.56
POAS-SWNTs e 100.7 10.07 4.63
PDMA e e 9.89 4.62
PDMA-MWNTs 99.5 e 9.95 4.65
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spontaneous undoping process [16]. Taking into account these
considerations, the aim of the present study was to investigate the
possible variations on polyaniline derivatives physical chemistry
properties by performing standardized oxidative polymerizations
onmonomers with different kind and number of substituents along
the aromatic rings. We carried out further investigations by poly-
merizing in the presence of dispersions of either MWNTs or SWNTs,
in order to study the influence of these materials in the medium of
reaction on the chemical properties of the synthesized conducting
polymers, as well as the properties of the related nanocomposites
with respect to the pure conducting polymers.
PDMA-SWNTs e 100.9 10.09 4.71
PDOA e e 10.04 3.70
PDOA-MWNTs 100.2 e 10.02 3.71
PDOA-SWNTs e 99.7 9.97 3.69
2. Experimental section

2.1. Materials

Monomers of ortho-methylaniline, ortho-methoxyaniline, 2,5-
dimethylaniline, 2,5-dimethoxyaniline, ammonium persulfate
[(NH4)2S2O8] as oxidizing agents and other reagents were obtained
from Sigma. We purchased High purity MWNTs and SWNTs from
NANOCS Inc, New York, USA. MWNTs had a diameter ranging
between 30O 40 nm and length between 40O 50 micron. SWNTs
had a diameter of w2 nm for individual tubes and length
ofw500 nm. Fig.1 shows the chemical structure of monomers used
in the syntheses.
2.2. Syntheses of pure conducting polymers and related
nanocomposite materials

The standardized synthesis of both nanocomposite materials
and pure conducting polymers was carried out by oxidative poly-
merization under controlled conditions, maintaining the temper-
ature at 0 O 4 �C by means of an ice bath for 24 h. The medium of
reaction was 200 ml of 1 M HCl solution of the monomers. For the
synthesis of the nanocomposites, we dispersed 100 mg CNTs in the
medium of reaction by sonication. We performed the sonication by
means of SONIC 300 VTequipment, setting a 10% power for 1min in
order to only disperse CNTs without braking processes. We used
a monomer/MWNTs weight ratio of 100/1 and a monomer/oxidant
molar ratio of 4/1, following methods of polymerization previously
performed [17]. We utilized the same ratios on using SWNTs for the
synthesis of the related nanocomposites. Table 1 resumes the
amounts of reagents used for the synthesis.

Particular care was taken on adding the oxidizing agent to
have the most reproducible conditions at the very begin of the
Fig. 1. Chemical structure of the monomer used for the synthesized materials. a)
ortho-methylaniline; b) ortho-methoxyaniline; c) 2,5-dimethylaniline; d) 2,5-
dimethoxyaniline.
polymerization. In order to obtain the solvent processable undoped
form, we filtered and subsequently treated the crude materials in
the doped form (emeraldine salt form) with ammonium hydroxide
for 2 h. We finally filtered the undoped materials (EB form) and
performed a treatment with methanol and diethyl ether in order to
eliminate the oligomers, followed by the evaporation of the residue
solvents by vacuum. We synthesized the pure polymers by
following the same steps carried out for the nanocomposites, save
for the presence of either MWNTs or SWNTs in the medium of
reaction. The final products, in the EB forms, were completely
soluble in chloroform. Fig. 2 illustrates the scheme of synthesis.
2.3. Fabrication of LS films

We fabricated the Langmuirmonolayers in a LangmuireBlodgett
trough (MDTcorp., Russia), 240mm� 100mm in size and 300mL in
volume, having a compression speed of 1.67 mm/s (100 cm2/min).
The spreading solutions of pure conducting polymers and nano-
compositesmaterialswere prepared by dissolving 5mgofmaterials
in 20 ml of chloroform. The LangmuireSchaefer (LS) films were
deposited at airewater interface, maintaining the surface pressure
at 25 mN/m [6,15e17]. We used distilled water as subphase for the
deposition to obtain films of the materials in the undoped form.We
subsequently performed the doping process on the deposited films
in the undoped form by dipping the substrate in 1 M HCl aqueous
solution for 1 h. Experimental observations highlighted that the
dopingprocess reached the top just after 30minof dipping. Anyway,
as will be discussed in the next section of the paper, the presence of
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Fig. 2. Scheme of the synthesis leading to the formation of a repeat unit starting from
monomers. Basing on the fraction of imine nitrogen groups per repeat unit it is
possible to obtain different reduced/oxidized polymer chains as following: Fully
reduced form (leucoemeraldine base) for y ¼ 1; Fully oxidized form (pernigraniline
base) for y ¼ 0; Half oxidized form (emeraldine base) for y ¼ 0.5.
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specific substituents along the aromatic rings represented a barrier
to the complete protonation of the imine group basic sites during
the doping process.

2.4. Optical measurements and band gap calculation

We recorded the UVevis spectra of the nanocomposite mate-
rials and the corresponding pure conducting polymers, deposited
in thin films on quartz substrates, in both the undoped and doped
forms by using a UVevis spectrophotometer Jasco V530 with
software. We recorded UVevis spectra by ranging between
250 O 1000 nm, setting 100 nm/min scanning speed and 1.0 nm
data pitch. We thus utilized the spectra for the calculation of the
band gap by means of the Tauc equation:

a ¼ B
ðhv� EgÞn

hv
(1)

where a is the absorption coefficient, B is a fitting parameter, h is
the Planck constant, n is the photon frequency, Eg is the band gap,
and n takes into account different possible electronic transitions
responsible for the light absorption [18]. On considering polyaniline
and its derivatives, n ¼ 1/2 [19]. All calculations were subsequently
obtained from UVevis spectra plotted as (ahn)2 vs. hn, and the
energy gapwas obtained by the intercept on the abscissa of the best
fitting of Equation (1).

3. Results and discussion

3.1. Syntheses of pure conducting polymers and related
nanocomposite materials

We studied the standardized oxidative polymerization, carried
out for the synthesis of both pure conducting polymers and related
nanocomposite materials, to investigate whether the presence of
dispersed CNTs into the medium of reaction could affect the poly-
mer chains oxidation ratio in the final products of synthesis. In
Fig. 3 is proposed themonomers oxidation stoichiometry, bymeans
of (NH4)2S2O8, to polyaniline derivatives chlorides in acidic
medium for HCl.

For this purpose, we studied the UVevis spectra to verify the
amount of quinone-like structure per repeat unit, as illustrated in
Fig. 2. McCall and co-workers gave proof that the peak related to
the pep* transition can give an estimation of the oxidation ratio
NH NH NH NH
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Fig. 3. Stoichiometry of monomers oxidation by means of (NH4)2S2O8 in acidic
medium for HCl. The synthesis leads to polyaniline derivatives chlorides.
comparing the related absorbance to that of nep* one [20], which
will be fully discussed in the next section. We thus took into
consideration the peaks absorbance ratio, express as Abs
(pep*Undoped)/Abs(nep*Undoped), to calculate the reduced/oxidized
ratio of the synthesized materials. In Figs. 4 and 5 are reported the
UVevis spectra of all materials in the undoped form.

On taking into account monosubstituted aromatic rings con-
ducting polymers, POTO and POAS, the oxidative polymerization
issued polymer chains with a more predominant reduced form (see
Fig. 4). This predominance was much more evident for POTO and
related nanocomposites than POAS based materials. Anyway, the
presence of CNTs dispersed in the medium of reaction showed to
increase the oxidation grade of the polymer chains in both cases, as
summarized in Table 2.

The study of the disubstituted aromatic rings polymer chains
highlighted a reduced/oxidized ratio close to 1 for all the materials
based on PDMA and PDOA (see Fig. 5). Interestingly, the presence of
CNTs in the medium of reaction had a minor influence than
previously illustrated for monosubstituted ones. Furthermore, we
observed an opposite trend for the related nanocomposites (see
Table 2). In fact, while polymer chains containing electron donor
substituents along the aromatic rings, such as the methoxy group
(CH3Oe) in PDOA, showed a slight decrement of the reduced form
per repeat unit, an opposite effect was obtained in the presence of
non-electron donor substituents, such as the methyl group (CH3e)
in PDMA. Suparina and co-workers gave a full view of the mecha-
nism of reaction involving the oxidative polymerization of aniline
monomers by means of (NH4)2S2O8 as oxidizing agent in an acidic
medium [21]. When the acidic medium has a pH<2.5 the oxidative
polymerization proceeds, as a chain reaction, by adding further
monomers to the active chain ends [22]. In the case of polyaniline,
the 95% of macromolecules follow a growing chains head-to-tail
para position, while the remnant 5% is oriented to the ortho posi-
tion [23e25]. Taking into account the monomers used for our
polymerizations, the occupied ortho position for all of them
enhanced the growing chains head-to-tail para position. Anyway,
the meta position was free for ortho-methylaniline and ortho-
methoxyaniline monomers, thus leading to the formation of
instable intermediates capable to stop the polymerization. In fact,
the rate of monomers oxidation is affected by the presence of small
amount of phenilenediamines reaction intermediates, such as
1,2-phenylenediamine, 1,3-phenylenediamine, and 1,4-phenyl-
enediamine, respectively [26,27]. Specifically, while 1,4-phenyl-
enediamine intermediate shortens the induction period and “pave
the way” for the successive chains growing process, 1,3-phenyl-
enediamine extends this period, and 1,2-phenylenediamine has
practically no effect on the oxidation process. Furthermore,
1,3-phenylenediamine intermediate (meta position) tends to
disrupt the formation of pernigraniline-like structure during the
growing process. The polymerization then proceeds as illustrated in
the schematic of Fig. 6, where protonated pernigraniline chains
grow by adding anilinium cations in para position and the possible
delocalization of the positive charges along the polymer backbone
strictly rules their stability, also increased by the best reachable
alignment (“in a plane” zigzag configuration) of the benzene/
quinoid-like rings.

The growing process ends after depletion of either the oxidizing
agent or the monomers and the final structure of the macromole-
cules strictly depends on the reagent in excess. For exceeding
oxidant (oxidant/monomer molar ratio over 1.5) the resulting
polymers remain in the pernigraniline form [28]. Either a mono-
mer/oxidant molar ratio equals to 1.25 or more than this limit leads
to a reduction of pernigraniline to emeraldine form [29]. Proton-
ated pernigraniline chains thus reduce to the emeraldine form, at
the end of the oxidation process, by the aniline excess in the



Fig. 4. UVevis spectra of materials in the undoped form based on monosubstituted aromatic ring conducting polymer (POTO and POAS): a) POTO pure conducting polymer; b)
POTO-MWNTs nanocomposite material; c) POTO-SWNTs nanocomposite material. d) POAS pure conducting polymer; e) POAS-MWNTs nanocomposite material; f) POAS-SWNTs
nanocomposite material.
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medium of reaction [30]. Taking into account all considerations so
far discussed, the equal to 4 monomer/oxidant molar ratio used in
our syntheses allowed the formation of polymers in the EB form,
even though in different reduced/oxidized segments ratio. For the
pure conducting polymers, the presence of substituents along
the aromatic rings produced a “tuning” effect on the final structure.
The explanation takes into account the monomer consumption in
relation of the growing positive charged pernigraniline-like poly-
mer chains. Since both the intermediates formation and the posi-
tive charges delocalization along the polymer backbone deeply
affect the stability of the growing chains, the sterical hindrance and
the electron donor effect played an important role in this process. In
order to have a clear vision of the following considerations, it is
important to underline that the CH3e group is “closer” to the
aromatic ring than the CH3Oe group, since the latter bears an
oxygen atom [31]. Furthermore, the CH3Oe can “supply” the
electron donor effect to the stability of the positive charges during
the polymerization. On considering the pure polymers, the pres-
ence of either CH3e or CH3Oe groups along the aromatic rings was
in fact responsible of a worse alignment due to a major sterical
hindrance with respect to polyaniline, since the substituents did
not allow a full “in a plane” configuration. The worse alignment
decreased the positive charge delocalization during the growing
process, and this gain in free energy resulted in an earlier stop of
the polymerization. The consequence was a decreased consump-
tion of monomers and the corresponding higher concentration in
the final medium of reaction corresponded to a major reduction of
the polymer-oxidized segments. It is very important to highlight
that disubstituted aromatic rings polymers showed a decreased
reduced/oxidized ratio with respect to monosubstituted ones. The
increased number of substituents would correspond to a major
sterical hindrance, thus to an increased reduced/oxidized ratio as so
far discussed. On the contrary, POTO and POAS did not show this
behavior, since for monosubstituted aromatic rings polymers we
have to take into account a third parameter. In fact, for these
materials the freemeta position allowed the 1,3-phenylenediamine
derivatives intermediate formation, which deeply affected the
propagation of pernigraniline-like structure during the growing
process as fully discussed above in this section [26,27]. The
consequence was an increased concentration of non-reacted
monomers in the final medium of reaction, responsible of an
increased reduction of the pernigraniline-like form. Therefore, the
sterical hindrance and the electron donor effect strictly ruled the
mechanism of reaction of pure conducting polymers in the case of
disubstituted aromatic rings. It mostly affects the “in a plane”
alignment of the aromatic rings responsible of the positive charges
delocalization, while the 1,3-phenylenediamine derivatives inter-
mediate formation took place since the very begin of the poly-
merization overruling the sterical hindrance and the electron donor
effect. This fact can also explain the little difference obtained
between PDMA and PDOA reduced/oxidized ratios, where
a doubled donor effect was not able to make the same difference
highlighted for POTO and POAS. The presence of CNTs dispersion
into the acidic medium of reaction affected all the synthesized
materials. Jimenez and co-workers recently carried out the poly-
merization of polyaniline into dispersions of MWNTs [32]. They
observed an acceleration of the polymerization when CNTs were
dispersed in the medium of reaction, since the induction period at



Fig. 5. UVevis spectra of materials in the undoped form based on disubstituted aromatic ring conducting polymer (PDMA and PDOA): a) PDMA pure conducting polymer; b) PDMA-
MWNTs nanocomposite material; c) PDMA-SWNTs nanocomposite material; d) PDOA pure conducting polymer; e) PDOA-MWNTs nanocomposite material; f) PDOA-SWNTs
nanocomposite material.

V. Bavastrello et al. / Polymer 52 (2011) 46e5450
the very begin of the synthesis decreased from 4 min for pure
polyaniline to approximately 90 s for all the nanocomposites. They
gave a possible explanation because of a catalytic effect of the CNTs
surface during the first stage of aniline oxidation. The catalytic
effect was due to the fact CNTs worked as nucleation points where
the polymer chains grew up. As previously described, the trend was
an extra decrement in the reduced/oxidized ratio for all the poly-
mers save for PDMA based nanocomposites, where the same ratio
Table 2
Calculation of the reduced/oxidized ratio of the synthesized materials by taking into
account the peaks absorbance, expressed as Abs(pep*Undoped)/Abs(nep*Undoped).
Abs(pep*Undoped) ¼ Absorbance of peak related to pep* transition of materials in
the undoped form. Abs(nep*Undoped) ¼ Absorbance of peak related to nep* tran-
sition of materials in the undoped form.

Material Abs (pep*Undoped) Abs (nep*Undoped) Oxidation ratio
Abs(pep*Undoped)/
Abs(nep*Undoped)

POTO 0.460 � 0.001 0.252 � 0.001 1.82 � 0.01
POTO-MWNTs 0.439 � 0.001 0.270 � 0.001 1.63 � 0.01
POTO-SWNTs 0.422 � 0.001 0.257 � 0.001 1.64 � 0.01
POAS 0.165 � 0.001 0.129 � 0.001 1.28 � 0.01
POAS-MWNTs 0.125 � 0.001 0.119 � 0.001 1.05 � 0.01
POAS-SWNTs 0.160 � 0.001 0.153 � 0.001 1.05 � 0.01
PDMA 0.228 � 0.001 0.204 � 0.001 1.11 � 0.01
PDMA-MWNTs 0.228 � 0.001 0.203 � 0.001 1.12 � 0.01
PDMA-SWNTs 0.180 � 0.001 0.155 � 0.001 1.16 � 0.01
PDOA 0.120 � 0.001 0.120 � 0.001 1.01 � 0.01
PDOA-MWNTs 0.152 � 0.001 0.169 � 0.001 0.90 � 0.01
PDOA-SWNTs 0.096 � 0.001 0.108 � 0.001 0.89 � 0.01
showed a slight increment. This behavior can find an explanation in
the support given by the peculiar chemical structure of CNTs to the
electron donor effect and in the partial negative counterbalance
given to positive charges delocalized along the growing polymers.
This “contact” among polymers and the surface of CNTs took place
since CNTs worked as nucleation point where the polymer chains
grew up by tangling around the surface without the formation of
Fig. 6. Scheme of the protonated pernigraniline chains growing process by addition of
anilinium cations in para position. Their stability is strictly ruled by the possible
delocalization of the positive charges along the polymer backbone, which is increased
by the best reachable alignment (“in a plane” zigzag configuration) of the benzene/
quinoid-like rings.
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strong interaction. The fact either using MWNTs or SWNTs equally
affected the final reduced/oxidized segments ratio is a further
support for the experimental results so far discussed. The
contribute of electron donor substituent seemed to be more rele-
vant than the partial positive charge counterbalance, and this can
explain the anomalous behavior found for PDMA based nano-
composite materials. The study of the optical properties, illustrated
in the next section, also supported all the considerations so far
discussed.
Fig. 7. Representation of nanocomposite materials based on wrapped up polymer
chains around CNTs without the formation of strong interactions.
3.2. Optical measurements and band gap calculation

As widely discussed in the previous section, the study of the
UVevis spectra collected for all the synthesized materials in the
undoped form (see Figs. 3 and 4) showed that the oxidative poly-
merization led to the formation of polymer chains EB form, due to
the presence of two bands. The first was assigned to the pep*

interband transition in the benzoid/quinoid ring structure, ranging
between 331 O 348 nm, and the second assigned to the nep*

transition from the nonbonding nitrogen lone pair to the conduc-
tion band p*, ranging between 594 O 688 nm, respectively [33]. In
Table 3 are reported the wavelengths of each band for all the
synthesized undoped materials.

The optical characterizations highlighted that the presence of
CNTs inside the polymer matrix produced no change in the pep*

transition. This result suggests that the polymer chains simply
wrapped up around CNTs with no strong interaction, as illustrated
in the representation proposed in Fig. 7, thus supporting the
considerations related to the polymer chains growing process
around the surface of CNTs previously highlighted.

On the contrary, the nanocomposites nep* transitions showed
a perceptible red shift with respect to the corresponding pure
conducting polymers, depending on the kind and number of
substituents along the aromatic ring (see Table 3). Specifically, the
presence of electron donor substituents, corresponded to a lower
energy in the nep* transitions, and subsequently to a major
availability of the imine group basic sites lone pairs, responsible of
the proton doping process illustrated in the schematic of Fig. 8.

The same effect did not take place when the substituents were
not electron donor. The presence of CNTs inside the polymer matrix
thus affected the properties of the CH3Oe group by enhancing the
electron donor effect and thus the availability of the lone pairs of
imine groups. We observed this change in the optical properties for
both the materials based on POAS and PDOA. We obtained for POAS
pure conducting polymer a wavelength of 654 nm for the nep*

interband transition, and 661 nm for both the related nano-
composite materials. PDOA pure conducting polymer showed the
nep* interband transitions at 677 nm, while the interband was at
685 nm in the case of MWNTs and at 688 nm in the case of SWNTs
Table 3
Wavelength of the peaks related to thepep* and nep* transitions for all materials in
the undoped forms.

Material pep*(Undoped) (nm) nep*(Undoped) (nm)

PDMA 331 � 1 594 � 1
PDMA-MWNTs 332 � 1 597 � 1
PDMA-SWNTs 331 � 1 597 � 1
PDOA 345 � 1 677 � 1
PDOA-MWNTs 345 � 1 685 � 1
PDOA-SWNTs 348 � 1 688 � 1
POTO 314 � 1 601 � 1
POTO-MWNTs 316 � 1 600 � 1
POTO-SWNTs 316 � 1 599 � 1
POAS 328 � 1 654 � 1
POAS-MWNTs 328 � 1 661 � 1
POAS-SWNTs 327 � 1 661 � 1
inside the polymer matrix, respectively. On the contrary, the
materials based on POTO and PDMA, where the aromatic rings of
the polymer chains have CH3e group as substituent, showed no
evident change since the nep* transition among pure conducting
polymers and the related nanocomposites ranged only 2 nm (see
Table 3). The calculation of the band gaps was performed taking
into account the pep* interband transition that is considered
a good estimation of the material band gap [34], by applying the
Equation (1) previously described, as shown in the graphics of
Fig. 9.

The experimental data, summarized in Table 4, showed no
differences between band gap values of mono and disubstituted
aromatic rings either considering the same or different groups.

A possible explanation can be the more stretched conformation
of the polymer chains due to the presence of substituents, which
are responsible of a “range-reduced” torsion angle among benzene/
quinoid-like rings, so generating a similar alignment for the elec-
tron delocalization along the conducting polymers. This result is
supported by the band gap calculated for polyaniline [30,35e37],
where the absence of substituents along the aromatic rings was
responsible of a major “tangling rate” of the polymer chains, which
turned into aworse alignment of the benzene rings and a decreased
electron delocalization [38,39]. The analysis of the UVevis spectra
Fig. 8. Scheme of the doping process by addition of Hþ ions to the imine basic sites
with formation of the polaronic state.



Fig. 9. Calculation of the undoped form band gaps for POTO (a), POTO-MWNTs (b), and POTO-SWNTs (c), obtained from UVevis spectra by plotting (ahn)2 vs. hn. The energy gap was
obtained by the intercept on the abscissa of the best fitting of Equation (1).

Table 4
Values of the band gaps (EgUndoped) calculated for the pep*

interband transitions of all materials in the undoped form.

Material Eg(Undoped) (eV)

PDMA 3.3 � 0.1
PDMA-MWNTs 3.3 � 0.1
PDMA-SWNTs 3.3 � 0.1
PDOA 3.2 � 0.1
PDOA-MWNTs 3.2 � 0.1
PDOA-SWNTs 3.2 � 0.1
POTO 3.4 � 0.1
POTO-MWNTs 3.4 � 0.1
POTO-SWNTs 3.4 � 0.1
POAS 3.1 � 0.1
POAS-MWNTs 3.2 � 0.1
POAS-SWNTs 3.2 � 0.1
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showed a very interesting behavior on doping with 1 M HCl protic
acid. The formation of the polaronic state and the presence of the
relative bands due to the polaronep* and pepolaron transitions
were obtained for materials based on POTO, POAS, and PDOA
respectively (see Figs. 10, 11 and 13), while these bands were
missing in the PDMA spectra (see Fig. 12).
Fig. 10. UVevis spectra of materials in the doped form based on POTO conducting
polymer: Solid line ¼ POTO pure conducting polymer; Semisolid line ¼ POTO-MWNTs
nanocomposite material; Dotted line ¼ POTO-SWNTs nanocomposite material.
The presence of the CH3e group along the aromatic rings of the
polymer chains seemed to have stronger effect than CH3Oe group
on the dopedmacromolecules. Since the doping process takes place
on the imine groups basic sites nitrogen atoms, characterized by
a planar configuration (sp2 hybridization), and the protonation
issues tetrahedral configuration (sp3 hybridization), this change in
the atoms spatial dispositionwas likely to be mostly affected by the
sterical hindrance for non-electron donor substituents. Moreover,
the doping process took place on solid-state films, with consequent
diminished degrees of freedom of the polymer chains. Taking into
account the major hindrance of CH3e substituents than CH3Oe
ones and the strong impediment generated to the modification of
the torsion angles on doping, it is thus possible to have an expla-
nation of the incomplete doping process occurring for PDMA and
related nanocomposites. More specifically, for PDMA based mate-
rials the pep* interband transition moved to shorter wavelengths
while a band centered at about 810 nm was formed. This behavior
was consistent with a very low protonation of the polymer chains
even using highly concentrated protic acids as doping agent. The
scarce protonation was anyway responsible for the reduced
conjugation among interchain aromatic rings which turned into
a pep* interband higher energy transition (hypsochromic shift).
Fig. 11. UVevis spectra of materials in the doped form based on POAS conducting
polymer: Solid line ¼ POAS pure conducting polymer; Semisolid line ¼ POAS-MWNTs
nanocomposite material; Dotted line ¼ POAS-SWNTs nanocomposite material.



Fig. 12. UVevis spectra of materials in the doped form based on PDMA conducting
polymer: Solid line ¼ PDMA pure conducting polymer; Semisolid line ¼ PDMA-
MWNTs nanocomposite material; Dotted line ¼ PDMA-SWNTs nanocomposite
material.

Table 5
Values of the band gaps (EgDoped) calculated for the polar-
onep* transitions of POTO, POAS, PDOA and related nano-
composites in the doped form. The calculation for PDMA
and related nanocomposites was obtained by considering
the pep* transition since for these materials the formation
of the polaronic state was impeded.

Material Eg(Doped) (eV)

PDMA 3.1 � 0.1
PDMA-MWNTs 3.1 � 0.1
PDMA-SWNTs 3.0 � 0.1
PDOA 2.3 � 0.1
PDOA-MWNTs 2.3 � 0.1
PDOA-SWNTs 2.3 � 0.1
POTO 2.7 � 0.1
POTO-MWNTs 2.7 � 0.1
POTO-SWNTs 2.7 � 0.1
POAS 2.5 � 0.1
POAS-MWNTs 2.5 � 0.1
POAS-SWNTs 2.5 � 0.1
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The reduced conjugation was also responsible of the red shift
occurring to the nep* interband, since the diminished “engage-
ment” of imine group lone pairs in this process (see Fig. 12). For the
monosubstituted aromatic ring polymer chains containing the
CH3e group (POTO and related nanocomposites), besides the
presence of the two bands mention above there was another one
related to the pep* transition, typical of the udoped form, centered
at about 310 nm and appearing as a shoulder of the polaronep*

transition band (see Fig. 10). Thus the sterical hindrance generated
by the CH3e groups strongly affected the doping process for the
double-substituted aromatic ring polymer chains (PDMA and
related nanocomposites), since the formation of the polaronic
states was impeded, while for monosubstituted aromatic
rings (POTO and related nanocomposites) was responsible of
an uncompleted doped material. The presence of CH3Oe group
reduced the sterical hindrance and allowed a very high protonation
Fig. 13. UVevis spectra of materials in the doped form based on PDOA conducting
polymer: Solid line ¼ PDOA pure conducting polymer; Semisolid line ¼ PDOA-MWNTs
nanocomposite material; Dotted line ¼ PDOA-SWNTs nanocomposite material.
of the polymer chains even when two substituents were present.
The UVevis spectra of both the materials based on POAS and PDOA
showed in fact the presence of the polaronep* transition band
centered at about 390 nm for the former and 420 nm for the latter,
while the pep* interband transition was absent (see Figs. 11
and 13). Moreover, the CH3Oe groups, acting as electron donor
substituents, were able to favor and enhance the doping process.
This was consistent with the experimental data, since the polar-
onep* transition band of PDOA based materials found at higher
wavelength than PDMA ones, indicating a higher grade of proton-
ation. Hence, for the CH3Oe group the electron donor effect is more
relevant than the sterical hindrance. These considerations, found
support by the calculation of the related band gaps (Figures not
shown), summarized in Table 5.

The presence of both MWNTs and SWNTs inside the polymer
matrix showed no modification in the chemical properties of the
doped materials save for a little increment of the pep* interband
transition of the POTO nanocomposites with respect to the pure
conducting polymer. It is possible that the only CH3e substituent is
not enough to compromise the formation of the polaronic state as
in the case of PDMA and related nanocomposites, but the presence
of CNTs in the polymer matrix seemed to reduce the degrees of
freedomwith consequent reduced protonation. This result was not
consistent with those recently obtained in water dispersible
composites [32], and the explanation can be find in the reduced
degrees of freedom in the solid-state.
4. Conclusions

We synthesized chloroform processable pure conducting poly-
mers and related nanocomposites by oxidative polymerization.
Thin solid films were prepared for all materials in the undoped
form bymeans of LS technique, and subsequently doped by dipping
the substrates in 1 M HCl aqueous solution. The oxidative poly-
merization issued EB form polymer chains with different oxidized
segments along the polymer backbone and the reduced/oxidized
ratio, depended on the kind and number of substituents along the
aromatic rings as well as on the presence of dispersion of CNTs in
the medium of reaction. We found for POTO and POAS a predomi-
nant reduced form, more evident for POTO than POAS, and
a reduced/oxidized ratio close to 1 for PDMA and PDOA. Further-
more, PDOA showed a slight decrement of the reduced form per
repeat unit, while we obtained an opposite effect for PDMA. The
experimental results found an explanation for the syntheses of
POTO and POAS in the 1,3-phenylenediamine intermediate
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formation at the very begin of the polymerization, overruling both
the sterical hindrance and the electron donor effect and responsible
of an earlier stop of the polymerization. On the contrary, in the
syntheses of PDMA and PDOA, since the lack the of 1,3-phenyl-
enediamine intermediate formation, both the sterical hindrance
and the electron donor effect strictly ruled the mechanism
of reaction and allowed a major consumption of monomers. The
presence of CNTs dispersion during the syntheses affected all the
synthesized materials, by acting as nucleation points for
the growing polymer chains. They also enhanced the electron
donor effect of the CH3Oe group and gave partial negative coun-
terbalance to the positive charges delocalized along the growing
polymers. The contribution of electron donor substituent was more
relevant than the partial positive charge counterbalance, and this
explained the anomalous behavior found for PDMA based nano-
composite materials. The calculation of the undoped material band
gaps showed no differences among mono and disubstituted
aromatic rings, either considering the same or different groups. The
doped materials UVevis spectra showed the presence of the rela-
tive bands due to the polaronep* and pepolaron transitions for
POTO, POAS, PDOA and related nanocomposites respectively, while
these bands were missing for PDMA based materials. The presence
of the CH3e group along the aromatic rings had more influence
than CH3Oe one in the atoms spatial configuration during the
doping process. The strong impediment to the modification of the
torsion angles upon doping generated by two CH3e groups along
the aromatic rings was in fact responsible of the incomplete doping
process occurring for PDMA and related nanocomposites, while
for POTO and related nanocomposites, the sterical hindrance
generated by only one CH3e group was only responsible of an
uncompleted doped material. The reduced sterical hindrance of
CH3Oe group allowed a very high protonation of the polymer
chains even when two substituents were present. The CH3Oe
groups, acting as electron donor, were also able to favor and
enhance the doping process. The presence of both MWNTs and
SWNTs inside the polymer matrix showed no modification in the
chemical properties of the doped materials save for a little incre-
ment of the pep* interband of POTO nanocomposites with respect
to the pure conducting polymer. It is possible that the only CH3e

substituent was not enough to compromise the formation of the
polaronic state as in the case of PDMA and related nanocomposites,
but the presence of CNTs in the polymer matrix seemed to reduce
the degrees of freedom with consequent reduced protonation. In
the light of the results discussed in this paper, the possibility of
“tuning” the physical chemistry properties of polyaniline deriva-
tives-CNTs nanocomposites in relation of the kind and number of
substituents along the aromatic rings of the monomers used in the
synthesis can be useful for the fabrication of materials with specific
characteristic. Different concentration of CNTs inside the polymer
matrix and their correlation to different substituents is under
consideration and will be the future task of our research.
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The atom transfer radical polymerization (ATRP) of styrene (St) was carried out in the presence of varying
equivalents (eq) of hexafluorobenzene (HFB) to probe the effect of piepi stacking on the rate of the
polymerization and the resulting tacticity of polystyrene (PSt) formed. The extent of interaction between
the electron deficient face of the HFB and the electron rich face of the styrenic or polystyrenic phenyl ring
was also examined as a function of reaction solvent, incorporating both non-aromatics (hexanes and
THF) and aromatics (benzene and toluene). It was found that in all cases the rate of the ATRP of St was
slowed by the addition of HFB to the reaction mixture, with increasing amounts of HFB (1 full eq.
compared to St) retarding the rate to a relatively greater extent compared to smaller amounts (0.5 eq).
Additionally, when aromatic solvents were used instead of hydrocarbons the effect of HFB on the rate of
the ATRP was minimized, consistent with the solvent itself competing with the styrenic phenyl groups
for piepi stacking interactions with HFB. The decreased rate in the presence of HFB is consistent with
a reduced ability of the terminal phenyl group on the PSt chain to stabilize the active polymer radical,
pushing the equilibrium further to the dormant alkyl halide. This interaction between the dormant alkyl
bromide and HFB was verified by 1H NMR, with 1-bromoethylbenzene used as the alkyl bromide. When
the ATRP of non-aromatic vinyl monomers was studied (butyl acrylate and methyl methacrylate),
the effect of HFB on the system was almost unnoticeable as expected due to their inability to participate
in piepi stacking interactions. The tacticity of the PSt formed in the presence of HFB was compared to PSt
formed in its absence by observing the C1 resonance on 13C NMR, but no change in the shape or chemical
shift of the signal was observed.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Controlled radical polymerization (CRP) has allowed for precise
synthesis of vinyl polymers to an extent historically unattainable
using radical-based methods. The hallmark of all CRP systems,
notably atom transfer radical polymerizations (ATRP) [1e7], nitro-
xide mediated polymerizations (NMP) [6,8], and reverse addition
fragmentation chain transfer (RAFT) [6,9,10], is the reversible
trapping of polymer radicals and the drastic suppression of bimo-
lecular termination pathways [2e7]. Of these methods, ATRP is the
most widespread owing to its ability to incorporate a plethora of
initiators and monomers and the robust nature of the reaction
system [1e7,11e14]. The position of the equilibrium (KATRP or kact/
kdeact) dictates the concentration of the active radical (Pn�), and is
primarily determined by the redox potential of the ligandemetal
complex, the choice of halogen, and the stability of the resulting
carbon-based radical [1,6]. As shown in the below equations, the
þ1 5705771739.
n).

All rights reserved.
position of this equilibrium is directly tied to the rate of the
polymerization:

Rate ¼ kp½Pn��½M�
Rate ¼ KATRPkp

½CuðIÞ�L�½R�X�½M�
½X�CuðIIÞ�L�

It is well known that the pi system in benzene creates a quad-
rupole moment; conversely the fluorine atoms on the perimeter of
hexafluorobenzene (HFB) pull electron density from the center of
the ring and create a quadrupole moment of the opposite signs
compared to benzene (Scheme 1, A) [15,16]. When benzene and
hexafluorobenzene (HFB) are mixed in 1:1 M amounts, they
participate in a face-to-face, alternating interaction known as piepi
stacking (Scheme 1, B) [17e19]. These piepi interactions have
found utility in synthetic chemistry, for example, by controlling the
stereochemistry of certain organic reactions and organometallic
complexes [20e22].

The ATRP of styrene (St) or other vinyl arenes represents
a system with a large quantity of aromatic faces capable of piepi
stacking with HFB. In terms of the application of piepi stacking to

mailto:etillman@bucknell.edu
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.11.005
http://dx.doi.org/10.1016/j.polymer.2010.11.005
http://dx.doi.org/10.1016/j.polymer.2010.11.005


Scheme 1. (A) Quadrupole moments for benzene and hexafluorobenzene. (B) Piepi
stacking interaction between benzene and hexafluorobenzene in the sandwich
configuration.
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polymer synthesis, the ATRP of St and pentafluorostyrene (PFS)
has been reported to produce an alternating copolymer in some
cases [18], speculated to be due to piepi stacking between the
two different monomer units. The same group has also reported
that copolymers consisting of PFS and vinylnaphthalene possess
the same alternating configurations of monomer units, likely for
the same reason [19]. The tacticity of the copolymers in the above
examples was not reported, and it is not known if piepi stacking
can impart stereocontrol on the polymerization of vinyl mono-
mers. While the synthesis of highly isotactic or syndiotactic
polymers is traditionally accomplished by coordination-insertion
polymerizations, such as Ziegler-Natta [23,24], stereoregulation
in ATRP has been shown possible by Lewis-acid-mediation,
producing isotactic polymers, and solvent-mediation, producing
syndiotactic polymers. These methods are only compatible with
polar monomers, such as acrylamide, that can either coordinate
with a Lewis-acid, or participate in hydrogen-bonding with
a polar solvent [25]. Additionally, the effect of piepi stacking
interactions on the rate of the ATRP of styrene or other vinyl
monomers is not known.

In this study, the impact of HFB on the ATRP of St is studied in
non-aromatic and aromatic solvents. Specifically, the effect of HFB
on the rate of the ATRP of St, as observed by monomer consump-
tion, as well as the tacticity of the polystyrene (PSt) polymer
produced was studied over a range of solvents. The polymerization
under investigation, shown in Scheme 2, employed well estab-
lished initiator, catalyst, ligand, and solvents to better extract the
effects of HFB on the ATRP of St.
Br

CuBr, PMDETA

HFB, Solvent

kact

kdeact
St, CuBr, PMD

HFB, Solvent

ki

Scheme 2. ATRP of styrene
2. Experimental

2.1. Materials

Hexafluorobenzene (HFB) (Aldrich, 99%), (1-bromoethyl)benzene
(BEB) (Aldrich, 97%), N,N,N0,N0,N00-pentamethyldiethylenetriamine
(PMDETA) (Aldrich, 99%), copper(I)bromide (Aldrich, 98%)were used
as received. Styrene (Aldrich, Reagent Plus, �99%) and toluene
(Aldrich, for HPLC, �99%) were purified by distillation from calcium
hydride and stored in sealed glass ampoules under an atmosphere of
argon at �15 �C. Methyl methacrylate (99%, Aldrich) and butyl
acrylate (99%, Aldrich) were passed through an alumina column
prior to use. THF, hexanes, and benzene were obtained from
a Grubb’s type solvent purification system. Chloroform-d (Aldrich,
“100%”, 99.6 atom % D, contains 0.03% (v/v) TMS) and cyclohexane-
d12 (Aldrich, 99.6 atom % D) were used as NMR solvents as received.
2.2. Typical ATRP of styrene with 1 M eq. of HFB present in THF

All reaction vessels were flame dried and all syringes were
flushed with argon prior to use. In addition, all reactions were
performed under reduced atmosphere using Schlenk line tech-
niques and all trials were conducted with 1 mL of St in 3 mL of
reaction solution to maintain a constant concentration of St
(exceptions are trials 1Ae1C, Table 1). The ATRP of St in THF with
1 M eq. of HFB was conducted as follows: styrene (1.0 mL,
8.73mmol), HFB (1.0 mL, 8.71mmol), BEB (0.0240mL, 0.176mmol),
CuBr (0.0254 g, 0.177mmol), and a micro stir bar were added to the
reaction vessel along with 1 mL THF. The vessel was sealed and
evacuated of air through three freeze/pump/thaw cycles, placed
into an oil bath at 86 �C, and PMDETA (0.0370 mL, 0.177 mmol) was
added to the vessel by syringe after 5 min to commence the poly-
merization. The reagents were allowed to stir at the indicated
temperature for 24 h, after which the vessel was removed from the
oil bath and immediately placed into an ice bath and opened to
atmospheric pressure. The product was then dissolved in
a minimum amount of THF (w1 mL) and CDCl3 (w1 mL) and
analyzed by 1H NMR to determine the percent conversion followed
by characterization by GPC. Other trials were conducted in an
identical manner using various solvents and HFB ratios as listed in
Table 1 and Table 2.
2.3. Typical ATRP of butyl acrylate with 1 M eq. of HFB present in
THF

All reaction vessels were flame dried and all syringes were
flushed with argon prior to use. In addition, all reactions were
ETA

kp

St

kdeact

kact

Br

ATRP

Br
n

in the presence of HFB.



Table 1
Results for the ATRP of St with or without HFB in non-aromatic organic solvents.

Run [HFB]:[St]a Solventb % Conversionc Theoretical
Mn/daltonsd

Experimental
Mn/daltonse

PDI

1A 0 bulk 92 4950 2560 1.23
1B 0.5 bulk 94 5080 4850 1.16
1C 1 bulk 54 3000 3890 1.08

2A 0 THF 95 5140 4950 1.07
2B 0.5 THF 91 4930 3980 1.07
2C 1 THF 51 2860 3120 1.09

3A 0 Hexanes 87 4720 5130 1.18
3B 0.5 Hexanes 80 4340 5850 1.10
3C 1 Hexanes 52 2880 3330 1.16

Reactions were run with 50:1:1:1 [styrene]o:[BEB]o:[PMDETA]o:[Cu(I)Br]o at
84 � 4 �C for 24 h. See experimental section for more details.

a initial molar ratios of HFB:styrene in reaction mixture.
b solvents, if any, were added to adjust the total reaction volume to 3 mL. See

experimental section for more details.
c monomer conversion as determined by 1H NMR of raw reaction mixture after

termination of reaction.
d theoretical number average molecular weight as calculated by conversion.
e apparent number average molecular weight as determined by GPC.
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performed under reduced atmosphere using Schlenk line tech-
niques and all runs were conducted with 1 mL of butyl acrylate in
3 mL of reaction solution to maintain a constant concentration of
butyl acrylate (also true for methyl methacrylate trials). The ATRP
of butyl acrylate with 1 M eq. of HFB in THF was conducted as
follows: butyl acrylate (1.0 mL, 7.00 mmol), HFB (0.80 mL,
7.00 mmol), methyl-2-butylpropionate (0.0161 mL, 0.140 mmol),
CuBr (0.0201 g, 0.140 mmol), and a micro stir bar was added to the
reaction vessel along with 1.2 mL of purified THF. The vessel was
then sealed and evacuated of air through three freeze/pump/thaw
cycles. The vessel was then placed into an oil bath at 60 �C and
PMDETA (0.0292 mL, 0.140 mmol) was added to the vessel by
syringe. The reagents were allowed to stir at 60 �C for 8 h, after
which the vessel was removed from the oil bath and immediately
placed into an ice bath and opened to atmospheric pressure. The
product was then dissolved in a minimum amount of THF (w1 mL)
and CDCl3 (w1 mL) and analyzed by 1H NMR and GPC for percent
conversion and molecular weight data, respectively. Other poly-
merizations were performedwith varying monomers and initiators
as listed in Table 3.
2.4. Characterization

The polymers were analyzed on a Waters Gel Permeation
Chromatography (GPC) system connected to a PC running Waters
Table 2
Results for the ATRP of St with or without HFB in aromatic organic solvents.

Run [HFB]:[St]a Solventb % Conversionc Theoretical
Mn/daltonsd

Experimental
Mn/daltonse

PDI

4A 0 Benzene 97 5230 5580 1.10
4B 0.5 Benzene 96 5160 5850 1.10
4C 1 Benzene 74 4040 3470 1.11

5A 0 Toluene 97 5240 5060 1.10
5B 0.5 Toluene 80 4370 3380 1.09
5C 1 Toluene 69 3800 2670 1.09

Reactions were run with 50:1:1:1 [styrene]o:[BEB]o:[PMDETA]o:[Cu(I)Br]o at
84 � 4 �C for 24 h. See experimental section for more details.

a initial molar ratios of HFB:styrene in reaction mixture.
b solvents, if any, were added to adjust the total reaction volume to 3 mL. See

experimental section for more details.
c monomer conversion as determined by 1H NMR of raw reaction mixture after

termination of reaction.
d theoretical number average molecular weight as calculated by conversion.
e apparent number average molecular weight as determined by GPC.
Breeze software. The system consists of a Waters 1515 isocratic
pump, a Waters 717 auto sampler, two Pl-gel 5 mm Mixed C
columns (Polymer Labs), a Waters 2487 dual wavelength detector
and a Waters 2414 RI detector. A 10 point calibration using
polystyrene standards (Polymer Laboratories, Mp range:
5.0 � 102e3.05 � 106 Da) was used to obtain number average
molecular weight (Mn) values and polydispersity index (PDI)
values, with THF as themobile phase. Percent monomer conversion
values for ATRP reactions were determined by 1H NMR on the raw
reaction mixture in CDCl3. Tacticity studies were done using 13C
NMR on isolated polymer samples in CDCl3. 1H NMR studies on
observing the piepi interactions between HFB and St were con-
ducted in cyclohexanes-d12 with an HFB:St ratio of 10:1. 1H NMR
studies on observing the piepi interactions between HFB and BEB
were conducted in cyclohexane-d12 with an HFB:BEB ratio of 50:1.
1H NMRmeasurements were taken on a Varian 400MHz FT-NMR at
room temperature while 13C NMR measurements were taken on
a Varian 600 MHz FT-NMR at room temperature.

3. Results and discussion

3.1. Effect of HFB on the ATRP of styrene in non-aromatic solvents or
bulk

The effect of HFB on the ATRP of St was initially studied by
comparing results of a typical bulk ATRP reaction (Table 1, run 1A)
to analogous trials with varying equivalents (eq) of HFB added to
the reaction (Table 1, runs 2B, 2C). The well-known piepi stacking
interaction between HFB and the monomeric or polymeric phenyl
group would be expected to effect the KATRP (kact/kdeact, Scheme 2),
altering the rate at which the ATRP reaction occurs. It is important
to note that in these initial trials (Table 1, runs 1A-1C), the addition
of HFB to the reaction mixture decreases the concentration of St
monomer while in all other trials in co-solvent systems the
concentration of St is held constant. Given that the rate of an ATRP
reaction is tied to the concentration of St, it would be expected that
evenwith no interaction the addition of HFB would reduce the rate
of the polymerization, leading to lower conversions at time t.
Interestingly, with 0.5 eq. of HFB present (compared to St) the rate
at which the ATRP reaction occurred modestly increased compared
to the bulk trial (Table 1, 1A vs. 1B). The further addition of a full eq.
of HFB reduced the rate substantially as judged by monomer
conversion, while the PDI of the system remained low throughout
and generally decreased as HFB was added to the system. GPC
traces of the polymers formed in each case are shown in Fig. 1.

Carrying out the ATRP in THF, with no HFB, produced PSt with
low PDI and predictable molecular weights, as expected (Table 1,
run 2A). The addition of 0.5 eq. of HFB lowered the conversion but
to a very small extent (95%e91% after 24 h), while not affecting the
control over the polymerizationwith PDI values low.With 1 full eq.
of HFB in the reaction mixture, the rate of the polymerization was
substantially lowered, as evidenced by a large decrease in mono-
mer conversion (Table 1, run 2C) while PDI values remained low.
Performing ATRP reactions in hexanes with or without HFB showed
a slight increase in PDI values of the resulting polymers compared
to analogous trials with THF (Table 1, runs 3A e 3C), but otherwise
the trend mirrored that seen in THF. All ATRP reactions performed
in hexanes and THF were done at a constant St concentration to
allow for the effect of HFB to be extracted.

3.2. Effect of HFB on the ATRP of styrene in aromatic solvents

The effect of HFB on the ATRP of St was studied in the aromatic
solvents benzene and toluene, as these solvents themselves will
interact with HFB and should suppress its effect on the ATRP



Table 3
Results for the ATRP of BA and MMA with or without HFB in THF.

Run [HFB]:[M]a Monomerb Initiatorc % Conversiond Theoretical Mn/daltonse Experimental Mn/daltonsf PDI

6A 0 BA MBP 98 6420 1700 1.13
6B 1 BA MBP 99 6550 1850 1.16

7A 0 MMA EBIB 97 5050 3120 1.30
7B 1 MMA EBIB 98 5120 3190 1.31

8Ag 0 MMA EBIB 84 4400 8240 1.34
8Bg 1 MMA EBIB 86 4500 10200 1.33

Reactions were run with 50:1:1:1 [Monomer]o:[Initiator]o:[PMDETA]o:[Cu(I)Br]o. See experimental section for more details.
a initial molar ratios of HFB: monomer in reaction mixture.
b butyl acrylate (BA); methyl methacrylate (MMA).
c methyl-2-bromopropionate (MBP); ethyl-a-bromoisobutyrate (EBIB).
d monomer conversion as determined by 1H NMR of raw reaction mixture after termination of reaction.
e theoretical number average molecular weight as calculated by conversion.
f apparent number average molecular weight as determined by GPC.
g runs were performed at 84 �C for 5.5 h in a total of 4 mL of reaction solution.

Fig. 1. GPC traces of PSt produced by ATRP in non-aromatic organic solvents in the presence or absence of HFB. (A) bulk, (B)THF, (C) hexanes. (Solid line: No HFB; Dashed line: 0.5 eq.
HFB; Dotted line: full eq. HFB).
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reaction [26]. In benzene with no HFB, the ATRP of St was well
controlled and produced PSt of predictable molecular weight and of
low PDI (Table 2, Run 4A). The addition of 0.5 eq. of HFB to the
polymerization showed almost no effect, while the addition of a full
eq. of HFB lead to substantially lower conversion of monomer in an
analogous ATRP reaction (Table 2, runs 4B vs 4B, respectively). In the
case of toluene as the solvent, the ATRP of St in the absence of HFB
lead, as expected, to PSt of low PDI and predictable molecular
weight values (Table 2, run 5A). The addition of 0.5 and 1.0 eq. of
HFB lessened the conversion of St, but in this case the effect of 0.5
eq. of HFB was greater than when performed in benzene (Table 2,
runs 5B and 4C). Shown in Fig. 2 are GPC-RI traces of the polymers
Fig. 2. GPC traces of PSt produced by ATRP in aromatic solvents in the presence or absence
line: full eq. HFB).
formed in the ATRP of St in benzene and toluene. Regardless of the
amount of HFB in the solution, the polymerizations consistently
produced polymers with low PDI values.

3.3. Mechanistic account of the effect of HFB on the ATRP of styrene

To impact the ATRP of St, the HFB must interact with one or
more of the constituents involved in kact/kdeact or kp. The electro-
positive face of the HFB would be expected to interact most
strongly with aromatic groups having electronegative faces. When
both monomeric St and polymeric phenyl groups are present, the
HFB has multiple phenyl groups to interact with. However, unless
of HFB. (A) benzene, (B) toluene. (Solid line: No HFB; Dashed line: 0.5 eq. HFB; Dotted



Fig. 3. Reduction in percent conversion of styrene in ATRP reactions as a function of
HFB eq. in various solvents as compared to ATRP w/no HFB (Tables 1 & 2).
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the HFB is interacting with the polymeric aromatic group at the
chain end, which is responsible for stabilizing the active polymer
radical, its effect on KATRP (kact/kdeact in Scheme 2) and thus the rate
of the polymerization should be negligible. However, HFB interac-
tions with monomeric styrene, especially the vinylic group, may
directly alter kp (Scheme 2) and still impact the observed rate of the
polymerization.

As shown in Fig. 3, the change in monomer conversion without
HFB or with 0.5 eq. is 8% or less, suggesting that KATRP is only
slightly altered in these reactions. This is likely due to the HFB in the
system selectively interacting with aromatic groups besides that on
the chain end, minimizing the effect of its presence on the rate of
the ATRP of St.
Fig. 4. 1H NMR of styrene in cyclohexane-d12 in abs
When a full eq. of HFB was added to the system in non-aromatic
solvents, a substantial altering of the rate of the ATRP reaction was
observed. As shown in Fig. 3, this increased amount of HFB in the
reaction mixture (essentially a second 0.5 eq) affected the conversion
of monomer to a much larger extent than the initial 0.5 eq. In all,
whether in bulk, hexanes, or THF, a 40þ% decrease was observed
overall in monomer conversionwhen a full eq. of HFB in respect to St
was present compared to identical ATRP reactions performedwithout
HFB. In the case of the ATRP with no other solvent (only St and HFB,
Table 1), this could be partially due to a decrease in monomer
concentrationwith increasingHFBaddition,but in thecasesofhexanes
and THF the concentration of St was held constant (by adjusting
hexanes or THF volumes) and the effect can be directly attributed to
HFB. This trend suggests that the piepi interaction between the chain
end aromatic group and HFB is not occurring to an appreciable extent
until other phenyl moieties are already preferentially interactingwith
other aromatic units (i.e., only at equimolar HFB amounts).

In the case of aromatic solvents, it is expected that the solvent
itself will interact with the HFB in the reaction mixture, minimizing
its impact on the polymerization. Consistent with this, in benzene
solvent the addition of 0.5 eq. of HFB showed a negligible impact on
the rate of the ATRP of St. As shown in Fig. 3, the addition of a full
eq. of HFB to the benzene ATRP system impacted the rate of the
polymerization but to a much lesser extent than analogous reac-
tions performed in non-aromatic systems. For example, a 24%
reduction in monomer conversion was observed with a full eq. of
HFB present in an ATRP reaction performed in benzene, while an
otherwise identical trial in THF produced a 46% drop in conversion.
This result implies that the aromatic rings of the solvent compete
with the monomeric and polymer aromatic rings for interacting
with the HFB. Toluene is also expected to associate with HFB by
ence of HFB (A) and with 10 M excess HFB (B).
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piepi stacking interactions, but does so to a greater extent than
benzene [26]. As shown in Fig. 3, toluene ATRP systems showed
more sensitivity to the addition of 0.5 eq. of HFB than any other
system. The explanation for this reproducible result is unknown.
Altogether, the addition of a full eq. of HFB to the ATRP performed
in toluene showed a similar impact to ATRP reactions performed in
benzene (28% compared to 24% reduction in monomer conversion).

While the rate data indirectly points to piepi stacking interactions
altering the system of investigation, NMR spectroscopy was used to
directly probe the interaction between HFB and the constituents of
the ATRP reaction. Shown in Fig. 4 are the 1H NMR spectra of styrene
in both the presence and absence of 10 M eq. of HFB, obtained in
cyclohexane-d12 (chosen as a non-aromatic solvent). A downfield
shift of both the aromatic and vinylic protons is apparent in the
spectrum with HFB (B), consistent with piepi stacking interactions
reported by others [27]. That the chemical shift of the vinyl signals is
affected by HFB (especially C1 on the vinyl group) suggests that the
monomer’s reactivity may be altered in the presence of HFB.

Shown in Fig. 5 are the 1H NMR spectra of 1-bromoethylbenzene
both in the presence and absence of 50 M excess HFB, also obtained
in cyclohexane-d12, to simulate the conditions of a non-aromatic
reaction solvent and ATRP reactions performed with 1 eq. of HFB.
(This is because the monomer-to-initiator ratio is 50:1, and the
HFB:St ratio is 1:1). An upfield shift, accompanied by tightening of
the aromatic region as a whole, was observed in the spectrum of 1-
BEB when HFB was present. Because this also models the chain end
of the dormant PStBr in the ATRP reaction, this would be an indi-
cation of an interaction between not only the initiating alkyl
bromide species, but also the chain end directly involved in the kact/
kdeact. This interaction is expected to decrease the ability of the chain
Fig. 5. 1H NMR of 1-bromoethylbenzene in cyclohexane-d1
end to stabilize a radical, as electron density of the aromatic system
is tied up in piepi stacking and less available to stabilize a radical via
resonance. This is consistent with reduced rate observed in the
presence of HFB compared to analogous runs in its absence.

3.4. Effect of HFB on the ATRP of non-aromatic vinyl monomers

If piepi stacking interactions are responsible for the reduction of
rate in the ATRP of St with increasing HFB eq, it would follow that
HFB should have only a negligible impact on the ATRP of non-
aromatic vinyl monomers. To probe this, ATRP reactions of butyl
acrylate (BA) and methyl methacrylate (MMA) were performed in
the absence of and with one full eq. of HFB. As shown in Table 3,
when the concentration of BA was held constant and ATRP was
performed with or without one eq. of HFB, the polymerization rate
was unchanged as determinedby themonomer conversion after 8 h.
In the case of MMA, when the identical study was done, the rate
again held relatively constant in the presence or absence of HFB.
These results support the assertion that the rate changes in theATRP
of St in the presence of HFB is a result of piepi stacking interactions.

3.5. Effect of HFB on the tacticity of polystyrene

The interaction between the polymeric pendant groups and an
additive has been shown to impart stereocontrol in ATRP reactions
of certain monomers. For example, stereoregular poly(vinyl acryl-
amide) has been produced by performing the ATRP with eq. of
Lewis acids such at Y(OTf)2 [28,29]. The chain end pendant group
must be involved in this interaction, because it is only at this
location that stereocontrol can be effected since it has already been
2 in absence of HFB (A) and with 50 M excess HFB (B).
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Scheme 3. Proposed interactions of HFB in the ATRP of styrene leading to: (A) isotactic PSt, and (B) syndiotactic PSt.
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determined at other stereogenic centers along the polymer back-
bone. Similarly, if a solvent of additive interacts with each pendant
group separately, increased sterics now dictate that syndiotactic
vinyl polymer will be preferred [30e32].
Fig. 6. 13C NMR spectra of the C1 of PSt formed by ATR
Piepi stacking interactions between a fluorinated aromatic
species and St have been exploited to produce alternating copoly-
mers by using a monomer system of fluorinated and non-fluori-
nated St units, but the stereochemistry of the system is unknown
P in THF: (A) with no HFB; (B) with full eq. of HFB.
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[18,19]. Because the HFB has been demonstrated above to affect the
rate of the ATRP of St and NMR has verified an interaction with an
alkyl bromide modeling the chain end, it may also alter the tacticity
of the resulting polymer. As shown in Scheme 3A, it can be envi-
sioned that the HFB may interact with two pendant groups,
resulting in isotactic PSt if one unit is at the chain end. If, instead,
each pendant group coordinates separately with an HFB unit there
is potential for predominantly syndiotactic PSt due to effectively
increasing the bulkiness of the pendant group (Scheme 3B). This
would be much like the solvent-mediated syndiotactic preference.

Examination of the tacticity of the PSt was done using 13C
NMR, by evaluating the resonance due to the C1 carbon of the
aromatic group. It has been shown that the chemical shift of this
signal is dependent on the tacticity, with isotactic PSt (higher mm
triad content) demonstrating a shift in the C1 signal further
downfield [33e36]. Fig. 6 compares the 13C NMR spectra of iso-
lated and purified PSt formed in THF in the absence of HFB (Table
1, run 2A) to that formed in THF with 1 full eq. of HFB (Table 1, run
2C). The signals are nearly identical in each case in both shape
and chemical shift, indicating that there is little to no stereo-
chemical differences between the PSt formed with or without
HFB.

The HFB must be interacting with the chain end phenyl group
to the extent that it is able to reduce its ability to stabilize
a benzylic radical, yet not interact strongly enough to impart
stereocontrol by either mechanism shown in Scheme 3. It is
unlikely, then, that a single HFB unit is interacting simultaneously
with the penultimate and ultimate phenyl group on the chain as
shown in Scheme 3A. This interaction would almost certainly
produce PSt with increased isotactic content. If the interaction in
Scheme 3B is dominant, there remains the possibility that the
planar nature of the groups are not effectively bulky enough to
impart syndiotactic control over the polymerization. There also
remains the possibility that the interaction between HFB and the
polymeric phenyl groups is too fleeting to lead to stereoregular
structures in the polymer chain. Work in our lab studying the
effect of bulkier fluorinated aromatics on the ATRP of styrene is
underway.

4. Conclusion

The ATRP of St was affected by the presence of HFB in the
reaction, resulting in decreasedmonomer conversions compared to
analogous reactions in its absence. The effect was amplified in non-
aromatic co-solvents with HFB concentrations equal to the initial
concentration of St. In aromatic solvents, the effect of HFB on the
ATRP of St was minimized due to competition for piepi stacking
interactions between the solvent and the styrenic phenyl groups.
As expected, the ATRP of non-aromatic vinyl monomers BA and
MMAwas not sensitive to the presence of HFB due to their inability
to participate in piepi stacking interactions. The tacticity of PSt
formed in the presence of HFB was identical to that formed in its
absence.
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Well-defined poly (acrylamide) is synthesized by RAFT inverse emulsion polymerization using hydro-
philic and lipophilic initiators. The kinetic behavior observed for RAFT inverse emulsion polymerization
is similar to that for RAFT inverse miniemulsion polymerization. The nucleation mechanism of inverse
emulsion polymerization of acrylamide is firstly investigated by RAFT polymerization and verified by GPC
and SEM measurements. Droplet nucleation is found to be the primary mechanism in the inverse
emulsion polymerization of acrylamide. However, polymerization occurring in the continuous phase is
not negligible when lipophilic initiator is used.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Water-soluble polymers are an important class of materials
because of their numerous applications. Polymers based on poly
(acrylamide) (PAM) and its derivatives are widely used commercial
polymers, particularly in wastewater treatment applications, as
drag reduction agents and drilling fluids in enhanced oil recovery,
as additives in paper making, and as drug-delivery agents [1e9].
Water-in-oil (inverse) emulsion polymerization is one of the ideal
methods for obtaining such polymers with high molecular weight
and low viscosity. An inverse emulsion, however, cannot be simply
considered as an analogy to conventional emulsion in which the
water is replaced by the oil and the hydrophobic monomer by the
hydrophilic monomer. The kinetic mechanism of inverse emulsion
polymerization can be affected by many factors such as initiators,
surfactants, and oils [10]. Studies have beenmade to investigate the
mechanism and kinetics of the inverse emulsion polymerization
since 1960s. Vanderhoff et al. [11] suggested that the principal locus
of particle nucleation was the monomer droplets in the inverse
emulsion polymerization of p-sodium styrene sulfonate. Some later
: þ815 301 9729.
.J. Schork).

All rights reserved.
studies [12e15] on inverse emulsion polymerization of acrylamide
also showed the existence of droplet nucleation, although some of
to the systems studied would now be called miniemulsions. Until
now, a fully comprehensive description of the nucleation mecha-
nism of inverse emulsion polymerization has not been made.

As one of three major approaches to controlled (living) radical
polymerization, reversible addition fragmentation chain transfer
(RAFT) polymerization has been successfully implemented in
heterogeneous systems [16e20]. Some studies have been made in
RAFT inverse miniemulsion polymerization to obtain well-defined
controlled water-soluble (co)polymers [21e23]. However, RAFT
polymerization in inverse emulsion, has not been investigated. In
this paper, well-defined PAM was synthesized by RAFT inverse
emulsion polymerization, and the nucleation mechanism is
discussed.

2. Experimental

2.1. Materials

All chemicals were purchased from Aldrich except as otherwise
stated. Acrylamide (AM, 99.5%) was recrystallized from chloroform.
Azobisisobutyronitrile (AIBN, >98%), 2, 20-Azobis [2-(2-imidazolin-
2-yl) propane] dihydrochloride (VA-044, Wako, >98%) were

mailto:Joseph.Schork@chbe.gatech.edu
www.sciencedirect.com/science/journal/00323861
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purified by recrystallization from methanol. Span 80, B246SF
(Uniqema) were used as received.
Fig. 1. Evolution of the conversion as a function of reaction time: (1) RAFT inverse
emulsion polymerization with B246SF and VA-044 (Expt.1). (2) RAFT inverse mini-
emulsion polymerization with B246SF and VA-044 (Expt.2). (3) RAFT inverse emulsion
polymerization with Span 80 and VA-044 (Expt.3). (4) RAFT inverse emulsion poly-
merization with B246SF and AIBN (Expt. 4). (5) RAFT inverse emulsion polymerization
with B246SF and AIBN (Expt. 5). (6) RAFT inverse emulsion polymerization with
B246SF and AIBN (Expt. 6).
2.2. RAFT inverse emulsion polymerization

The inverse emulsion was prepared by mixing a solution of
nonionic surfactant (i.e. Span 80 or B246SF) in cyclohexane with
a water solution of AM. Two types of initiators were used: the
hydrophilic initiator VA-044 was dissolved in the water solution
or, the lipophilic initiator AIBN was dissolved in cyclohexane.
The AM water solution was degassed for 5 min under vacuum
prior to use. The reaction mixture prepared above was stirred
under nitrogen at approx. 400 rpm for 5 min at room temper-
ature. The resulting emulsion was charged into a 250 ml flask
equipped with a nitrogen sweep and a magnetic stirrer, and
then polymerized in an oil bath preheated to 60 �C. All the
experiments in this study are shown in Table 1. The ratio of
monomer and RAFT agent was fixed at 100:1. For comparison
purposes, RAFT inverse miniemulsion polymerization was also
carried out. The preparation procedure for inverse mini-
emulsion was the same as for inverse emulsion except that the
5 min stirring process was replaced by sonicating with an Omni-
Ruptor 250 ultrasonic homogenizer operated at 30% power
output for 5 min. The emulsion was cooled in the ice bath
during sonication.

The CMC was measured by a Du Nouy Ring Surface Tensiometer
(Fisher) equipped with a platinum-iridium ring. The surface
tension was measured three times for each sample then the
surfactant concentration in cyclohexane was increased. Measure-
ments were made at room temperature and a constant solution
volume of 50 ml.

Molecular weights of the polymers were determined by
aqueous size exclusion chromatography (ASEC) at 35 �C. The ASEC
system was comprised of a Waters 1525 Binary HPLC pump,
a Waters 2414 refractive index detector (RI), a Waters 2487 dual l
absorbance UV detector, an Ultrahydrogel Guard column, and
Ultrahydrogel 2000A, 250A, 120A columns mounted in series. The
mobile phase was 0.05 M Na2SO4 in water and the flow rate was
maintained at 0.6 ml/min. PAM narrow standards were used to
calibrate the ASEC by the universal calibration method. The
conversion of the monomer was determined with ASEC using
a known method by comparing the area of the RI signals that cor-
responded to the monomer and the polymer [24].

Morphology of polymer particles was investigated by scanning
electron microscopy (SEM) with a JEOL JSPM-4500A (JEOL, Tokyo,
Japan) instrument. For SEM analysis, a drop of latex obtained after
24 h of polymerization was placed on the glass and freeze-dried.
This was then placed under vacuum, flushed with argon, and then
sputter-coated with gold.
Table 1
Experimental set up for the RAFT inverse emulsion polymerizations of acrylamide.

Expt Type Disperse phase/g

AM CTA VA-044

1 RAFT inverse emulsion 2.5 0.089 0.028
2 RAFT inverse miniemulsion 2.5 0.089 0.028
3 RAFT inverse emulsion 2.5 0.089 0.028
4 RAFT inverse emulsion 2.5 0.089 e

5 RAFT inverse emulsion 2.5 0.089 e

6 RAFT inverse emulsion 2.5 0.089 e

7 RAFT inverse emulsion 2.5 0.089 e
3. Results and discussion

The results of RAFT inverse emulsion polymerization of acryl-
amide with different initiators and surfactants are shown in Fig. 1.
The kinetic data (curves 1, 3) are close to inverse miniemulsion
polymerization (curve 2), and follow pseudo- first order kinetics.
The induction time for inverseminiemulsion polymerization is a bit
longer, most likely caused by the oxygen or other impurities which
are introduced during sonication. Although different surfactants
were used, curve 1 and curve 3 are almost identical. When the
initiator was changed from water-soluble (VA-044) to oil-soluble
(AIBN), as shown in curve 1 and curve 4, the polymerization rate
decreased significantly and a much longer induction time was
observed. This can be attributed to the long time interval that the
oligoradicals take to enter droplets and initiate polymerization.
This is discussed later in more detail. It is worth noting that for
Expt. 4 and Expt. 5, the polymerization rate decreasedwith a higher
surfactant concentration. This may be because of the steric stabi-
lization employed in these inverse emulsions: the increased inter-
facial barrier caused by a higher surfactant concentration makes it
more difficult for oligoradicals to enter droplets, resulting in a lower
enter rate of the initiator.

For the RAFT inverse emulsion system, the RAFT agent is water-
soluble and mainly located in the droplets; hence, polymerization
occurring in the continuous phase is uncontrolled due to the
Continuous phase/g

water AIBN Cyclohexane Surfactant

7.5 e 20 B246SF, 150% CMC
7.5 e 20 B246SF, 150% CMC
7.5 e 20 Span 80, 150% CMC
7.5 0.014 20 B246SF, 150% CMC
7.5 0.014 20 B246SF, 300% CMC
7.5 0.028 20 B246SF, 150% CMC
7.5 0.014 20 B246SF, 60% CMC



Fig. 2. RAFT polymerization of acrylamide: a) Evolution of Mn and PDI as a function of
conversion. b) Evolution of Mn and PDI for controlled PAM as a function of conversion.
c) ASEC chromatogram (RI and UV traces at 311 nm) evolution during the
polymerization.

Fig. 3. Mn and mole fraction of the PAMu as a function of conversion in Expt. 4 and
Expt. 6
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absence of the RAFT agent. Considering the fact that the GPC RI
trace accounts for the polymer species, and the UV trace at 311 nm
reflects the presence of the C]S double bond in the RAFT agent
[22], the fraction of polymer formed in the dispersed phase and
continuous phase can be determined respectively, by comparing
and calculating the areas of the RI and UV curves. In other words,
the kinetic mechanism of RAFT inverse emulsion polymerization
can be analyzed by monitoring the RI and UV signals.

The molecular weights of PAM are shown in Fig. 2a with the
same number designation as in Fig. 1. Again, like the kinetic curves
in Fig. 1, the molecular weights of Expt. 1, Expt. 2 and Expt. 3 are
quite close and the GPC curves of Expt. 1 and Expt. 3, as shown in
Fig. 2c, are unimodal and exhibit narrow molecular weight distri-
bution. The RI curves have good overlay with the UV curves, indi-
cating good control throughout the polymerization [10] and the
same polymerization mechanism as inverse miniemulsion.

Oil-soluble initiator AIBN (Expt. 3) was used to compare with
the water-soluble initiator VA-044. From Fig. 2b, it is clear that the
molecular weight evolutions of Expt. 4 and Expt. 6 show a down-
ward deviation from Expt. 2 which was polymerized with the
hydrophilic initiator VA-044. The decrease in molecular weight in
Expt. 3 is most likely due to the lower concentration of living
chains. The small wide peak that appears at shorter retention time
in RI curve (3) (Fig. 2c), reflects the polymer fraction polymerized
under uncontrolled conditions.

When Qi [22] and coworkers used AIBN as the initiator in RAFT
inverse miniemulsion polymerization, similarly bimodality in RI
curves were observed, and the RI curves showed a poor overlay
with the UV curves.

Fig. 3 shows the molecular weight and mole fraction of the
uncontrolled polymers (PAMu) in Expt. 4 and Expt. 6. The mole
fraction of PAMu increased with monomer conversion, as did the
molecular weight. For Expt. 4, the ratio [PAMu]/[PAM] remains low
until high degree of conversion, indicating a dominant droplets
nucleation. However, when the initiator concentration is increased
by 200%, the fraction of PAMu grows extensively, especially in the late
stage of polymerization, suggesting that polymerization in contin-
uous phase is enhanced by the increased initiator concentration.

Thus, the proposed nucleation mechanism (see Fig. 4) can be
described as follows: For inverse emulsion polymerization with
water-soluble initiators, the nucleationmechanism is similar to that
of inverse miniemulsion polymerization. For inverse emulsionwith
oil-soluble initiators, the nucleation mechanism can be regarded as
a mix of droplet nucleation and continuous phase (micellar or
homogeneous) nucleation. Primary free radicals are formed by
decomposition of initiator and grow by adding monomer units
dissolved in the continuous phase. After the oligoradicals grow to
a certain length, they become hydrophilic enough to enter droplets
and initiate the RAFT polymerization. Meanwhile, a certain fraction
of the oligoradicals are captured bymonomer-swollenmicelles, and
form new particles by micellar nucleation. Alternatively, they may



Fig. 4. Proposed nucleation mechanisms of RAFT inverse emulsion polymerization with a) water-soluble initiator b) oil-soluble initiator c) oil-soluble initiator, surfactant
concentration below CMC.

Fig. 5. ASEC chromatogram (RI and UV traces at 311 nm) evolution of Expt. 4 and Expt. 7
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continue to propagate until they reach the limit of their solubility in
the continuous phase and precipitate out (homogeneous nucle-
ation). Both of these two possibilities will lead to the uncontrolled
polymerization to highmolecularweight. Based on the above, at the
beginningof thepolymerization, thepolymerization rate inparticles
is mainly determined by the entry rate of oligoradicals; when most
of the free oligoradicals have entered the droplets, they become the
main polymerization locus. Therefore, the polymerization rate
increases and the polymerization progresses by living polymeriza-
tion kinetics. Increased initiator concentration will enhance the
micelle nucleationdue to the accelerated formationof newparticles,
and lead to a higher fraction of uncontrolled polymers.

Inverse emulsion polymerization with low surfactant concen-
tration (<CMC, Expt. 7) was conducted to gain an in depth under-
standing of the nucleation happening in the continuous phase
when initiated by AIBN. Fig. 5 shows the GPC curves of the polymer
obtained by RAFT inverse emulsion polymerization with different
surfactant concentrations. When the surfactant concentration was
higher than the CMC, the uncontrolled polymer peak was observed
and kept growing with increasing reaction time, following the
nucleation mechanism described above. It is worth noting that
when the surfactant concentration was below the CMC (Expt. 4 -
See Fig. 5 for details.), there was also a peak at the early stage of
polymerization; however it almost completely disappeared when
the monomer conversion reached 34%, and the corresponding
molecular weight is much lower than the one in Expt. 4. This
phenomenon can be explained based on the presence of micelles.
When the surfactant concentration is low, propagation in the
continuous phase occurs without the stabilization of surfactant
from micelles, therefore, the propagating polymer precipitates out
after it reaches the limit of solubility, and contributes to the
disappearance of the uncontrolled polymer peak. The rest of the
monomer in the dispersed phase polymerizes via a living mecha-
nism. A schematic representation for this case is shown in
Fig. 4c.The fitted line 7 shown in Fig. 2b is the molecular weight of
controlled PAM in Expt. 7 as a function of conversion, which is
parallel to the one in Expt. 2. That is because of the decreased ratio



Fig. 6. SEM micrographs of the latex particles obtained from a) RAFT inverse emulsion
polymerization, conversion: 95%, Expt. 1. b) RAFT inverse miniemulsion polymeriza-
tion, conversion: 94%, Expt. 2. c) RAFT inverse emulsion polymerization with AIBN,
150% CMC, conversion: 80%, Expt. 6.
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of monomer to RAFT agent due to the loss of uncontrolled polymer
formed in continuous phase.

To confirm the mechanism presented above, SEM was used to
determine the size and morphology of final particles. The particle
size of RAFT inverse emulsion polymerization (Expt. 1), as shown in
Fig. 6a, is above 1 mm and has a wide distribution from 1 mm to
4 mm. Latex particles obtained from RAFT inverse miniemulsion
polymerization (Expt. 2), shown in Fig. 6b for comparison, exhibit
a much narrower distributionwith a smaller average size. The wide
range particle sizes of RAFT inverse emulsion can be related to the
absence of costabilizers, which are used to retard Ostwald ripening
[25]. Fig. 6c is the SEM micrograph of the latex from inverse
emulsion polymerization with AIBN as the initiator. Two pop-
ulations of particles are observed. The submicron particles are
thought to be derived from the uncontrolled PAM formed by
continuous phase nucleation, while the larger particles come from
droplet nucleation. The large particles, compared to Fig. 6a, exhibit
a more uniform distribution and smaller particle size, which should
result from the monomer diffusion from large droplets to newly-
formed particles.

4. Conclusion

RAFT inverse emulsion polymerization is a viable method to
prepare controlled water-soluble polymers. It was found that when
the water-soluble initiator VA-044 was used, the kinetics of inverse
emulsion polymerization and inverse miniemulsion polymeriza-
tion were similar and they have a same (droplet) nucleation
mechanism. When the oil-soluble initiator AIBN was used to
replace VA-044, a certain amount of uncontrolled polymer was
observed and appeared as a wide peak in the GPC RI trace, which
resulted from micellar or homogeneous nucleation. RAFT poly-
merization can be used as a universal technique in investigating the
kinetic mechanism of inverse emulsion polymerizations of various
monomers.

Acknowledgements

The authors would like to acknowledge the support of the US
National Science Foundation (CTS-0553516) and China Scholarship
Council (CSC) for this work.

References

[1] Wada T, Sekiya H, Machi S. J Appl Polym Sci 1976;20:3233.
[2] Virk PS. J Fluid Mech 1971;45:225.
[3] Enright DP, Perricone AC. Pet Eng Int 1988;60:55.
[4] Date JL, Shute JM. Tappi 1959;42:824.
[5] Buck S, Pennefather PS, Xue HY, Grant J, Cheng Y-L, Allen CJ. Bio-

macromolecules 2004;5:2230.
[6] Singh B, Chauhan GS, Kumar S, Chauhan N. Carbohydr Polym 2007;67:190.
[7] Chaw C-S, Chooi K-W, Liu X-M, Tan C-W, Wang L, Yang Y-Y. Biomaterials

2004;25:4297.
[8] Al-Karawi A, Ahemed Jasim M, AI-Daraji AHR. Carbohydr Polym 2010;79:769.
[9] Salehi R, Davaran S, Rashidi MR, Entezami AA. J Appl Polym Sci

2009;111:1905.
[10] Lovell PA, EL-Aasser MS. “Emulsion polymerization and emulsion polymers”.

Wiley; 1997.
[11] Vanderhoff JW, Tarkowski HL, Shaffer JB, Brad-ford EB, Wiley RM. Adv Chem

Ser 1962;34:32.
[12] Vanderhoff JW, Visioli DL, El-Aasser MS. Polym Mater Sci Eng 1986;54:375.
[13] Benda D, Snuparek J, Cermak V. Eur Polym J 1997;33:1345.
[14] Graillat C, Pichot C, Guyot A, El Aasser MS. J Polym Sci Part A: Polym Chem

1986;24:427.
[15] Hernandez-Barajas J, Hunkeler DJ. Polymer 1997;38:437.
[16] Jun A, Masamichi N, Kiyotaka S, Teruo O. J Polym Sci Part A: Polym Chem

2008;21:7127e37.
[17] PerB Z, Fawaz A, Masayoshi O. J Polym Sci Part A: Polym Chem

2009;47:3711e28.
[18] Oh JK. J Polym Sci Part A: Polym Chem 2008;46:6983e7001.
[19] An Z, Shi QH, Tang W, Tsung CK, Hawker CJ, Stucky GD. J Am Chem Soc

2007;129:14493e9.
[20] Lu FJ, Luo YW, Li BG, Schork FJ. Macromolecules 2010;43:568e71.
[21] Qi GG, Bennett E, Jones CW, Schork FJ. Macromolecules 2009;42:3906e16.
[22] Qi GG, Jones CW, Schork FJ. Macromol Rapid Commun 2007;28:1010.
[23] L. Ouyang, L.S. Wang, F.J. Schork, Macromol Chem Phys, in press.
[24] Albertin L, Stenzel M, Barner-Kowollik C, Foster LJR, Davis TP. Macromolecules

2004;37:7530e7.
[25] Ostwald W. Z Phys Chem 1901;37:495.



lable at ScienceDirect

Polymer 52 (2011) 68e76
Contents lists avai
Polymer

journal homepage: www.elsevier .com/locate/polymer
Effects of molten poly(3-hydroxybutyrate) on crystalline morphology
in stereocomplex of poly(L-lactic acid) with poly(D-lactic acid)

Ling Chang, E.M. Woo*

Department of Chemical Engineering, National Cheng Kung University, Tainan 701-01, Taiwan
a r t i c l e i n f o

Article history:
Received 21 August 2010
Received in revised form
13 November 2010
Accepted 18 November 2010
Available online 26 November 2010

Keywords:
Stereocomplex
Poly(L-lactic acid)
Morphology
* Corresponding author. Tel.: þ886 6 275 7575x626
E-mail address: emwoo@mail.ncku.edu.tw (E.M. W

0032-3861/$ e see front matter � 2010 Elsevier Ltd.
doi:10.1016/j.polymer.2010.11.028
a b s t r a c t

Effects of poly(3-hydroxybutyrate) (PHB) on crystalline morphology of stereocomplexing capacity of poly
(L- and D-lactic acid) (PLLA and PDLA) were studied by differential scanning calorimetry (DSC), polar-
izing-light optical microscopy (POM), atomic-force microscopy (AFM) and wide-angle X-ray diffraction
(WAXD). When crystallized at high Tc (130 �C or above), morphology transition of stereocomplexed PLA
(sc-PLA) occurs from original well-rounded Maltese-cross spherulites to dendritic form in blends of high
PHB contents (50 wt.% or higher), where PHB acts as an amorphous species. Microscopy characterizations
show that morphology of sc-PLA in PHB/sc-PLA blends crystallized at Tc ¼ 170 �C no longer retain original
complexed Maltese-cross well-rounded spherulites; instead, the spherulites are disintegrated and
restructured into two types of dendrites: (1) edge-on feather-like dendrites (early growth) and (2) flat-on
wedge-like crystal plates (later growth) by growing along different directions and exhibiting different
optical brightness. The concentration and/or distribution of amorphous PHB at the crystal growth front,
corresponding to variation of the slopes of spherulitic growth rates, is a factor resulting in alteration and
restructuring of the sc-PLA spherulites in the blends. Despite of spherulite disintegration, WAXD result
shows that these two PHB-induced dendrites still retain the original unit cells of complexes, and thus
these two new dendrites are sc-PLA.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

The crystallization and crystalline morphologies of miscible
blends of amorphous/crystalline systems have been extensively
studied [1e3]. However, less attention has been paid to miscible
blends composed of two crystalline polymers. Semicrystalline
polymers may exhibit a wide variety of superamolecular structures
and phase morphologies in crystalline/crystalline systems, such as
poly(L-lactic acid)/poly(3-hydroxybutyrate) (PLLA/PHB) [4], poly
(vinylidene fluoride)/poly(butylene adipate) (PVDF/PBA) [5], and
poly(ethylene oxide)/poly(butylene succinate) (PEO/PBSU) [6].
Semicrystalline polylactides (PLA’s) has attracted much attention
for their potential applications in medical devices due to its
biodegradability, biocompatibility, excellent optical and good
mechanical properties [7e10]. PLA exists in typical three isomeric
forms, such as L-lactic acid (PLLA), D-lactic acid (PDLA), and
racemic-lactic acid (PDLLA), which display a wide variety of prop-
erties. Stereocomplexation can occur between some polymers,
which is based on interactions of stereoselective van der Waals
70; fax: þ886 6 234 4496.
oo).

All rights reserved.
forces, such as isotactic with sydiotactic poly(methacrylate)
(iPMMA and sPMMA) [11e22], or L-configured with D-configured
PLA [23e30]. For examples, iPMMA and sPMMA upon mixing in
some solvents or melt-mixing in bulk can lead to formation of
aggregates of complexes [14e16]. Furthermore, influence of ster-
eocomplex PMMA formation, such as polymer concentration
[17,18], mixing ratio [15,16,19], molecular-weight [14,21] and
thermal treatments [14], have been well investigated. Recently,
stereocomplex of tactic PMMAs (isotactic and syndotactic) of high-
molecular weights are enhanced by adding a third polymer which
decreases Tg of the more rigid PMMA chain segments [22]. On the
other hand, equimolar mixtures of PLLA and PDLA are able to form
a stereocomplexed PLA (sc-PLA), which shows a melting tempera-
ture (Tm) of 50 �C higher than that of PLLA or PDLA and has higher
mechanical properties than PLLA [27,28].

The typical morphology of sc-PLA spherulite is of a Maltese-
cross pattern for melt-crystallized polymer, whereas the sc-PLA
spherulites may become disordered and less distinct under non-
equimolar conditions [26e29]. When crystallized at any Tc’s, the
spherulites of stereocomplexes are distinctly of a Maltese-cross
pattern, in contrast with ring-banded patterns in the constituent.
As a sc-PLA complex is being packed by cooling from a mixture in
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the melt state, properties of PLA complexes may be influenced by
various parameters, such as molecular-weight, mixing ratios, and
temperature and time. There have been some previous studies on
some of influencing factors on the formation and properties of sc-
PLA have been reported [24e26,29e30]. As PLLA/PDLA mixtures
are further blended with diluents, effects of above parameters and
additionally interaction strength of PLAs with the diluents, on final
complex morphology of PLA complexes have yet to be fully
understood.

Themiscibility and phase behavior of blends of PHB with PLLA is
strongly dependent on the molecular weights of either of constit-
uents [4,31e35]. It is known that PHB can be miscible with low-
molecular-weight PLLA (Mw < 18,000) in the melt at 200 �C over
the entire compositions, whereas PHB blends with high-molecular-
weight PLLA (Mw > 18,000) show phase separation [4,31e35]. Two
types of spherulitic morphologies, respectively related to the
crystal forms of PHB and PLLA, are observed when PLA/PHB blends
are cooled from the melt [4].

Although blends of PHB with PLLA have been widely investi-
gated; however, studies have yet to be directed to investigation of
influence of miscible diluents co-crystallizing with the complexes
on the crystalline morphology of the sc-PLA structures. It was of
great interest to probewhether the stably complexedMaltese-cross
spherulites in sc-PLA might be altered or disrupted when sc-PLA
crystallized in presence of miscible diluents or polymers, such as
PHB. In blends kept at Tc of PLAs, PHB is molten and remains non-
crystallizable in a melt state, and thus PHB acts as an amorphous/
molten diluent throughout crystallization of sc-PLA being packed
into complexes from the liquid PHB/sc-PLA mixtures. It was of
interest to investigate effects of PHB contents on morphology and
thermal behavior of isothermally crystallized complex PLA system.
Influencing factors of the crystallization conditions including PHB
compositions and crystallization temperature, on thermal behavior
of sc-PLA in blends were discussed. To understand the progress of
influence of PHB molecules on sc-PLA spherulite transformation,
in-situ monitoring of sc-PLA crystallization in blends was
investigated.

2. Experimental

2.1. Materials and preparation procedures

Poly(L-lactic acid) (PLLA) of a low-molecular-weight (Mw ¼
11,000 g mol�1) and poly(D-lactic acid) (PDLA) (Mw ¼
124,000 g mol�1 and Mw/Mn ¼ 1.3) were purchased from Poly-
sciences, Inc. (USA) and Fluka, Inc. (Switzerland), respectively, and
used as received. Poly[(R)-3-hydroxybutyrate] (PHB) (Mw ¼
500,000 g mol�1) was purchased from Polysciences, Inc. (USA) and
used as received. Binary blends with PLLA and PDLA and ternary
blends comprising PLLA, PDLA, and PHB were first separately
prepared, then stereocomplexing sc-PLA and PHB mixtures were
prepared using solvent-mixing, followed with film-casting. PHB
was first dissolved in hot chloroform (CHCl3) solution, and then
further blended with solutions of PLLA and PDLA with proper
ratios. Ratios of PLLA to PDLA in blends were maintained at 1/1 by
weight in either binary or ternary blends. In ternary blends, PLLA/
PDLAwas fixed at 1/1, with the PHB contents ranging from 90/10 to
10/90 in weight ratios, the first number referring to the weight
percentage of PHB. Before thermal treatment, the solution was
subsequently cast on a glass plate at 45 �C, and blend films were
obtained after evaporating most of the solvent on a hot plate at ca.
50 �C for 2 days. In the first step of ambient drying at 45 �C because
it was the temperature of preliminary film cast. Polymer mixing
and film uniformity was balanced with solvent drying at the most
appropriate temperature of 45 �C, whichwas chosen by trials. Then,
trace residual solvent in polymer samples was further driven off at
a slightly higher 50 �C for fast degassing under vacuum. Solution-
coating was used for preparation of PHB/sc-PLA samples of thick-
ness around 6e7 mm. Samples were not used for second time in
thermal analysis to avoid thermal degradation.

2.2. Apparatus

Thermal analysis was carried out with a differential scanning
calorimetry (DSC) (Diamond, PerkineElmer Corp.), under a dry/
inert nitrogen atmosphere. Themelted samples were kept at 230 �C
for 1 min for completely removing prior thermal history of blends,
and immediately placed in liquid nitrogen to quench into an
amorphous state for Tg measurements. For analysis of blends, the
procedure for isothermal crystallization experiments was as
follows: all samples were heated to 230 �C for 1 min and imme-
diately quenched to the desired crystallization temperature, Tc. For
Tg measurements, the PHB/sc-PLA blends were heated to 230 �C for
1 min (above Tm’s of either sc-PLA or PHB), immediately immersed
in liquid nitrogen to an amorphous state. In such rapid quenching
condition, sc-PLA or PHB crystallites could not form during rapid
cooling, and their glassy states were preserved for Tg character-
ization. Gaussian curve-fitting of PHB/sc-PLA (50/50) blend at
130e170 �C from DSC measurements was the preformed, using
Peakfit software (web trial version-Jandel Scientific).

The spherulitic morphologies were observed on a Nikon Opti-
phot-2 polarizing-light optical microscope (POM) equipped with
a Nikon CCD digital camera. Non-polarizing-light optical micros-
copy (OM) was also used for better discerning the topographic
shapes of spherulites. Samples were first melted on a hot stage at
230 �C for 1 min, and then quickly transferred to hot stage (Linkam
THMS-6000) equilibrated at the desired crystallization tempera-
ture. To further investigate the morphologies of blends, samples
were also examined using atomic-force microscopy (AFM) (Caliber,
Veeco-DI Corp., USA) with a tapping mode. Silicon tips with
a resonance frequency of w280 kHz were used, and the scan rate
was 0.3 Hz. All samples were deposited on substrates of glass slides
with an open face up, and were characterized using a set-point
amplitude ratio of 0.8.

Wide-angle X-ray diffraction (WAXD) patterns for neat PHB,
neat sc-PLA and blends were characterized with X-ray instrument
(Shimadzu/XRD-6000) with a CuKa radiation (30 kV and 40 mA).
The scanning angle (2q) covered a range between 10 and 30� at
a rate of 2�/min.

3. Results and discussion

3.1. Thermal behavior of PHB/sc-PLA blends

To examine the influence of PHBcontenton thermal behavior of sc-
PLA formation, a low-molecular-weight PLLA was chosen for probing
miscibility between PHB and PLLA. Fig.1 shows the DSC thermograms
ofmelt-quenched sc-PLA blendwith various PHB contents. It has been
found that neat sc-PLA exhibits a glass temperature (Tg) around 40 �C,
and a melting temperature (Tm) at about 221 �C with DHf of 84.9 J/g,
which agree with literature [23,26,27]. The glass temperature transi-
tion of neat PHB is �6.3 �C, which is lower than that of neat sc-PLA.
Fig. 1 (A) shows that a single and composition-dependent Tg (onset
position indicatedwitharrowmarks), andthisprovides that thesc-PLA
and PHB are miscible in the melt. Dependence of Tg on composition
relationship for PHB/sc-PLA blend was fitted with the GordoneTaylor
equation [36]: Tg,blend¼ (w1Tg,1þw2kTg,2)/(w1þ kw2),with k¼ 0.43 as
shown in Fig. 1 (B).

Furthermore, the depression in the crystallization temperature
of sc-PLA (indicated with solid lines) in blends with the increase of



Fig. 2. DSC thermograms of PHB/sc-PLA blends of seven compositions at cooling rate
of �10 �C/min.

Fig. 3. (A) DSC thermograms of PHB/sc-PLA blends of various compositions melt-
crystallized at 130 �C; (B) DHf values of melting peak P2 as a function of PHB content in
blends.

Fig. 1. (A) DSC thermograms of PHB/sc-PLA blends; (B) plot of blend’s single Tg’s vs.
composition.
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PHB content can be observed in Fig. 2. The result indicates that the
crystallization of sc-PLA in blends is significantly hindered, leading
to that imperfect crystals are formed with increasing PHB contents.
In addition, DSC thermograms of melt-crystallized at 130 �C for
PHB/sc-PLA blends with various compositions are shown in Fig. 3.
Two endothermic peaks of sc-PLA in blends can be observed,
labeled as P1 and P2 for low- and high-temperature melting
endotherms, respectively. Note that PHB in the sc-PLA complex acts
as an amorphous component in blends for the blends held and
crystallized at 130 �C or above. When held and crystallized at
130 �C, sc-PLA could crystallize but PHB was molten and non-
crystallizable at all. PHB can crystallize only when cooled to 100 �C
or lower including ambient temperature. Thus, the DSC curves by
isothermally holding and scanning from 130 �C reveal nomelting of
PHB as PHB has never been given chance to crystallize at all. For
neat sc-PLA, a single melting peak P2 is observed, corresponding to
the fusion of the crystallites formed during cooling or subsequent
isothermal crystallization. In addition, a small exothermic peak,
labeled as Pexo, appears with PHB weight fraction changing from 30
to 70 wt.%. According to Fig. 3 (A), the subsequent melting DSC
curves of PHB/sc-PLA blends show a broader melting peak P2
compared with those of neat sc-PLA. Besides, themelting peak P2 of
sc-PLA in blend shifts to lower temperature with increase in PHB
contents. Fig. 3 (B) presents that the DHf values of melting peak P2
in blends decrease with increase of PHB weight fraction, indicating
that less stable (or less perfect) crystals of sc-PLA in blends are
augmented with increase of PHB content.
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3.2. Dendritic morphology in PHB/sc-PLA blend

In addition to PHB composition, effects of crystallization
temperature (Tc) on sc-PLA formation were also analyzed. Fig. 4
shows DSC curves of PHB/sc-PLA blend ¼ 50/50 isothermally
crystallized at temperatures from 130 to 170 �C. According to Fig. 4
(A), the DSC curves indicate that the position of melting peak P1
shifts from 185 to 197 �C with increasing Tc; Pexo can not be
distinctly seen with increasing Tc. Note that melting peak P2
remains almost constant around 218 �C for the blends crystallized
at various temperatures. As shown in Fig. 4 (B), the DHf values of
melting peak P1 increase with increasing Tc due to enhanced crystal
perfection or thickening of the lamellae, while those of peak P2
decrease with increasing Tc. From the observation that the position
and DHf values of melting peak P1 is dependent on the Tc, it is
suggested that less stable (or less perfect) crystallites of P1 increases
in crystal perfection or thickening with increasing Tc.

It was of interest to investigate influence of PHB content and Tc
on sc-PLA spherultic formation. Fig. 5 shows the morphologies of
neat and blended sc-PLA with various weight fractions of PHB (70/
30e30/70) crystallized at 130 �C. In blends held at these Tc’s, PHB is
in an amorphous molten state and acts as a diluent throughout
crystallization of sc-PLA. The spherulites of neat sc-PLA crystallized
at 130 �C are typical Maltese-cross patterns as shown in Fig. 5-(a),
whereas those of sc-PLA in blend tend to formation of highly
dendritic crystals. For the PHB-rich compositions (i.e., 50/50e70/30
blends), Fig. 5-(c) and (d) shows dendritic sc-PLA spherulitic
textures with disruption of Maltese-cross patterns.

In addition to PHB composition, others factors, such as crystal-
lization temperature (Tc), may also influences the morphologic
Fig. 4. (A)DSC thermogramsof PHB/sc-PLAblends¼50/50melt-crystallizedat Tc; (B)DHf

values of melting peaks P1 and P2 as a function of crystallization temperature.
formation of stereocomplexes PLA in blends. Fig. 6 shows POM and
OM images of sc-PLA with PHB (i.e., 50/50) melt-crystallized at
various temperatures (Tc ¼ (a) 150 �C and (b) 170 �C). The POM
images of sc-PLA in blends with PHB crystallized at 150 �C (Fig. 6-a)
show dendritic textures with disruption of Maltese-cross patterns,
whereas those of sc-PLA in blends melt-crystallized at 170 �C, show
coexistence of feather-like and wedge-like spherulites (Fig. 6-b). At
an even higher Tc ¼ 170 �C, the dendrites can be classified into two
types, indicatedwith dotted and solid-line arrows, respectively. The
detailed structures of these dual-type crystallites will be discussed
later. Upon crystallization of the 50/50 blend at 150 �C or above,
original circular Maltese-cross spherulites no longer exist. Instead,
the Maltese-cross pattern typical of the sc-PLA spherulites disap-
pears, and is now replaced with dendritic bundles, which may be
ascribed to presence of PHB molecules dissolving and reorienting
the stereocomplexed spherulites into dendrites. These facts reveal
that spherulitic morphologies of sc-PLA in blends generated by
melt-crystallization are not only affected by PHB compositions but
also crystallization temperature. In Fig. 6-(c) and (d), POM micro-
graphs for the enlarged areas of sc-PLA in blends crystallized at
Tc ¼ 170 �C show feather-like patterns with higher brightness and
wedge-like patterns with lower brightness, respectively. In Fig. 6-
(c) and (d), non-polarizing OM micrographs for the enlarged areas
of feather-like and wedge-like crystals, respectively, are shown
jointly for comparison with the interested areas as illustrated in
POM photos. The OM image (Fig. 6-d) further reveals that the
wedge-like dendrites display a coarser texture than the feather-like
ones. The POM and DSC results suggest that sc-PLA spherulites with
dendritic textures contain less stable (or less perfect) lamellae in
crystalline structure.

To explain the nature of morphologic changes and melting
behavior of sc-PLA in blends, the wide-angle X-ray measurements
on blends isothermally crystallized at various temperatures were
analyzed. Fig. 7 showsWAXD profiles of (a) neat sc-PLA, (b) PHB/sc-
PLA blends ¼ 50/50 and (c) neat PHB, isothermally crystallized at
indicated Tc’s. Neat sc-PLA shows diffraction peaks at 2q ¼ 11.5�,
20.5�, and 23.5�, which are characteristic of sc-PLA crystallizedwith
a trigonal unit cell of dimension: a ¼ b ¼ 1.50 nm, c ¼ 0.823 nm,
a¼ b¼ 90�, g¼ 120� [37]. Twomain characteristic diffraction peaks
located at 2q¼ 12.9�, and 16.4� are assigned to the neat PHB crystal,
which is in agreement with the literature results [38,39]. The
blended sc-PLA exhibits the same diffraction peaks as the neat sc-
PLA, indicating that the unit cells of sc-PLA in blends are not altered
by addition of PHB. Although themelting behavior andmorphology
of sc-PLA in blend are different from those of neat sc-PLA, the same
crystalline cell structures are revealed in the WAXD pattern. To
clarify the original structures of melting peaks P1 and P2, theWAXD
profile for the blends which are erasing the melting peak P1 is the
same with that consisting of melting peaks P1 and P2 (not shown
here).

As discussed earlier, POM graphs in Fig. 6 for the PHB/sc-PLA
blends (50/50) crystallized at 170 �C show coexisting feather-like
and wedge-like dendrites/spherulites with bright and dark-
brightness, respectively. These two different morphologies grown
from the complexes of the PHB/sc-PLA blend only occurs at high Tc
temperatures, suggesting that mobility of molten PHB chains in
contacting with sc-PLA is the main factor for the morphology
transition from sc-PLA complex spherulites to dendrites. The
lamellar patterns of these two different dendrites were further
analyzed in details using AFM. Fig. 8 shows AFM height images for
PHB/sc-PLA blends (50/50) crystallized at 170 �C, revealing height
profiles for two different structures in the PHB-disintegrated sc-PLA
spherulites. The height image of Fig. 8 (A) shows that feather-like
and wedge-like dendrites are different in heights. The height
profile of the wedge-like dendrite is much higher than that of the



Fig. 5. POM graphs of PHB/sc-PLA blends melt-crystallized at 130 �C: (a) neat sc-PLA, (b) 70/30, (c) 50/50, and (d) 30/70.
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feather-like one as shown in the bottom plot of Fig. 8 (A). The
enlarged areas of the square-boxed regions (b) and (c) of Fig. 8 (A)
are shown in Fig. 8 (B) and (C), corresponding to thewedge-like and
feather-like dendrites, respectively. The arrowmark in Fig. 8 (B) and
(C) indicates the radial direction of spherulite growth. Obviously,
the wedge-like and feather-like dendrites are of two distinctly
different crystal types: platelet and long-stripe morphologies,
respectively. Fig. 8 (B) shows that thewedge-like dendrite of sc-PLA
Fig. 6. POM and OM graphs of PHB/sc-PLA blends (1:1) melt-crystallized at various temp
(d) wedge-like lamella (indicated with dotted and solid-line arrows, respectively).
is composed of platelet crystals; however, the feather-like dendrite
is made up of long-stripe lamellae.

Fig. 9 shows AFM phase images of the enlarged area of the
wedge-like and feather-like dendrites (see Fig. 8 (B) and (C)) in
the PHB/sc-PLA blend (50/50) crystallized at 170 �C. Fig. 9 (A) shows
the phase image of wedge-like dendrites, revealing wedge-like
dendrites with multi-layered platelet morphology. The inset in
Fig. 9 (A) shows the enlarged area of the square-boxed region of
eratures: (a) 150 �C, (b) 170 �C; enlarged micrographs showing (c) feather-like, and



Fig. 7. WAXD profiles of (a) neat sc-PLA, (b) PHB/sc-PLA blend ¼ 50/50 at three Tc’s,
and (c) neat PHB, isothermally crystallized at Tc’s.
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Fig. 9 (A), indicating that the lamellar thickness of the wedge-like
dendrite, measured from the cross-sectional phase image, is ca.
16 nm and the direction of platelet crystal growth is almost
perpendicular to the radial direction of spherulites growth. For the
feather-like dendrite, the inset in Fig. 9 (B) shows that the lamellar
thickness of the feather-like dendrite is ca.w13 nm and the growth
direction of long stripes of lamellae is almost parallel to the radial
direction of spherulites growth. The results of AFM characterization
show that the feather-like (bright area) and wedge-like (dark area)
dendrites mainly consist of edge-on long-stripe lamellae and flat-
on platelet lamellae, respectively.

Note that the AFM morphology for the platelet lamella in the
wedge-like dendrites of the PHB/sc-PLA blend is quite similar to the
flat-on lamella in the dark bands of ring-banded spherulites of PLLA
crystallized between 125 and 130 �C [40,41]. More strikingly, the
AFM morphology for the long stripes of lamella in the feather-like
dendrites of the PHB/sc-PLA blend is quite similar to the edge-on
lamella in the bright bands of ring-banded spherulites of PLLA
crystallized between 125 and 130 �C [40,41]. The fact demonstrates
that the crystal species of flat-on and edge-on lamellae can exist
side-by-side and not only as concentric alternating rings. Note also
the crystal species in the feather-like and wedge-like dendrites
grow simultaneously from a common center, and they are not inter-
related by continuous spiraling from one to another. The feather-
like dendrite is filled with thin stripes of lamellar bundles, while
the wedge-like dendrite is composed of discrete crystal platelet
intersected by amorphous interfaces. The crystal species in two
dendrites are not continuous inter-related but grow side-by-side.
The morphologies of crystal species in these two dendrites
demonstrate that edge-on and flat-on lamellae can exist by
simultaneous or alternating growth, and not necessarily are created
by spiraling from one lamella orientation to another. Therefore,
edge-on and flat-on lamellae, discrete and not inter-related, can
also be aligned in concentric fashion. This postulation can be an
alternative mechanism to the conventional assumption that the
lamellae continuously and rhythmically from flat-on to edge-on
orientation to create alternating dark/bright bands, respectively.

3.3. Morphology evolution of sc-PLA in contact with molten PHB

Fig. 10 shows the growth rates in terms of spherulitic radius
versus time for dual types dendritic structures in PHB/sc-PLA blend
(50/50) crystallized at Tc of 170 �C. Insets in Fig. 10 show OM graphs
for dual types of spherulites of feather-like and wedge-like
patterns, respectively. The spherulitic growth rate of wedge-like
pattern (indicated with solid crosses) is much slower than feather-
like pattern (indicated with solid triangles); however, a nonlinear
relationship to time exists in the growth of both types of spheru-
lites. Various explanations for the nonlinear spherulitic growth rate
have been proposed [42e44]. Most notably, Keith and Padden [42]
have reported that the diffusion rates of impurities (i.e., non-crys-
tallizable components) are higher than the crystal growth rates of
crystallizable components, the concentration of the impurities will
increase at the crystal growth front and result in the nonlinear
growth. In the case of sc-PLA in blends (50/50) crystallized at
Tc ¼ 170 �C, the differences between diffusion rates of impurities
(i.e., amorphous PHB chains) and crystal growth rates of the crys-
tallizable component (i.e., sc-PLA crystals) in the dual-type
morphologies is a factor resulting in variation of the slopes of
spherulitic growth rates. Hence, the concentration and/or distri-
bution of the impurities at the crystal growth front, corresponding
to variation of the slopes of spherulitic growth rates, is one of
factors resulting in different orientations of sc-PLA lamellae in
blends.

Result in Fig. 10 leads to useful correlation and analogy between
the constituent crystal plates in dendrites in complex PLLA/PDLA
and those in the extinction-banded spherulites in PLLA or other
polymers. Many insights into complex morphology can be inves-
tigated by disintegrating the well-rounded Maltese-cross spheru-
lites into dark-bright lamellae dendrites with radial direction
straight wedge (dark) plate sandwiched between radial direction
feather-like (bright) dendrites. There seems to be an interesting
correlation between the growth kinetics of the dual-type dendrites
in PHB/sc-PLA complex spherulites and that of the alternating
bright-dark bands in extinction-band spherulites in other poly-
mers. Result in Fig. 10 clearly points out that growth rate of the dark
dendrite (wedge-like plate) is lower than that of the bright dendrite
(feather-like crystal).

By comparisons between the growth rates for the dendrites and
ring-banded spherulites, an interesting analogy can be drawn for
the bright-dark dendrites and dark-bright rings in banded spher-
ulites. Prior studies reported in the literature on the ring-banded
spherulites in polymers have indicated that two distinct growth
rates are alternately different in the dark and bright band regions in
the ring-banded spherulites. Examples are seen in ring-banded
polymers, such as poly(trimethylene terephthalate) (PTT) [45], poly
(3-caprolactone)/poly(styrene-co-acrylonitrile) (PCL/SAN) [46], and
poly(ester urethane) copolymers [47]. The growth rate of edge-on



Fig. 8. AFM height images for 170 �C-crystallized PHB/sc-PLA blend (50/50). Graphs-(B) and (C) are the enlarged areas of the square-boxed regions (b) and (c) in Fig. 8 (A).
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lamellae of dark band of PTT is decelerated in forming a valley (or
dark) band; meanwhile, the growth rate of flat-on lamellae is
slightly accelerated in forming a ridge (or bright) band [45]. By
contrast, the growth rates of flat-on and edge-on lamellae of sc-PLA
spherulites in blends are growth alternately from circumferential
direction for forming the wedge-like (dark) plate and feather-like
(bright) dendrites, respectively. The result in Fig. 8 (A) also shows
that a wavy height profile is seen in going across the alternating
wedge-like and feather-like dendrites. These AFM image and height
profile results indicate that alternating growth of edge-on and flat-
on lamellae spherulites can be seen not only in concentric ring-
banded spherulites, but also in the alternating wedge-like and
feather-like straight dendrites as demonstrated in this study on the
PHB/sc-PLA blend. Interestingly, these two straight dendrites
(wedge-like and feather-like) are of dark and bright crystals as
Fig. 9. AFM phase images for (A) wedge-like and (B) feather-like dendrites in 170 �C-crysta
and (B).
viewed in POM characterizations, respectively, just like the alter-
nating dark/bright bands in most conventional ring-banded
spherulites. Thus, alternating height up-and-down can occur not
only in the radial direction (in ring-banded spherulites) but also in
the circumferential direction (in wedge-like and feather-like
dendrites). Certainly, this result also points out that the periodic
height up-and-down is not necessarily created only by spiraling of
one lamella along the radial direction in forming ring-banded
spherulites; furthermore, significant height difference can also
occur in distinctly straight lamellae of different textures, without
any spiraling or twisting, such as the feather-like and wedge-like
dendrites demonstrated in this case.

In-situ dynamic observation of process from sc-PLA complex of
Maltese-cross spherulites transforming to dendrites in the PHB/sc-
PLA blend may provide hints for mechanisms of dendrite
llized PHB/sc-PLA blend (50/50). Insets: enlarged images of square-boxed region in (A)



Fig. 10. Plots of spherulitic radius versus time for feather-like (solid triangles) and
wedge-like (solid crosses) patterns of dendritic structures in PHB/sc-PLA blend crys-
tallized at Tc ¼ 170 �C. Insets: OM graphs for feather-like and wedge-like patterns,
respectively.

Fig. 11. POM graphs for the blends isothermally crystallized at 170 �C: (a) neat sc-PLA,
(b) sc-PLA covered with molten PHB film at 170 �C for 8 min, (c) 25 min, and
(d) 35 min.
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formation. Neat sc-PLA (PLLA/PDLA ¼ 50/50) was first cast on
a glass plate, melted at 230 �C for 1min, and immediately quenched
to Tc ¼ 170 �C for the observation of neat sc-PLA spherulites. After
an early-stage crystallization of neat sc-PLA, the neat sc-PLA film
initially cast on glass substrate was further covered with a molten
neat PHB film, which had been prepared by solvent-cast of neat
PHB on another substrate. That is, PHB/sc-PLA dual-layer samples
were prepared by pressing the PHB film on top of a sc-PLA complex
film at Tc ¼ 170 �C, where molten PHB was fused into sc-PLA pre-
melted at 230 �C then quenched to, held and crystallized at
Tc ¼ 170 �C. On the PHB/sc-PLA dual-layer sample, POM dynamic
monitoring was started from time t ¼ 0e35 min with various
intervals. Fig. 11 shows in-situ monitoring of morphology evolution
for neat sc-PLA covered with a thin PHB film isothermally crystal-
lized at 170 �C. The figure shows monitoring on only a single
spherulite. Note here that growth may appear to be unbalanced in
circumferential regions (right vs. left) of the single spherulite, but
statistically, the differences should be weighed on several spheru-
lites. Two reasons are responsible for the different growth rates in
two sides of a single spherulite. Concentration distributions in local
areas may differ; in addition, film thickness may differ slightly
across the single spherulite. In the entire polymer film sample,
there are many, i.e., more than one spherulite, and for some other
spherulites, growth patterns of upper vs. lower or right vs. left are
reversed. Statistically, the differences are averaged out. At 170 �C,
PHB remained in a molten amorphous state interacting with the sc-
PLA crystallizing species. Obviously, in the early-stage of neat sc-
PLA crystallized at 170 �C, the crystal morphology in Fig. 11-(a)
shows a typical Maltese-cross pattern for sc-PLA before disinte-
gration of complex spherulites, as also shown earlier in Fig. 5-(a).
Fig. 11-(b) shows a disordered Maltese-cross pattern (indicated
with dotted-line circle area) in spherulites of the preformed sc-PLA
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spherulites, pressed with a PHB film, then isothermally crystallized
at 170 �C for 8 min. For the PHB-pressed sc-PLA sample, feather-like
patterns of sc-PLA spherulite develop first and appear to be less
compact than those in neat sc-PLA. This observation indicates that
at 170 �C, the amorphous PHB polymer chains dissolved and reor-
iented in the sc-PLA spherulite leads to the increase of brightness.
Fig. 11-(c) shows the formation of new secondary crystallites
(indicated with a solid-line arrow mark) at the later-stage crystal-
lization (t ¼ 25 min). Wedge-like pattern of sc-PLA spherulite with
a lower brightness develops later, indicating low crystallinity in the
constituent crystals within the sc-PLA spherulites. Fig. 11-(d)
presents growth of sc-PLA spherulite crystallized at 170 �C for
35min. As the crystallization proceeds further (t¼ 35min), feather-
like and wedge-like patterns of sc-PLA spherulites (indicated with
dotted and solid-line arrows, respectively) grow simultaneously.
These also agree with the previous POM results (Fig. 6-b), showing
that the feather-like dendrites (bright area) are brighter than and
different contrast from the wedge-like ones (dark area). AFM
results have revealed that the different brightness/birefringence in
these two crystals in disintegrated sc-PLA spherulites can be
attributed to predominantly edge-on and flat-on orientations of the
feather-like dendrites and wedge-like plates, respectively. These
results reveal that the morphology of sc-PLA spherulites in the
blend transforms apparently from a stable Maltese-cross spheru-
lite, to disordered Maltese-cross one in early-stage crystallization,
then to feather-like pattern; further in final stage, it transforms into
coexistence of feather-like and wedge-like patterns in later-stage
crystallization upon introducing molten PHB into sc-PLA at 170 �C.

4. Conclusion

The PHB/sc-PLA blend system shows a single composition-
dependent Tg in all composition, indicating miscibility and inter-
actions between PHB and sc-PLA, which leads to that crystallization
growth of sc-PLA in blends is hindered by presence of PHB and final
morphology of the sc-PLA complexes is altered. The less perfect
lamellae of sc-PLA formed in blends induced by the increase of PHB
content in blends or higher Tc, suggesting that the sc-PLA dendritic
textures contain less stable (or less perfect) lamellae than those in
the well-rounded Maltese-cross type spherulites. Effects of PHB on
complexed PLA patterns are apparently associated with crystalli-
zation temperature and PHB contents in the PHB/sc-PLA mixtures,
which both influence growth rates, leading to unbalanced lamellar
extension that no longer sustain a well-round spherulites. PHB, via
intimatemiscibility interactions with both PLLA and PDLA, also acts
as an amorphous diluent component to disintegrate the originally
well-rounded sc-PLA spherulites into dendrites of two distinctly
different types. PHB/sc-PLA blend crystallized at Tc ¼ 170 �C
exhibits two distinct crystals appearing at two different stages: (1)
earlier-stage feather-like and (2) later-stage wedge-like dendrites.
Interestingly, growth of the flat-on wedge-like dendrites is much
shower than edge-on feather-like dendrites. These results indicate
that the concentration and/or distribution of the PHB (amorphous
diluents) at the crystal growth front corresponding to variation of
the slopes of spherulitic growth rates is a factor which results in the
different orientation of sc-PLA lamellae in blends. This fact also
provides interesting and useful clues that the flat-on and edge-on
lamellar orientation in PLLA/PDLA complexes can be independently
and discretely packed into separate crystal entities, and are not
necessarily inter-connected in an alternating twisting pattern.
Despite of alteration of spherulites into dendrites by PHB, the
WAXD result indicates that the unit cells of sc-PLA in PHB/sc-PLA
blends are not altered by addition of PHB.
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This paper describes the synthesis of a new thermally cross-linkable hole-transporting poly(fluorene-co-
triphenylamine) (PFTV) by Suzuki coupling reaction and its application in polymer light-emitting diodes
(PLEDs). The characteristics of PFTV were analyzed by 1H NMR, differential scanning calorimetry, optical
spectroscopy, cyclic voltammetry, and atomic force microscopy. Its HOMO level lies between those of
PEDOT:PSS and poly(9,9-dioctylfluorene), forming a stepwise energy ladder to facilitate hole-injection.
Multilayer device with thermally cross-linked PFTV as hole-transporting layer (ITO/PEDOT:PSS/HTL/PFO/
LiF/Ca/Al) was readily fabricated by successive spin-coating processes, its maximum luminance efficiency
(2.27 cd/A) was significantly higher than that without PFTV layer (0.50 cd/A). In addition, the PFTV was
successfully applied as host for red-emitting Ir(piq)2acac to obtain a device with moderate performance
(5300 cd/m2 and 2.64 cd/A). The PFTV is a promising hole-transporting material for the fabrication of
multilayer PLEDs by wet processes as well as a potential host for phosphorescent PLEDs.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Polymer light-emitting diodes (PLEDs) have attracted much
attention, since the first discovery of electroluminescene of poly
(p-phenylenevinylene) (PPV) in 1990, due to their potential applica-
tions in large area flat panel displays and solid-state lighting [1e5].
Organicmaterials in PLEDs have some advantages such as potentially
low cost, facile processing by spin-coating and ink-jet printing
methods. A lot of conjugated polymers have been extensively inves-
tigated, such as poly(p-phenylenevinylene) (PPV) [1], polyfluorene
(PF) [6] and their derivatives. PF and its derivatives are promising
blue-light-emitting materials widely used in PLEDs because of its
excellent thermalandchemical stabilityandhighphotoluminescence
(PL) quantum yield [7e9]. However, the lower highest occupied
molecularorbital (HOMO) level ofPF (EHOMO¼�5.8 eV) creates ahigh
hole-injection barrier, which lead to imbalance in charges injection
[10,11]. This characteristic ultimately results in low efficiency
obtainable for its polymeric light-emitting diodes.

To solve this problem, in general two strategies have been
adopted, one is through appropriate design of chemical structure
and the other is via adequate modification of device structure. For
the first strategy, the incorporation of hole-transporting moieties
on a main or side chain, such as carbazole or triphenylamine, is
: þ886 6 2344496.
en).

All rights reserved.
usually adopted to improve hole-injection from anode [12e18]. For
the second strategy, multilayer devices are required and fabricated
by adding an extra hole-transporting layer (HTL) to reduce the
hole-injection barrier from anode [19e24]. Several polymers have
been reported as suitable materials for HTL between poly(styr-
enesulphonate):poly(3,4-ethylenedioxythiophene) (PEDOT:PSS)
and emitting layer (EML), such as poly(N-vinylcarbazole) (PVK)
and poly[(9,9-dioctylfluorenyl-2,7-diyl)-co-(4,40-(N-(4-sec-butyl-
phenyl))diphenylamine)] (TFB) [23e26]. The hole-transporting
layer (HTL) effectively improves the device efficiency of multilayer
PLEDs. However, for multilayer polymer devices the HTL layer may
be dissolved or destroyed by the solution of emitting layer during
subsequent spin-coating. Therefore, the homogeneity and actual
thickness of the HTL cannot be controlled at will. This will lead to
poor reproducibility in the fabrication of multilayer devices by
solution processes. Accordingly, solvent resistance of the HTL layer
should be high enough to prevent the dissolution during subse-
quent coating. An effective way to increase the solvent resistance
of a polymer is forming as a three dimensional network structure,
which can be attained by thermal or photo-initiated cross-linking
reaction [27e36]. Moreover, the solvent resistance increases with
the increase of cross-linking density. Therefore, the HTL applicable
in multilayer PLEDs fabricated by solution-processes should
possess not only a proper energy level lying between anode and
emitting layer to facilitate hole-injection but also high solvent
resistance to avoid being dissolved during subsequent spin-
coating of the emitting layer.

mailto:yunchen@mail.ncku.edu.tw
www.sciencedirect.com/science/journal/00323861
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W.-F. Su, Y. Chen / Polymer 52 (2011) 77e8578
In the present study we synthesized a new thermally cross-
linkable hole-transporting poly(fluorene-co-triphenylamine)
(PFTV) by Suzuki coupling reaction, incorporated with pendent
styryl groups which is thermally reactive. The PFTV is composed of
hole-transporting triphenylamine groups and fluorenes substituted
with nonsymmetric and bulky aromatic groups at C-9 position. This
molecular design is expected to enhance thermal and chemically
stability, good film-forming properties and device efficiency.
Moreover, fabricating multilayer PLEDs with PFTV as hole-trans-
porting layer will be highly reproducible due to its thermally cross-
linking ability. The multilayer device with cross-linked PFTV as HTL
shows significantly enhanced emission efficiency than those with
uncross-linked PFTV as HTL or without the PFTV layer. Further-
more, the PFTV was effectively applied as host for red-emitting Ir
(piq)2acac, indicating that it acts both as hole-transporting and host
materials in PLEDs. These results demonstrate that the new PFTV is
a promising hole-transporting and host material for optoelectronic
devices.

2. Materials and methods

2.1. Materials and characterization

Tri(4-bromophenyl)amine (2) [37] and 4-(3-methylpropyl)-N,N-
bis(4-bromophenyl)aniline (5) [38,39] were synthesized according
to the procedures reported previously. 9,9-diarylfluorene-2,7-
diboronic acid bispinacol ester (4) and poly(9,9-dioctylfluorene)
(PFO) were prepared according to our previously reported proce-
dures [40]. All reagents and solvents were purchased from Acros,
TCI, Aldrich, Lancaster Chemicals Co. and used without further
purification. All the solvents such THF and acetonitrile were dried
with appropriate drying agents (Na or CaCl2), then distilled under
reduced pressure and stored over 4 Å molecular sieves before use.
The polymerization catalyst was tetrakis(triphenylphosphine)
palladium [Pd(PPh3)4] procured from Strem. Newly synthesized
compounds were identified by 1H NMR, 13C NMR spectroscopy,
mass spectrometry, and elemental analysis (EA). 1H NMR and 13C
NMR spectra were recorded with Bruker AVANCE-400 and 500
NMR spectrometers respectively, and the chemical shifts are
reported in ppm using tetramethylsilane (TMS) as an internal
standard. Mass and elemental analysis were carried out on a JEOL
JMS-700 spectrometer and Heraus CHN-Rapid elemental analyzer,
respectively. The FT-IR spectra were measured as KBr disk using
a Fourier transform infrared spectrometer, model 7850 from Jasco.
Molecular weight and molecular weight distribution of the poly-
mer were determined by a gel permeation chromatograph (GPC)
using THF as an eluent at a flow rate of 1 mL/min at 40 �C. Mono-
disperse polystyrene standards were used for molecular weight
calibration. Thermogravimetric analysis (TGA) was performed
under nitrogen atmosphere at a heating rate of 20 �C/min, using
a PerkinElmer TGA-7 thermal analyzer. Thermal curing behaviors
and thermal transitional properties of the polymer were investi-
gated using a differential scanning calorimeter (DSC), Mettler DSC
1, at a heating rate of 10 �C/min. Absorption spectra and photo-
luminescence (PL) spectra were measured with a Jasco V-550
spectrophotometer and a Hitachi F-4500 fluorescence spectro-
photometer, respectively. Cyclic voltammograms were recorded
using a voltammetric analyzer (model CV-50W from Bioanalytical
Systems, Inc.) under nitrogen atmosphere. The measuring cell was
consisted of a polymer-coated ITO glass as the working electrode,
an Ag/AgCl electrode as the reference electrode and a platinum
wire as the auxiliary electrode. The electrodes were immersed in
acetonitrile containing 0.1 M (n-Bu)4NClO4 as electrolyte. The
energy levels were calculated using ferrocene (FOC) as standard
(�4.8 eV with respect to vacuum level which is defined as zero)
[41,42]. An atomic force microscope (AFM), equipped with a Veeco/
Digital Instrument Scanning Probe Microscope (tapping mode) and
a Nanoscope IIIa controller, was used to examine surface
morphology and to estimate thickness and root-mean-square (rms)
roughness of deposited films. The film thickness of hole-trans-
porting and emitting layers was measured by surface profiler,
a-step 500.

2.2. Synthesis of monomer (3) and copolymer (PFTV)

2.2.1. Synthesis of N,N-bis(4-bromophenyl)-p-(4-vinylphenyl)
aniline (3)

Tri(4-bromophenyl)amine (2, 4.82 g, 10 mmol), p-vinyl-
phenylboronic acid (1.15 g, 5 mmol) and (PPh3)4Pd(0) (0.144 g,
0.13 mmol) were dissolved in a mixture consisting of tetrahydro-
furan (THF: 20 mL), aqueous solution of 2 M K3PO4 (11 mL). The
mixture was first purged with Argon and stirred at 100 �C for 48 h
under vigorous stirring. It was poured into water (50 mL) and
extracted twice with dichloromethane (250 mL). The combined
organic extracts were dried (MgSO4) and concentrated by rotary
evaporation. Further purification by column chromatography on
silica gel (ethyl acetate/n-hexane) afforded product 3 as white
solids (yield: 65%, melting point: 160e161 �C). FT-IR (KBr pellet,
cm�1): n 719, 815, 898,1068,1286,1317,1484,1521,1579,1602,1621,
3033, 3054, 3081. 1H NMR (400 MHz, CDCl3, ppm): d 7.54e7.45 (m,
6H, Ar-H), 7.37e7.35 (d, 4H, Ar-H, J ¼ 8 Hz), 7.11e7.09 (d, 2H, Ar-H,
J¼ 8 Hz), 6.99e6.97 (d, 4H, Ar-H, J¼ 8 Hz), 6.78e6.71 (dd,1H,¼ CH-
, J1 ¼ 16 Hz, J2 ¼ 16 Hz), 5.80e5.76 (d, 1H, ¼ CH2, J ¼ 16 Hz),
5.30e5.26 (d, 1H, ¼ CH2, J ¼ 16 Hz). 13C NMR (500 MHz, CDCl3,
ppm): d 146.38, 146.24, 139.68, 136.45, 136.39, 135.82, 132.43,
127.88, 126.74, 126.69, 126.02, 125.63, 124.45, 115.74, 113.8. ELEM
ANAL. Calcd. for C26H19Br2N (%): C, 61.81; H, 3.79; N, 2.77. Found: C,
61.70; H, 3.85; N, 2.71. EI-MS (m/z): calcd: 504.99; found: 505.00.

2.2.2. Synthesis of poly(fluorene-co-triphenylamine) (PFTV)
The synthesis of poly(9,9-dioctylfluorene) (PFO) and copoly-

mer PFTV was carried out using a palladium-catalyzed Suzuki
coupling reaction. For instance, purified N,N-bis(4-bromophenyl)-
p-(4-vinylphenyl)aniline (3: 0.304 g, 0.6 mmol), 9,9-diarylfl-
uorene-2,7-diboronic acid bispinacol ester (4: 3.843 g, 5 mmol),
4-(3-methylpropyl)-N,N-bis(4-bromophenyl)aniline (5: 2.02 g,
4.4 mmol) and (PPh3)4Pd(0) (0.104 g, 0.09 mmol) were dissolved
in a mixture consisting of THF (30 mL) and aqueous solution of
2 M K3PO4 (16 mL). The mixture was first purged with Argon and
then stirred at 100 �C for 72 h under vigorous stirring. Finally,
monomer 4 and 1-bromo-4-tert-butylbenzene were added to the
mixture to end-cap the polymer chain. The mixture was poured
into a large amount of methanol; the appeared solid was collected
by filtration and washed successively with methanol, 2-propanol
and hexane, followed by Soxhlet extraction with acetone to
remove trace oligomers. The residual palladium catalyst was
removed by stirring together with a silica gel (Silicycle, Si-Thiol) in
toluene. Then the solution was further extracted with de-ionized
water three times to reduce the concentration of metal ions. It was
then poured into a large amount of methanol to afford light-
yellow fiber of PFTV (yield: 75%). The PFTV was soluble in
conventional organic solvents such as toluene, xylene, THF and
chloroform. 1H NMR (400 MHz, CDCl3, ppm): d 7.78e7.76 (d, Ar-H,
J ¼ 8 Hz), 7.58e7.56 (d, Ar-H, J ¼ 8 Hz), 7.49e7.44 (m, Ar-H),
7.26e7.04 (m, Ar-H), 6.94e6.87 (m, Ar-H), 6.64e6.62 (m,]CHe),
5.80e5.76 (d,]CH2, J ¼ 16 Hz), 5.27e5.24 (m,]CH2, J ¼ 12 Hz),
3.94e3.91 (t, eOCH2e, J ¼ 12 Hz), 2.58e2.56 (m, 1H, eCHe), 2.20
(s, 3H, eCH3), 2.10 (s, 3H, eCH3), 1.80e0.83 (m, eCH2e and eCH3).
13C NMR (500 MHz, CDCl3, TMS, 25 �C): d 155.86, 152.83, 147.04,
142.79, 139.60, 138.83, 136.63, 134.63, 134.42, 132.36, 131.31,
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130.58, 127.47, 126.62, 126.25, 125.93, 125.08, 124.20, 120.34,
110.32, 66.17, 65.28, 40.98, 39.19, 37.26, 36.32, 31.34, 29.91, 27.93,
24.65, 22.67, 22.58, 21.81, 21.24, 19.73, 16.58, 12.27. ELEM. ANAL.
Calcd. for PFTV (%): C, 88.43; H, 7.67; N, 1.71. Found (%): C, 87.64;
H, 7.71; N, 1.28.

2.3. Fabrication and characterization of light-emitting devices

Multilayer light-emitting diodes [ITO/PEDOT:PSS/HTL/PFO/LiF/
Ca/Al] or phosphorescent light-emitting diodes [ITO/PEDOT:PSS/
PFTV:Ir(piq)2acac/Ca/Al] were fabricated to investigate their
optoelectronic characteristics. The ITO-coated glass substrate was
washed successively in ultrasonic baths of neutraler reiniger/de-
ionized water (1:3 v/v) mixture, de-ionized water, acetone and
2-propanol, followed with treatment in a UVeOzone chamber. A
thick PEDOT:PSS layer was spin-coated on top of the freshly
cleaned ITO glass and annealed at 150 �C for 15 min in a dust-free
atmosphere. The PFTV solutions were filtered through a syringe
filter (0.2 mm) before the spin-coating. The hole-transporting layer
(HTL) was formed by spin-coating a solution of PFTV in toluene
(10 mg/mL, 2000 rpm) on top of the PEDOT:PSS layer and ther-
mally treated at 230 �C for 30 min under nitrogen atmosphere.
Then the emitting layer (EML) was spin-coated onto the HTL. The
actual thickness of HTL and EML is 40 and 70 nm, respective.
Finally, a thick layer of cathode was deposited by successive
thermal evaporation of LiF (1 nm), Ca (50 nm) and Al (100 nm)
under 110�6 Torr. The luminance versus bias, current density
versus bias, and emission spectra of the PLEDswere recorded using
a combination of Keithley power source (model 2400) and Ocean
Optics usb2000 fluorescence spectrophotometer. The fabrication
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Scheme 1. Synthesis of monomer 3 and copolymer PFTV, an
of the devices was done in ambient conditions, with the following
performance tests conducted in a glove-box filled with nitrogen.

3. Results and discussion

3.1. Synthesis and characterization

The hole-transporting poly(fluorene-co-triphenylamine) (PFTV)
was synthesized by the palladium-catalyzed Suzuki coupling of 9,9-
diarylfluorene-2,7-diboronic acid bispinacol ester (4) and dibro-
motriphenylamine derivatives (3, 5) as shown in Scheme 1. The
emitting poly(9,9-dioctylfluorene) (PFO) was also synthesized by
the Suzuki coupling reaction. Tri(4-bromophenyl)amine (2) and
4-(3-methylpropyl)-N,N-bis(4-bromophenyl)aniline (5) were syn-
thesized according to the procedures reported previously [37e39].
9,9-diarylfluorene-2,7-diboronic acid bispinacol ester (4) and poly
(9,9-dioctylfluorene) (PFO) were prepared according to our previ-
ously reported procedures [40]. Monomer 3was synthesized by the
Suzuki coupling of p-vinylphenylboronic acid with stoichiometric
amount of tri(4-bromophenyl)amine (2), which was obtained by
complete bromination of triphenylamine with N-bromosuccini-
mide (NBS). Chemical structure of monomer 3 was satisfactorily
confirmed by 1H NMR, 13C NMR spectra, elemental analysis, and
mass spectrometry. 1H NMR spectrum of 3 verifies the character-
istic chemical shifts at 6.78e6.71 ppm and 5.26e5.80 ppm assigned
to protons of the vinyl substituents (]CH2 and ]CHe). The
structure of PFTV was satisfactorily characterized by its 1H NMR,
13C NMR spectra (Fig. S1 in Supporting Information) and elemental
analysis. The actual composition of pendent styryl group is ca.
5 mol%, as estimated from the areas of the peaks at 5.24e5.80 ppm
NBr Br

3

N

N

5

BrBr

OC10H21

0.120.88

d chemical structure of poly(9,9-dioctylfluorene (PFO).



Table 1
Thermal and electrochemical properties of PFTV and PFO.

Tg (�C)a Td (�C)b Eox vs. FOC (V)c EHOMO (eV)d ELUMO (eV)e Egopt (eV)f

PFTV 225 419 0.47 �5.27 �2.41 2.86
PFO 68 432 0.90 �5.70 �2.77 2.93

a Determined by differential scanning calorimetry (DSC) at a heating rate of
10 �C/min.

b The temperature at 5 wt% loss in nitrogen atmosphere, measured by TGA.
c EFOC ¼ 0.47 V vs. Ag/AgCl.
d EHOMO ¼ �(Eox, FOC þ 4.8) eV.
e ELUMO ¼ Eg þ EHOMO.
f Band gaps obtained from onset absorption (lonset): Eg ¼ 1240/lonset.

).u.a(
siV/V

U
dezila

mro
N

0.0

0.2

0.4

0.6

0.8

1.0 cross-linked at 230 oC
treated with toluene

0.2

0.4

0.6

0.8

1.0 cross-linked at 240 oC
treated with toluene

Wavelength (nm)
300 400 500 600 700

).u.a(.sbA
siV/V

U
dezila

mro
N

0.0

0.2

0.4

0.6

0.8

1.0 cross-linked PFTV/DCP 
at 230 C
treated with toluene

0.0

0.2

0.4

0.6

0.8

1.0 pristine film
treated with toluene

a

b

c

W.-F. Su, Y. Chen / Polymer 52 (2011) 77e8580
(]CH2) and 3.91 ppm (eOCH2e). The characteristic chemical shifts
at 5.24e5.80 ppm confirm the existence of pendent styryl groups,
fromwhich thermally cross-linkable character can be expected. The
PFTV and PFO are soluble in common organic solvents such as
toluene, THF, and chloroform. The weight-average molecular
weight (Mw) of PFTV and PFO was 6.9 � 104 and 14.4 � 104,
respectively, with the polydispersity indexes (PDIs) being 1.8, as
determined by gel permeation chromatography using mono-
disperse polystyrenes as calibration standards.

3.2. Thermal cross-linking properties and surface morphology of
PFTV

Since the copolyfluorene (PFTV) contains reactive pendent styryl
groups which will give rise to networks structure (cross-linking)
under proper thermal treatment. Thermal cross-linking and thermal
stability characteristics ofPFTVwere studied by differential scanning
calorimetry (DSC) and thermogravimetric analysis (TGA), respec-
tively. The thermal decomposition temperature (Td, 5%weight loss) of
PFTV is 419 �Cundernitrogenatmosphere, indicating that thePFTV is
highly thermal stable (Table 1). As shown in Fig. 1 (inset), during the
firstDSCheatingscanofmonomer3a clear-cutmeltingpoint atabout
161 �C is observed, followed closely by an exothermic peak around
163 �C. The exothermic peak is attributed to the reaction of styryl
groups which is induced by the melt of 3. Thermal cross-linking
conditions of PFTV were first determined by a similar DSC heating
scan to 300 �C (Fig. 1). During the first heating scan, PFTV showed
broad an exothermic peak around 230 �C, in which the exotherm
starts at about 210 �C. This exothermic peak (230 �C) of PFTV ismuch
higher than that of monomer 3 (163 �C), which is ascribed to high
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Fig. 1. DSC traces of PFTV at a heating rate of 10 �C/min. The first scan was used to
observe the reaction heat of styryl groups. The inset shows the DSC trace of monomer 3
at a heating rate of 10 �C/min.

Wavelength (nm)
300 400 500 600 700
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Fig. 2. Absorption spectra of pristine and cross-linked PFTV films: (�) before and (---)
after spin-coated with pure toluene. The cross-linking was conducted at 230 �C or
240 �C for 30 min under nitrogen atmosphere. The inset in (b) shows the absorption
spectra of PFTV film containing 1 wt% of dicumyl peroxide (DCP).
glass transition temperature of PFTV comprising rigid aromaticmain
chain structure and bulky aromatic substituents at the C-9 position.
The exothermic heat (35.25 J/g) is attributable to the thermal cross-
linking reaction of the pendent styryl groups. No obvious exotherm is
observed in the second heating scan, indicating the cross-linking has
been completed during the first scan. Furthermore, the glass transi-
tion temperature (Tg) of the cured PFTV is about 225 �C with no
detectable crystallizationandmelting transitions, suggesting that it is
basically an amorphous material. The high Tg is a highly desirable
property forpolymersused inPLEDs, since itprevents thedetrimental
crystallization process during device operation or thermal annealing
which deteriorates long-termmorphological stability.

Solvent resistance of the cured PFTV film was investigated by
the absorption variations (300e700 nm) before and after washing
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with a good solvent (toluene). As shown in Fig. 2, the absorption
spectrum of the pristine PFTV film disappears almost completely
after rinsing with toluene, meaning that the PFTV film is dissolved
out during spin-coating process. However, the solvent resistance of
PFTV was enhanced by the thermal curing processes. For instance,
the remaining absorption intensity of the thermally cross-linked
PFTV film (at 230 �C for 30 min) was about 27% after rinsing with
toluene. Moreover, its solvent resistance is further promoted when
cured at higher temperature (240 �C for 30min), i.e., more than 48%
of absorption intensity was remained after rinsing with toluene. In
addition, the degree of cross-linking could be increased by adding
dicumyl peroxide (DCP) as cross-linking agents. The remaining
absorption intensity of thermally cross-linked PFTV film, added
with DCP (1 wt%) and cured at 230 �C for 30 min, was about 37%
after rinsing with toluene. These results indicate that both higher
curing temperature and cross-linking agent are effective in
increasing cross-linking density, which can be evidenced by
elevated glass transition temperatures [32]. Therefore, the solution-
processable and thermally cross-linkable characteristics of PFTV
are useful to fabricate multilayer PLEDs by spin-coating processes.

To achieve high performance in multilayer PLEDs, it is impera-
tive to obtain highly homogeneous film for each layer. Homoge-
neous film is a prerequisite to obtain PLEDs with high device
performance and long lifetime. The morphology of PFTV spin-
coated onto ITO substrate, before and after thermal curing, was
investigated using an atomic force microscope (AFM). As shown in
Fig. 3, the PFTV film exhibits a uniform surfacemorphologywith no
observable pinhole or aggregate after thermal cross-linking at
230 �C for 30 min. Moreover, the average root-mean-square (rms)
roughness of the cross-linked PFTV film surface is 0.85 nm
(0.88 nm, 0.82 nm, 0.85 nm), which is slightly lower than 0.94 nm
of pristine film (0.92 nm, 0.99 nm, 0.90 nm). According, the thermal
treatment not only promotes solvent resistance but also smoothes
out the film surface of PFTV. Most of the reported thermally curable
HTLs are low molecular weight compounds [28,31e33], although
polymers with trifluorovinyl ether pendent groups were also
investigated [29,33]. The film-forming property and thermal
stability of low molecular weight HTLs are usually inferior to
polymeric counterparts. Moreover, thermal cross-linking of the
polymers containing trifluorovinyl ether pendent groups required
both high temperatures (>225 �C) and long times (1e2 h). There-
fore, the thermally cross-linkable PFTV should be a potential
candidate for hole-transporting materials from the viewpoint of
thermal property and processing feasibility.
Fig. 3. The AFM images of PFTV films coated on ITO glass: (a) pristine film, average rms
roughness ¼ 0.85 nm.
3.3. Electrochemical properties

Cyclic voltammetry (CV) is a commonly used technique to
investigate electrochemical properties of conjugated polymers
[43,44]. An ITO glass coated with PFTV was used as the working
electrode, supporting in anhydrous acetonitrile containing 0.1 M
tetra-n-butylammonium perchlorate [(n-Bu)4NClO4], tomeasure its
CV. The highest occupied molecular orbital (HOMO) which corre-
sponds to ionization potential (IP) can be estimated from the onset
oxidation potential (Eox) revealed in CV by the equation
EHOMO ¼ �(Eox þ 4.8) eV. The lowest unoccupied molecular orbital
(LUMO) level is calculated by ELUMO ¼ �e(EHOMO þ Egopt), where the
optical band gap (Egopt) is estimated from onset absorption. The
HOMO and LUMO levels of PFTV are estimated to be �5.27 eV and
�2.41 eV, respectively (Table 1). Fig. 4 depicts the energy levels of
PFTV, PFO, and PEDOT:PSS. Clearly the HOMO level of PFTV
(�5.27 eV) situates between those of PEDOT:PSS (�5.0 ∼ �5.2 eV)
[45] and PFO (�5.70 eV) [40], forming a stepwise energy ladder of
HOMO levels to facilitate hole-injection. This means that the hole-
injection from PEDOT:PSS to PFTV then transport to PFO is much
easier than direct injection from PEDOT:PSS to PFO. Therefore, the
improvement in hole-injection and transport are expected to
enhance device efficiency.
roughness ¼ 0.94 nm; (b) film thermally treated at 230 �C for 30 min, average rms
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3.4. Optoelectronic properties of multilayer PLEDs using PFTV as
hole-transport layer

To evaluate the applicability of PFTV as hole-transporting layer
for multilayer devices, a polymer light-emitting diode [ITO/
PEDOT:PSS/PFTV/PFO/LiF(1 nm)/Ca(50 nm)/Al(100 nm)] was
fabricated by successive spin-coating process. The PFTV was spin-
coatedon topof thePEDOT:PSS layer and treatedat230 �C for 30min
under nitrogen atmosphere, followed by the spin-coating of PFO
solution. The PFO and LiF were used as emitting layer and electron-
injection layer, respectively. The device without hole-transporting
layer (ITO/PEDOT:PSS/PFO/LiF/Ca/Al) was also fabricated simulta-
neously for comparative study. Fig. 5 shows the current density
versus bias andbrightness versus bias curves (JeVeB) of the devices,
with the characteristic data summarized in Table 2. The maximum
brightness andmaximumcurrent efficiencyof thedevicewith cured
PFTV as HTL are 4870 cd/m2 and 1.15 cd/A, respectively. These
performances are much better than those of the devices using
pristine PFTV as HTL (2560 cd/m2, 0.49 cd/A) or without PFTV layer
(2410 cd/m2, 0.50 cd/A). The result indicates that uncross-linked
PFTV (pristine) contributes little in promoting the performance
when comparedwith the devicewithout PFTV as HTL. This is due to
substantial dissolution of PFTV film during spin-coating of the
emitting PFO layer. However, when thermally cross-linked PFTV is
used as hole-transporting layer, both current efficiency and bright-
ness are greatly enhanced (about 2 times). The enhancement is
attributable to improved hole-injection from PEDOT:PSS to PFTV
layers, which ismuch easier than direct injection fromPEDOT:PSS to
PFO layers. As mentioned above, the HOMO level of PFTV forms
a stepwise energy ladder with those of PEDOT:PSS and PFO to
facilitate hole-injection. To confirm hole-injection property of the
Table 2
Optoelectronic properties of the multilayer PLEDs.a

HTL Von
b (V) Lmax

c (cd/m2) LEmax (cd/A)d CIE 1931 (x, y)e

None 5.1 2410 0.50 (0.16, 0.08)
PFTV (cured)f 5.6 4870 1.15 (0.17, 0.08)
PFTV (uncured) 5.7 2560 0.49 (0.17, 0.10)
PFTV þ DCP (cured)f 6.1 5560 2.27 (0.17, 0.10)

a Device structure: ITO/PEDOT:PSS/HTL/PFO/LiF/Ca/Al; HTL: hole-transporting
layer.

b Turn-on voltage defined as the bias at a luminance of 10 cd/m2.
c Maximum luminance.
d Maximum luminance efficiency.
e The 1931 CIE coordinates at ca. 1000 cd/m2.
f Treated at 230 �C for 30 min.
cross-linked PFTV, hole-only devices [ITO/PEDOT:PSS/with or
without PFTV/PFO/Au(50 nm)/Al(100 nm)] were fabricated to
investigate their current density versus electric field characteristics.
Inserting a cross-linkedPFTV layer shifts the curve to the left greatly,
indicating that the cross-linked PFTV layer effectively increases the
device’s current density under the same external field (Fig. S2).

The EL spectra of the multilayer devices reveal similar emission
peaks at 437 nm corresponding to S10 / S00 vibronic transition of
fluorene segments (Fig. 6). To verify the EL emission is mainly
contributed from emitting PFO layer, the device [ITO/PEDOT:PSS/
PFTV/LiF/Ca/Al] using cross-linked PFTV as emitting layer was
fabricated to investigate its EL spectrum. The EL spectrum of using
PFTV as emitting layer device shows a main peak at 479 nm and
a shoulder at 444 nm, which are very different from that of
multilayer devices. This indicates that the electrons and holes
recombine mainly in the emitting PFO layer.

As mentioned previously, the degree of cross-linking can be
increased by adding suitable cross-linking agents. The hole-trans-
porting PFTV was thermally cured in the presence of dicumyl
peroxide (DCP: 1 wt%) during the fabrication of a multilayer device
[ITO/PDEOT:PSS/PFTVþDCP/PFO/LiF(1 nm)/Ca(50 nm)/Al
(100 nm)]. The maximum brightness and maximum current effi-
ciency are 5560 cd/m2 and 2.27 cd/A (Table 2), respectively, which
are higher than those without adding DCP (4870 cd/m2, 1.15 cd/A).
The results demonstrate that increasing cross-linking density in
PFTV layer gives rise to improved device performance. To conclude,
the performance enhancement of the EL devices using PFTV as
hole-transporting layer is attributed to promoted hole-injection
ability. However, the PFTV layer should be thermally cross-linked
during the fabrication processes to fully display its hole-trans-
porting function. The PFTV is a promising hole-transporting
material which can be employed in the fabrication of multilayer
devices by successive spin-coating processes.
3.5. Optoelectronic properties of electrophosphorescent devices
using PFTV as host

The efficacy of PFTV as an efficient hole-transporting material
has been verified in multilayer PLEDs mentioned above. The PFTV
seems applicable as host for electrophosphorescent devices
because it contains triphenylamine moieties in main chain.
However, the triplet energy (ET) of the host should be larger than
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that of phosphorescent emitter to improve the efficiency of tri-
pletetriplet energy transfer [46e48]. Therefore, phosphorescent
emission spectrum of PFTV at 77 K in a frozen solution of toluene
was measured to estimate its triplet energy. The phosphorescent
emission maximum of PFTV is 559 nm, which corresponds to
a triplet energy gap of 2.21 eV. This ET of PFTV is higher than that of
red-emitting dopant Ir(piq)2acac (2.0 eV) [49], ensuring that the
back energy transfer from Ir(piq)2acac to PFTV can be effectively
suppressed. Moreover, the PL spectrum of PFTV overlaps with that
of Ir(piq)2acac (Fig. 7), suggesting that efficient energy transfer
from PFTV to Ir(piq)2acac can be expected. As shown in Fig. 8, the
PL intensity of PFTV doped with Ir(piq)2acac decreases gradually
with increasingweight percent of the dopant (from 2wt% to 8wt%).
The emission spectra show two peaks at 442 and 620 nm, which
originate respectively from PFTV host (PL) and Ir(piq)2acac dopant
(radiative decay from triplet state to ground state) [14]. The effi-
cient energy transfer from host to dopant and suppressed back
energy transfer are prerequisites for attaining high performance in
host-guest electrophosphorescent devices.

Therefore, a series of EL devices, ITO/PEDOT:PSS/PFTV:Ir
(piq)2acac(110 nm)/Ca(50 nm)/Al (100 nm), using blends of PFTV
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Fig. 8. PL spectra of the PFTV films doped with different amounts of Ir(piq)2acac (with
lex ¼ 385 nm). The number represents weight percent of the Ir(piq)2acac in the film.
and Ir(piq)2acac (2e8 wt%) as emitting layer were fabricated to
investigate their optoelectronic characteristics. The main EL emis-
sion peak is around 620 nm with degenerated PFTV emission
(400e530 nm). The EL emission of PFTV is almost completely
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Fig. 10. Current density versus bias and brightness versus bias characteristics of PLEDs
using Ir(piq)2acac-doped PFTV as emitting layer. The number represents weight
percent of the Ir(piq)2acac in the film; devices structure: ITO/PEDOT:PSS/PFTV:
Ir(piq)2acac/Ca(50 nm)/Al(100 nm).



Table 3
Optoelectronic properties of the electrophodphorescent devices using PFTV as
a host polymer doped with Ir(piq)2acac.

Hosta Von
c (V) Lmax

d (cd/m2) LEmax (cd/A)e CIE 1931 (x, y)f

PFTV2b 6.1 4880 0.83 (0.58, 0.30)
PFTV4 6.7 5580 2.15 (0.64, 0.32)
PFTV8 7.1 4890 0.65 (0.66, 0.32)
PFTV4g 6.7 5300 2.64 (0.65, 0.32)

a Device structure: ITO/PEDOT:PSS/PFTV:Ir(piq)2acac/Ca/Al.
b The number presents weight percent of Ir(piq)2acac in the film.
c Turn-on voltage defined as the bias at a luminance of 10 cd/m2.
d Maximum luminance.
e Maximum luminance efficiency.
f The 1931 CIE coordinates at ca. 1000 cd/m2.
g Device with additional LiF as electron-injection layer: ITO/PEDOT:PSS/PFTV:

Ir(piq)2acac/LiF/Ca/Al.
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quenched at 4 wt% and 8 wt% Ir(piq)2acac. The EL spectra peaked at
622 nm are similar to the PL spectrum of Ir(piq)2acac (Fig. 8),
indicating that the same emitting species are involved in both
conditions. However, the EL emission spectra (Fig. 9) are very
different from corresponding PL spectra (Fig. 8). This is presumably
attributed to different underlying energy transfer mechanisms
occurred under photo- and electro-excitation. The energy transfer
from PFTV to Ir(piq)2acac is more complete under electro-excita-
tion which usually results in about 75% triplet excitons. Moreover,
the Ir(piq)2acac may act as carriers trapping sites due to its low
band gap. Fig. 10 shows the current density versus bias and brig-
htness versus bias curves (JeVeB), with the characteristic data
summarized in Table 3. The maximum brightness and maximum
current efficiency of the devices are 4880e5580 cd/m2 and
0.65e2.15 cd/A, respectively. The turn-on voltage is increases from
6.1 V to 7.1 V with the increase of Ir(piq)2acac concentration (2 wt%
to 8 wt%), confirming that the Ir(piq)2acac acts as charges trapping
sites under electro-excitation. Because the HOMO (�5.17 eV) and
LUMO (�3.23 eV) levels of Ir(piq)2acac [33,49] lie between those of
PFTV (�5.27 eV, �2.41 eV), both holes and electrons are readily
trapped and recombined in Ir(piq)2acac (Fig. 10).

The PFTV4-based device exhibits the best performance, with
the maximum brightness and maximum current efficiency being
5580 cd/m2 and 2.15 cd/A, respectively. With increasing Ir(piq)2a-
cac concentration themaximum current efficiency is first enhanced
from 0.83 cd/A (2 wt%) to 2.15 cd/A (4 wt%) and then dropped
abruptly to 0.65 cd/A (8 wt%). The abrupt reduction in efficiency at
8 wt% Ir(piq)2acac is probably due to concentration quenching. In
order to improve the EL performance, a device with extra lithium
fluoride (LiF) layer was fabricated to balance charges injection and
transport; the device structure was ITO/PEDOT:PSS/PFTV4
(110 nm)/LiF(1 nm)/Ca(50 nm)/Al(100 nm). Its maximum bright-
ness and maximum current efficiency were 5300 cd/m2 and
2.64 cd/A, respectively (Table 3). This efficiency enhancement (from
2.15 to 2.64 cd/A) is attributed to improved electron-injection by LiF
layer that results in more balanced charges injection and transport.
Current results demonstrate that PFTV is not only an efficient hole-
transporting polymer for electroluminescent devices but also
applicable as host for electrophosphorescent devices.
4. Conclusions

We have successfully synthesized and characterized a thermally
cross-linkable poly(fluorene-co-triphenylamine) (PFTV) containing
pendent styryl groups by the Suzuki coupling reaction, which was
applied as hole-transporting layer or as host in the fabrication of
PLEDs. The PFTV demonstrated high thermal stability, with thermal
decomposition (Td) and glass transition (Tg) temperatures being
above 419 and 225 �C, respectively. Thermal curing of PFTV at
230 �C for 30 min led to homogeneous surface morphology with
the root-mean-square (rms) roughness being 0.88 nm. The HOMO
level of PFTV (�5.27 eV) lies between those of PEDOT:PSS
(�5.0 ∼ �5.2 eV) and PFO (�5.8 eV), forming a stepwise energy
ladder to facilitate hole-injection. The multilayer devices using
cross-linked PFTV as hole-transporting layer [ITO/PEDOT:PSS/
PFTV/PFO/Ca/Al] were readily fabricated by successive spin-
coating processes. The device performances were significantly
enhanced, by using the cured PFTV as hole-transporting layer. The
best maximum current efficiency and brightness were 5560 cd/m2

and 2.27 cd/A, respectively. Moreover, the PFTV was confirmed as
effective host for electrophosphorescent devices with Ir(piq)2acac
as red emitter. The maximum brightness and maximum current
efficiency reached 5300 cd/m2 and 2.64 cd/A, respectively. Current
results reveal that the PFTV is a promising optoelectronic material
which is applicable not only as hole-transporting polymer in
multilayer PLEDs but also as host polymer for electro-
phosphorescent LEDs.
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Nanoporous hard etch masks with various pore sizes were fabricated using a new type of silicon-con-
taining block copolymers, polystyrene-block-poly(4-(tert-butyldimethylsilyl)oxystyrene) with different
molecular weights. Since organiceinorganic block copolymers have a large difference in etch resistance
between the organic and inorganic blocks, a hard etch mask of silicon oxide can be directly produced
upon oxygen plasma treatment. Orientation and hexagonal arrays of cylindrical nanodomains were
manipulated simply by adjusting the relative composition of selective and non-selective solvents in the
annealing solvent. When the cylindrical nanostructures aligned perpendicular to the substrate surface
were exposed to an oxygen plasma, hexagonally arranged nanopore arrays of silicon oxide with
controlled pore sizes were fabricated. These nanoporous hard etch masks can be applied to the nano-
patterning processes that require high aspect ratio structures.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

The self-assembly of block copolymers is a promising technique
for making nanometer-sized structures with regularly sized and
spaced features, such as spheres, cylinders, and lamellae [1]. To
obtain long range ordering and positional registration of self-
assembled nanostructures, several techniques have been applied,
such as strong external fields, solvent evaporation, and thermal
treatments [2,3]. Among them, solvent vapor annealing has attrac-
ted much attention as a prominent approach to manipulate the
orientation and long range order of well-defined nanostructures in
a short period of timewithout the need of surfacemodification [4,5].
Self-assembled nanostructures of block copolymers have been
extensively studied for applications in many fields, such as semi-
conductor, magnetic storage media, and optical devices, which
requirenanoscale functional features [6e8]. However, several issues
still need to be addressed such as multistep processes and long
processing times for the practical applications. In particular, selec-
tive etching of one of the blocks is a key requirement for subsequent
pattern transfer to the substrate in device fabrication; the removal of
one polymer block leaves the other to be used as a mask. However,
the remaining block, which is typically polystyrene, has a relatively
low etch resistance, making it undesirable for nanolithographic
applications. The integration of organiceorganic block copolymers
innanolithographyhas therefore involved additional processes such
: þ82 42 350 2810.

All rights reserved.
as formation of an intermediate SiN layer, selective ozonolysis, and
staining with heavy metals for successful pattern transfer [9].

The introduction of a silicon moiety into a block copolymer
allows a soft organic template to be converted to a hard etch mask
of silicon oxide after oxygen plasma treatment. This hard etch mask
also has the enhanced properties of the thermal stability, dielec-
tricity, and mechanical strength [10]. Several methods have been
reported the use of a solegel reaction to functionalize or co-
assemble silicon precursors with block copolymers [11]. However,
these methods result in a limited long range order of self-assem-
bled nanostructures. Recently, few silicon-containing block copol-
ymers have been reported for the etch-resistant nanotemplates.
Parallel cylinder arrays of polystyrene-block-poly(dimethylsilox-
ane) (PS-b-PDMS) were developed using solvent-vapor-induced
self-assembly on a PDMS brush-treated silica substrate. In this case,
PDMS surface and bottom layers were formed. Therefore, CF4
plasma treatment was required to remove the PDMS surface layer
before the oxygen plasma processing [12]. Hirai et al. reported the
self-assembly of polyhedral oligomeric silsesquioxane (POSS)-
containing block copolymer thin films by solvent annealing on
unmodified substrates to obtain both vertically oriented lamellae
and cylinders [13].

Here, we demonstrate a novel method to fabricate nano-
porous hard etch masks using a new type of silicon-containing
block copolymer, polystyrene-block-poly(4-(tert-butyldime-
thylsilyl)oxystyrene) (PS-b-PSSi). Organiceinorganic block
copolymers are expected to have a large difference in etch
resistance between the organic and inorganic blocks, which
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http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.11.012
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Fig. 1. Schematic of synthesis steps: (a) synthesis of silicon-containing monomer; (b) synthesis of PS-b-PSSi block copolymer by living anionic polymerization.

Fig. 2. AFM images of PS22.1k-b-PSSi49.7k thin films solvent annealed for 4 h at room temperature (a) in toluene vapor, (b) in a mixed solvent vapor of Vhep/Vtol ¼ 0.5, (c) Vhep/Vtol ¼ 1
and (d) Vhep/Vtol ¼ 4.

S.J. Ku et al. / Polymer 52 (2011) 86e90 87



Fig. 3. AFM images of PS-b-PSSi thin films with different molecular weights, (a) PS12.5k-b-PSSi28.1k, (b) PS22.1k-b-PSSi49.7k and (c) PS31.0k-b-PSSi69.7k, after solvent annealing in a mixed
solvent vapor of Vhep/Vtol ¼ 4 for 4 h at room temperature.
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allows a direct formation of a hard etch mask of silicon oxide
after oxygen plasma treatment. PS-b-PSSi block copolymers with
three different molecular weights are synthesized by living
anionic polymerization to control domain sizes of self-assembled
nanostructures from 20 nm to 50 nm in diameter. The cylinder
orientation can be manipulated simply by changing the solvent
for annealing without any substrate modification within a short
period of time. To fabricate highly ordered nanoporous masks of
silicon oxide, the cylindrical nanostructures aligned perpendic-
ular to the substrate surface are directly exposed to an oxygen
plasma. This nanoporous hard etch masks can be applied to the
nanofabrication processes by subsequent pattern transfer to
underlying substrates. This new approach reduces the complexity
and time of the process.

2. Experimental part

2.1. Materials and instrumentation

All chemicals were purchased from Aldrich Chemical Company.
Tetrahydrofuran (THF) was freshly distilled from sodium/benzo-
phenone (deep purple color) after refluxing for at least 12 h.
Styrene and 4-(tert-butyldimethylsilyl)oxystyrene were purified by
stirring with calcium hydride for 24 h at room temperature and
then distilled under vacuum. The purified monomers were stored
under nitrogen atmosphere in the refrigerator. 1H spectra were
recorded on a Bruker AM-300 MHz FT-NMR spectrometer in CDCl3
at room temperature. 13C spectrum was recorded on a Bruker
AVANCE 400 (inverse gated decoupling mode) in CDCl3 at room
temperature. GPC was performed in THF on a Viscotek T60A GPC
system equipped with two PLgel 10 mm MIXED-B columns and
a PLgel 10 mm500 A at 35 �C, calibratedwith polystyrene standards.
Film thickness was measured with a Rudolph Research ellips-
ometer using a heliumeneon laser (l ¼ 633 nm). Atomic force
microscope (AFM) images were obtained with a Nanoscope IIIa
multimode scanning probe microscope (Veeco, USA) in tapping
mode. Scanning electron microscope (SEM) images were obtained
with a Hitachi model S-2280N SEM. Oxygen reactive ion etching
was carried out in a Vacuum Science reactive ion etching system,
model VSRIE-600T.
2.2. Synthesis of PS-b-PSSi by living anionic polymerization

Silicon-containing monomer, 4-(tert-butyldimethylsilyl)oxy-
styrene, was synthesized in high yield (see Supplementary
material) [14]. PS-b-PSSi was synthesized by living anionic poly-
merization. 40 ml of THF was transferred to a flame-dried round-
bottom flask, and then the glass reactor was cooled to�78 �C using
an acetone/dry ice cooling bath. sec-Butyllithium as an initiator was
added by means of syringe until the persistent yellowish color
appeared, followed by the addition of the prescribed amount of sec-
butyllithium. A few minutes later styrene was added to the reactor.
The color rapidly changed from yellow to red. After 30 min, a small
amount of aliquot was pulled out of the reactor for GPC analysis of
the PS segment, and then the silicon-containing monomer was
transferred to the polymerization flask without any color change.
After 60 min, excess of degassed methanol was added to the
reactor. The resulting colorless mixture was concentrated on
a rotary evaporator, dissolved in THF, and precipitated in methanol.
PS-b-PSSi block copolymers with different molecular weights were
successfully obtained at the PS mass fraction 31% (Details are
described in Supplementary material). The number average
molecular weight (Mn) and polydispersity index of each PS-b-PSSi
block copolymer were 40,600 g mol�1 and 1.09 for PS12.5k-b-
PSSi28.1k (12,500 g mol�1 for PS and 28,100 g mol�1 for PSSi),
71,800 gmol�1 and 1.14 for PS22.1k-b-PSSi49.7k (22,100 gmol�1 for PS
and 49,700 gmol�1 for PSSi), 100,700 gmol�1 and 1.13 for PS31.0k-b-
PSSi69.7k (31,000 g mol�1 for PS and 69,700 g mol�1 for PSSi),
determined by gel permeation chromatography and 13C NMR
spectra (inverse gate decoupling mode).

2.3. Control of solvent annealed morphologies and formation of
hard etch masks with different pore sizes

A 1.5 wt% solution of PS22.1k-b-PSSi49.7k in xylene was spin-
coated onto a silicon wafer at 3000 rpm for 60 s. To control the
orientation of PS cylinder, the resulting 40-nm-thick film was
exposed to either toluene vapor or mixed solvent vapor of toluene
and heptane with different volume ratios of heptane to toluene
(Vhep/Vtol ¼ 0.5e4) at room temperature for 4 h. Perpendicular
cylinders of PS were observed embedded in the PSSi matrix after



Fig. 4. SEM images of hexagonal nanopore arrays with different pore sizes after
solvent annealing in a mixed solvent vapor of Vhep/Vtol ¼ 4, followed by oxygen reactive
ion etching (a) ∼20 nm for PS12.5k-b-PSSi28.1k, (b) ∼30 nm for PS22.1k-b-PSSi49.7k and (c)
∼50 nm for PS31.0k-b-PSSi69.7k. The inset image is a 2-D fast Fourier transformation
pattern from each image.
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solvent annealing in mixed vapor with volume ratio of Vhep/Vtol¼ 4,
while parallel PS cylinders after annealing in toluene vapor.

PS-b-PSSi block copolymer films with different molecular
weights were prepared to control the domain sizes of self-assem-
bled nanostructures: PS12.5k-b-PSSi28.1k, PS22.1k-b-PSSi49.7k and
PS31.0k-b-PSSi69.7k. After spin-coating each block copolymer solu-
tion on Si wafers, the samples with the thickness of 40 nm were
annealed in mixed solvent vapor with volume ratio of Vhep/Vtol ¼ 4
to obtain the self-assembled structures of perpendicular PS cylin-
ders embedded in the PSSi matrix. Then, thin films were subjected
to an anisotropic oxygen reactive ion etching to remove the organic
block. The oxygen pressure in the plasma was 6 mTorr with a flow
rate of 30 sccm, a radio-frequency power of 300 W, and platen
power of 50 W, respectively. Image analysis software was used to
obtain 2-D fast Fourier transformation patterns.

3. Results and discussion

Schematic for synthesis of PS-b-PSSi block copolymers is illus-
trated in Fig. 1. Styrene was first polymerized by a sec-butyllithium
initiator, followed by the sequential addition of the silicon-con-
taining monomer, and the polymerization was quenched with
degassed methanol. Block copolymers with different molecular
weights were synthesized and denoted as PS12.5k-b-PSSi28.1k,
PS22.1k-b-PSSi49.7k and PS31.0k-b-PSSi69.7k. Each block copolymer has
the PS mass fraction of 31%. Styrenic monomers used in both blocks
are readily polymerized and are suitable for living anionic poly-
merization [15]. The polymerization was carried out without any
additives such as diphenylethylene and LiCl because there were no
functional groups that could participate in side reactions such as
chain termination [16]. Therefore, polymerization of the PS-b-PSSi
block copolymer is highly producible, scalable, and easy to control
the molecular weight in living anionic polymerization.

To manipulate the orientation and hexagonal order of cylin-
drical morphology, 40-nm-thick block copolymer films of PS22.1k-b-
PSSi49.7k were first annealed in saturated solvent vapor with
various compositions of selective and non-selective solvents. It is
well known that treatments with selective or non-selective solvent
vapor can make a significant difference in the resulting morphol-
ogies in block copolymer thin films. Furthermore, adjusting the
fraction of selective and non-selective solvents in the annealing
solvent allowed the manipulation of PS cylinder orientation [5c]. In
this study, two solvents, toluene and heptane, were used for
annealing. Toluene is a non-selective solvent for both polymer
blocks, while heptane is a good solvent for the PSSi block, but a poor
solvent for the PS block, and thus behaves as a selective solvent. In
toluene vapor, parallel PS cylinders embedded in the PSSi matrix
were observed after annealing for 4 h at room temperature, as
shown in Fig. 2a. An average center-to-center distance was about
50 nm. On the contrary, in mixed solvent vapor of heptane and
toluene, PS cylinders aligned perpendicular to the substrate surface
were observed. To fabricate well-ordered arrays of perpendicular
PS cylinders, the volume ratio of the solvents for annealing was
changed from 0.5 to 4. After 4 h of solvent annealing in a mixed
solvent vapor of Vhep/Vtol ¼ 0.5e1, a mixed morphology of both
parallel and perpendicular PS cylinders was observed, as shown in
Fig. 2b and c. However, annealing in a mixed solvent vapor of Vhep/
Vtol ¼ 4 for 4 h at room temperature resulted in highly ordered
arrays of PS cylindrical patterns oriented perpendicular to the
substrate surface and embedded in the PSSi matrix over a large
area, as shown in Fig. 2d. The average cylinder diameter was about
30 nm. Thus, the orientation of the cylinders can be adjusted by
altering the solvent composition without any substrate modifica-
tion within a short period of time. To fabricate nanoporous hard
etch masks of silicon oxide with high degree of order, we employed
the self-assembled nanostructures of cylindrical morphology
aligned perpendicular to the substrate.

PS-b-PSSi block copolymers with different molecular weights
were prepared to fabricate different pore sizes of self-assembled
nanostructures. 40-nm-thick films were exposed to a mixed solvent
vapor with the volume ratio of Vhep/Vtol ¼ 4 at room temperature.
After 4 h of solvent annealing, well-defined hexagonal arrays of
perpendicular cylinders with different diameters and center-to-
center distances were observed for three different molecular
weights, as shown in Fig. 3. Average cylinder diameters and center-
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to-center distances were 20 nm and 35 nm for PS12.5k-b-PSSi28.1k,
30 nm and 50 nm for PS22.1k-b-PSSi49.7k, and 50 nm and 85 nm for
PS31.0k-b-PSSi69.7k, respectively. It is noted that the PS31.0k-b-PSSi69.7k
block copolymer exhibited cylindrical morphology with high degree
of order, despite its high molecular weight of 100,700 g mol�1. The
results show that solvent annealing can produce an ordered surface
morphology over a large area, especially for high molecular weight
block copolymers in which thermal treatment is not a feasible route
to achieve thermal equilibrium.

To directly fabricate hard etch masks of nano-sized hole patterns,
the solvent-annealed nanostructures of silicon-containing block
copolymers with different cylinder diameters were subjected to an
oxygen plasma under controlled conditions. The upper and the
lateral surfaces of the inorganic PSSi block were converted to silicon
oxide, while the organic PS block was sufficiently removed, after 20 s
of oxygen reactive ion etching (see Supplementary material, Fig. S4).
Then, highly ordered nanopore arrays with uniform pore sizes of
20 nm, 30 nm and 50 nm for different molecular weights are
observed in Fig. 4. The nanopores were completely etched down to
the substrate surface and confirmed by cross-sectional SEM image in
Fig. S5a. The nanoporous silicon oxide film with thickness of about
13 nm is shown in Fig. S5b. We also studied the effect of film
thickness on the morphology of perpendicular cylinders with 50 nm
of center-to-center distance. After oxygen reactive ion etching, the
same results were obtained in thin films with different thicknesses
from 20 nm to 60 nm in both AFM and SEM images, which indicated
the cylindrical nanostructure aligned perpendicular to the substrate.
We also studied the effect of film thickness on the morphology of
perpendicular cylinders with 50 nm of center-to-center distance.
After oxygen reactive ion etching, the same results were obtained in
thin films with different thicknesses from 20 nm to 60 nm in both
AFM and SEM images, which indicated the cylindrical nanostructure
aligned perpendicular to the substrate. Furthermore, as in the inset
images of fast Fourier transformation patterns, the six sharp first-
order peaks equidistant from the center indicate the presence of
hexagonally ordered nanostructures. These nanoporous structures of
silicon oxide can be fabricated on various substrates, such as poly-
mer, metal, or metal oxide, and also exhibit high thermal stability,
high etch resistance, and high degree of order, which indicated the
possibilities of these hard etch masks for the further applications.
Consequently, the high etch contrast between the organic and
silicon-containing polymer blocks ultimately resulted in direct
formation of a silicon oxide nanotemplate with uniformity over
a large surface area.

4. Conclusion

In conclusion, the direct formation of a hard etch mask by using
the high etch contrast between the two polymer blocks in a new
type of silicon-containing block copolymer, PS-b-PSSi, was
demonstrated. PS-b-PSSi block copolymers with different molec-
ular weights were easily synthesized by living anionic polymeri-
zationwithout any additives. The orientation of cylindrical domains
was controlled by adjusting the relative composition of selective
and non-selective solvents during solvent annealing. The use of
toluene in solvent annealing resulted in cylinders of PS aligned
parallel to the substrate, while a mixed solvent vapor with Vhep/
Vtol ¼ 4 resulted in PS cylinders oriented perpendicular to the
substrate over a large area. Self-assembled nanostructures with
perpendicular PS cylinders were directly converted to nanoporous
hard etch masks of silicon oxide with hexagonally arranged hole
patterns with average 20 nm, 30 nm and 50 nm pore sizes, after
a single exposure to an oxygen plasma. These well-controlled
nanoporous patterns having high etch resistance and a high degree
of order can make them potentially useful in nanopatterning
processes that require high aspect ratio structures by subsequent
pattern transfer. Currently, we are investigating the use of nano-
porous hard etch masks in the fabrication process of high aspect
ratio nanopore arrays using a lithographic bilayer system.
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This study has developed a novel route for the synthesis of the thermoresponsive core-shell nano-
particles that consist of the magnetite core and the poly(N-isopropylacrylamide) (poly(NIPAAm) shell in
aqueous medium. Magnetic nanoparticles (MNPs) were coated first with oleic acid (OA) and then vinyl
carboxylic acid-b-cyclodextrin (MAH-b-CD). The OA-MNPs and the MAH-b-CD-MNPs showed mono-
dispersion in n-hexane and aqueous medium, respectively. NIPAAms were successfully polymerized from
the vinyl double bonds of the MAH-b-CD MNPs and cross-linked with N, N-methylenebisacrylamide
(MBA) to make the stable thermoresponsive core-shell morphology with the MNP core and the poly
(NIPAAm) shell (poly(NIPAAm)-MNP). The aqueous solutions dispersed with poly(NIPAAm)-MNPs
showed magnetic heating due to a superparamagnetic property, and the poly(NIPAAm) shell shrank
above its LCST temperature. The combination of these properties are potentially important in the tar-
geted delivery of therapeutic agents in vivo, hyperthermic treatment of tumors, magnetic resonance
imaging (MRI) as a contrasting agents, tissue repair, immunoassay, cell separation, biomagnetic sepa-
ration of biomolecules, etc.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

In the past few years, considerable interest has been devoted
toward the design of new drug delivery systems [1] with an aim to
release drug at a controlled rate and desired time [2]. MNPs
have shown great potential for use in biomedicine due to their
ability to get close to biological entities such as cells, viruses,
proteins, and genes with heating ability when exposed to a time-
varying magnetic field [3]. Superparamagnetic MNPs with proved
biocompatibility [4], have attracted significant attention as drug
carriers in hyperthermia therapy [5], magnetic resonance imaging
(MRI) as a contrasting agent, tissue repair, immunoassay, and cell
separation procedures [6]. Awide range of methods were proposed
for the synthesis of iron and iron-based MNPs. To produce MNPs in
an aqueous medium considerable research has been done so far.
Co-precipitation is a simple and suitableway to produce iron oxides
from aqueous salt solutions of Feþ2/Feþ3 by the addition of a base
under inert atmosphere at room temperature or at elevated
temperature. The size, shape, and composition of the magnetic
nanoparticles much depend on the type of salts used (e.g. chlorides,
: þ82 53 950 6623.

All rights reserved.
nitrates, sulfates) the Feþ2/Feþ3 ratio, the reaction temperature, the
pH value and ionic strength of the media. With this synthesis, once
the synthetic conditions are fixed, the quality of the magnetite
nanoparticles is fully reproducible [7,8]. Barick et al. synthesized
aqueous stable amine functionalized Fe3O4 magnetic nanoparticle
nanoassemblies (MNNAs) by a single step process [9]. Park et al.
synthesized MNPs by modified high temperature thermal decom-
position method [10]. Popovici et al. used a laser pyrolysis tech-
nique to produce iron-based nanomaterials [11]. Choi et al.
synthesizedMNPs by chemical vapor condensation and pyrolysis of
organometallic precursors of Fe(CO)5 [12]. Xiaomin et al. developed
a one-step route for the preparation of MNPs by reduction of iron
salts with hydrazine hydrate in a strong alkaline solution [13]. Mera
et al. synthesized MNPs by a colloidal method at room temperature
without the use of surfactants [14].

MNPs generates heat via magnetic hysteresis loss, Neel-relaxa-
tion, andBrown-relaxationwhenexposed to avaryingmagneticfield
[7] whereas thermally-responsive polymers can collapse or expand
on heating [15]. Combining MNPs with thermally-responsive poly-
mers represents an important class of composite responsivematerial
with potential applications in biomedical fields, such asmicro fluidic
devices [16], pulsatile drug release systems [17e20], bioadhesion
mediators [21,22] and motors/actuators and hyperthermia, etc.,

mailto:psy@knu.ac.kr
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[23e25]. Poly(NIPAAm) collapses when the temperature increases
above its LCST temperature. The phase transition in poly(NIPAAm) is
due to theamphiphilicnatureof themonomerunit itself. Thebalance
between the hydrogen bonding interactions (between the hydro-
philic eC]O and eNH groups) and the hydrophobic interactions
(between pendant isopropyl groups) is instrumental in stabilizing
poly(NIPAAm) [26]. Themajor problem associatedwithMNPs is that
they are usually dispersed in organic media. Not many studies have
been reported in the literature on the synthesis of MNPs dispersible
in aqueousmedium. Topotentially useMNPs inbiomedicalfields and
to understand their implications, it is essential to develop a generic
synthetic routewhich can transferMNPs fromanorganic phase to an
aqueous-phase.

The present work has developed a novel route for the synthesis
of the aqueous-phase dispersible MNPs coated with the thermor-
esponsive polymer poly(NIPAAm). It is believed that this novel
route for the synthesis of the thermoresponsive core-shell MNPs in
aqueous medium (Scheme 1) will prove a potential step forward in
the use of these core-shell MNPs in robust controlled drug delivery
[27], tissue repair, immunoassay, cell separation, biomagnetic
separation of biomolecules, etc.

2. Experimental

2.1. Preparation of poly(NIPAAm)-MNPs

Ferric chloride hexahydrate (FeCl3$6H2O), ferrous chloride tet-
rahydrate (FeCl2$4H2O), sodium hydroxide (NaOH), oleic acid (OA),
maleic anhydride (MAH), benzene, n-hexane, N, N-dimethyl
formamide (DMF), acetone (C3H6O), trichloromethane (CHCl3)
potassium persulfate (KPS) were purchased from Duksan�.
b-cyclodextrin (b-CD), N-isopropylacrylamide (NIPAAm) and N,
N-methylenebisacrylamide (MBA) were purchased from Sigma
Aldrich�. KPS and NIPAAm were recrystallized from water and
a benzene/n-hexane (3:6 v/v) mixture, respectively. All the other
chemicals were of analytical-reagent grade and were used as
received. Magnetites were synthesized using the chemical co-
precipitation method. Calculated amounts of FeCl2$4H2O and
FeCl3$6H2O in grams were dissolved into deionized water. A three-
Scheme 1. Schematic for the preparation of the thermoresponsive MNPs coated with
OA, MAH-b-CD and poly(NIPAAm) in sequence.
necked flask was charged with 100 mL of 2 mol L�1 NaOH solution.
The solution of Feþ2/Feþ3 was added dropwise to the NaOH solution
and themixture solutionwas vigorously stirred over a period of 2 h.
The resulting MNPs were washed repeatedly with deionized water,
dried in a vacuum oven at 50 �C for 12 h, and stored in glass vials.

To obtain the OA-modified MNPs (OA-MNPs), calculated
amounts of MNPs were sonicated in deionized water for 1 h. 13 mL
of OA per gram of MNPs were added dropwise into the MNP-
dispersed in water at 80 �C over the course of 2 h under vigorous
mechanical stirring and nitrogen atmosphere. After modification,
the MNPs were extracted into n-hexane and washed repeatedly
with first water and then ethanol to remove the unreacted OAs [28].
The introduction of MAH in b-CD was performed according to the
reported method as follows [29]. A 5.68 g of b-CD (0.005 mol) was
dissolved in 30 mL DMF, and then 4.90 g of MAH (0.05 mol) was
added to it. The solutionwas heated at 80 �C under vigorous stirring
for 10 h.When the reactionwas completed, the solutionwas cooled
at room temperature and 30mL of trichloromethanewere added to
it. White precipitates of MAH-b-CD were filtered, washed three
times with acetone, dried in a vacuum oven at 40 �C for 24 h, and
stored in a glass vial. For the coating of the OA-MNPs with MAH-
b-CD (MAH-b-CD-MNPs), equal volumes of the OA-MNPs n-hexane
solution (2 wt %) and the MAH-b-CD aqueous solution (2 wt %)
were mechanically stirred at room temperature for 48 h. The
OA-MNPs were transferred into the MAH-b-CD aqueous solution to
make the MAH-b-CD-MNPs (the details will be discussed in the
Results and discussion section) [30]. The MAH-b-CD-MNP powders
were obtained by drying the aqueous part of the phase-separated
n-hexane/water solution. TheMAH-b-CD-MNPs were used to make
the thermoresponsive core-shell MNPs that consist of the magne-
tite core and the poly(NIPAAm) shell (poly(NIPAAm)-MNPs) [31] by
using a precipitation polymerizationmethod in the presence of KPS
(as an initiator) and MBA (as a cross-linker) under nitrogen atmo-
sphere at 70 �C [32]. The mixture was cooled to room temperature
and diluted with distilled water. The poly(NIPAAm)-MNPs were
isolated from the solution by placing a magnet below the reaction
vial. This process was repeated several times to remove the
unreacted NIPAAm monomers and the separated poly(NIPAAm)
chains from the MNPs.
2.2. Characterization

FT-IR spectra were obtained with a Nicolet-560 spectrometer on
KBr pellets. X-ray diffraction (XRD) patterns of the MNPs were
recorded using an X-ray diffractometer (D/max-Ra, Rigaku, Japan)
with Cu-Ka radiation at 42 kV and 109 mA. The crystal size of MNPs
was calculated using a Scherrer’s equation (Eq.(1)) where b is the
width of the peak at half maximum intensity of a specific (hkl)
diffraction peak in radians, K is a constant of 0.9, l is thewavelength
of the incident X-ray, q is the half angle between the incident and
diffracted beams (2q), and L is the crystallite size.

L ¼ Kl
bcos q

(1)

Different sizes (diameter) of magnetic nanoparticles i.e., 8.6,
10.7, and 14.9 nm were obtained as mentioned in the Table 1 by
using the Scherrer’s equation along with their saturation magne-
tization (Ms) and coercivity (Hc). The magnetic properties of the
synthesized MNPs were measured by using a lakeshore 7400
vibrating-sample magnetometer (VSM) at room temperature. The
morphologies of the as-synthesized MNPs, the OA-MNPs, the
MAH-b-CD-MNPs, and the poly(NIPAAm)-MNPs were studied
using transmission electron microscopy (TEM, JEM-1OOCX, JEOL,
Japan) with an accelerating voltage of 80 kV. Samples for TEMwere



Table 1
Crystal size and magnetic properties of S1, S2, and S3 determined from X-ray and
VSM. Particle size along with their standard deviation of OA coated, MAH-Beta-CD
and PNIPAAm coated MNPS is given. Ms is saturation magnetization, the values for
coercivity (Hc) (unit is Oersted (Oe) in cgs system and Amperes per meter (A/m) in SI
system) are given.

Sample Feþ2

(M)
Feþ3

(M)
Particle
size (nm)

Standard
deviation (sd)

Ms
(emu.g�1)

Hc (Oe)

S1 0.05 0.1 8.6 e 67.0 53.57
S2 0.1 0.2 10.7 e 67.0 57.40
S3 0.5 1.0 14.9 e 80.0 74.69
OA coated MNPs e 36.0 16 e

MAH-Beta-CD
MNPs

e 66.0 18 e

PNIPAAm-MNPs e 87.0 33 e
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prepared by dispersing the MNPs in acetone at a very dilute
concentration, dropping the dispersed solution on the carbon-
coated copper grid, and then evaporating it. Poly(NIPAAm) was
negatively stained with phosphotungstic acid in order to make the
polymer part visible (Negative staining solution was prepared by
dissolving 0.1 g (1 wt%) of sodium phosphotungstate (PTA) powder
to 10mL of distilled water in a shell vial). The pH of the solutionwas
adjusted to 7.2e7.4 with the 0.1 N NaOH. The particle size of the
OA-MNPs, MAH-b-CD-MNPs, and poly(NIPAAm)-MNPs were
measured by taking into consideration upto two hundred (200)
particles each from OA-MNPs, MAH-b-CD-MNPs, and poly
Fig. 1. (a) FT-IR spectra, (b) X-ray diffraction patterns, and (c) magnetization curves of the S1
is the magnetic field strength.
(NIPAAm)-MNPs, determined their diameters and then find out
their mean value (diameter) in nm along with the standard devi-
ation as presented in Table 1. TGA thermograms were obtained in
a nitrogen atmosphere at a heating rate of 10 �C/min between 25 �C
and 600 �C using a TA 4000/Auto DSC 2910 System. The induction
heating was measured with HF Induction Heater at 293 kHz and
2.5 kW with 4 mL and 2 g/L solutions in which the weight of the
MNPs from TGA results were considered for calculating the
concentration of the solutions in the case of the organic material
coatedMNPs such as the OA-MNP and the poly (NIPAAm)-MNP. The
hydrodynamic radius (Rh) of the poly(NIPAAm)-MNPs was
measured with a dynamic light scattering (DLS) method (ELS-8000,
Photal Otsuka electronics) at a wavelength of 632.8 nm (helium
neon laser) from 22 �C to 68 �C with an increment of 2 �C. The
concentration of the poly(NIPAAm)-MNP solution was 0.06 wt%,
and the sample was sonicated before DLS measurement.

3. Results and discussion

3.1. Preparation of MNPs

The MNPs were synthesized with different Feþ2/Feþ3 ratios as
given in Table 1. The Feþ2/Feþ3 ratios of S1, S2, and S3 inmol L�1 (M)
are 0.05/0.1, 0.1/0.2, and 0.5/1, respectively (As Fe3O4 can be
synthesized by a molar ratio of 1:2 of ferrous and ferric salts,
therefore, same ratio (1:2) has been kept for the concentration of
, S2 and S3 MNPs at room temperature where Ms is the saturation magnetization and H



Fig. 2. (a) FT-IR spectra of the (I) OA, (II) the OA-MNPs, (III) the b-CD, (IV) the MAH-b-CD, and (V) the poly(NIPAAm)-MNPs, (b) FT-IR spectra of coated particles zoomed from 800 to
1800 cm�1 (c) the schematic, and (d) the digital image of the phase transfer of S3 MNPs from an organic phase to an aqueous-phase.
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Feþ2 and Feþ3). Fig. 1a shows the FT-IR spectra of the synthesized
MNPs. As-synthesized MNPs showed bands at 570 and 630 cm�1

corresponding to the absorption bands of the FeeO bond in the
crystalline lattice, indicating that MNPs were successfully synthe-
sized [33]. Fig. 1b represents the XRD patterns of the S1, S2, and S3
with seven strong Bragg diffraction peaks, which can be indexed as
(220), (311), (400), (422), (511), (440), and (533) of magnetite
(Fe3O4) in a cubic phase [34]. The crystal size of MNPs calculated
from the most intense (311) peak increased with an increase in the
Feþ2/Feþ3M ratio (Table 1). Due to concentration effects the particle
size has increased, also the same concentration ratio (1:2) has been
kept throughout the synthesis of MNPs as Molar ratio for Feþ2 and
Feþ3 is also same as 1:2. Fig. 1c illustrates the magnetization curves
of the S1, S2, and S3. The saturation magnetization (Ms) increased
with an increase in the crystal size of the particles. The
Fig. 3. TEM micrographs of (a) OA-MNPs, (b) MAH-b-CD-MNPs, and (c) poly(NIPAAm)-MN
MNPs and poly(NIPAAm)-MNPs in distilled water. The dispersed samples were dropped
(NIPAAm)-MNPs were stained with phosphotungstic acid.
undetectable hysteresis and coercivity suggests that the synthe-
sized MNPs have superparamagnetic properties. The S3 MNPs
showed higher Ms compared to S1 and S2, therefore, S3 MNPs were
used in this article.

3.2. Structure of MNPs

Fig. 2a shows the FT-IR spectra of the OA, the OA-MNPs, the
b-CD, the MAH-b-CD, and the Poly(NIPAAm)-MNPs. The FT-IR
spectrum of the OA showed bands at2924, 2854, 3500, 1708, 1453
and 1285 cm�1, which were attributed to the asymmetric CH2 and
symmetric CH2 stretching, OeH in plan bending, and C]O and CeO
stretch [35]. The OA-MNPs spectrum showed bands at 2922, 2852,
1187 cm�1 and reduced band at 3500 cm�1 as well as the MNP
bands (the absorption bands of the FeeO bond, Fig. 1a) at 570 and
Ps. The samples were prepared by dispersing OA-MNPs in n-hexane and MAH-b-CD-
on to a graphite coated copper grid and the solvent was allowed to evaporate. Poly



Fig. 4. TGA thermograms of the MNPs, the OA-MNPs and the poly(NIPAAm)-MNPs.
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630 cm�1. The shift in the bands to the lower wave numbers 2922,
2852 and 1187 cm�1, the reduction of 3500 cm�1 and broadening of
1453 cm�1 bands might be attributed to the fact that OA molecules
in the adsorbed state were subject to the field of solid surface and
that hydrocarbon chains in the monolayer surrounding the MNPS
were in closed-packed crystalline state [35]. The results confirm
Fig. 5. (a) The temperature changes of the MNP (in 1 M HNO3), the OA-MNP (in hexane), a
time, (b) digital images of poly (NIPAAm)-MNPs in aqueous solution (I) without and (II) with
water.
that OA chemisorbed onto the surface of the MNPs, although the
consistent C]O stretching band at 1712 cm�1might be due to some
uncoated OAmolecules [36]. In the spectra of b-CD and MAH-b-CD,
the eOH band at 3200 cm�1 in b-CD was shifted to 3500 cm�1 in
MAH-b-CD as a result of the introduction ofMAH [29]. The intensity
of the eCH2OeH vibration band around 2900 cm�1 in b-CD was
reduced in MAH-b-CD due to the nucleophilic reaction of the
hydroxyl oxyen in eCH2OeH groups with the carbonyl carbon of
MAH [37]. New eCOOH and C]O stretching bands at 2560 and
1720 cm�1, respectively, also appeared in MAH-b-CD. The shift
ofeOH band, the reduction in intensity of theeCH2eOH stretching
bands, and the appearance of new eCOOH and C]O bands in the
spectrum of MAH-b-CD confirmed the successful synthesis of
MAH-b-CD. The FT-IR spectrum of the poly(NIPAAm)-MNP showed
the characteristic poly(NIPAAm) bands (at 3300 cm�1 (broad
secondary NH amide), 2971-2861 cm�1 (CH group in isopropyl
group), 1649 cm�1 (strong C]O amide), 1541 cm�1 (strong NH
amide II), 1458 cm�1 (eCH2 scissoring vibration), 1385 cm�1 (eCH3
bending vibration), 1365 cm�1 (CeH bending vibration), and
1170 cm�1 (bending vibration)) as well as the characteristic
hydrolyzed MAH (∼1707 cm�1) and the FeeO bands (570 cm�1). All
these bands confirmed the successful synthesis of poly(NIPAAm)-
MNP. Fig. 2 shows the schematic (Fig. 2b) and the digital image
(Fig. 2c) of theMNPs in the n-hexane/watermixture solution before
and after mechanical stirring during which the yellowish color
gradually disappeared from the top n-hexane layer, then the
aqueous layer became yellowish, and finally the bottom layer
ended up as a translucent suspension. This phase transfer did not
nd the poly(NIPAAm)-MNP (in water) in the oscillating magnetic field as a function of
magnet, and (c) hydrodynamic radii of the poly (NIPAAm)-MNPs dispersed in distilled
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occur in a control experiment without MAH-b-CD, indicating that
the MAH-b-CD formed an inclusion complex with the OA, and the
hydrophilic groups in the b-CD made the b-CD-MNPs hydrophilic
and dispersible in aqueous medium [30].

Fig. 3 shows the TEM micrographs of the dispersed OA-MNPs in
n-hexane, b-CD-MNPs and poly(NIPAAm)-MNPs in distilled water.
The narrowly distributed mean diameters and standard deviation
values of OA-MNPs, b-CD-MNPs and poly(NIPAAm)-MNPs calcu-
lated from TEM are tabulated in Table 1. OA-MNPs (Fig. 3a) and
b-CD-MNPs (Fig. 3b) showed mono-dispersion in n-hexane and
distilled water, respectively although some aggregations between
synthesized poly(NIPAAm)-MNPs were observed. This aggregation
could happen during the evaporation of the solvent on the TEM
grids although there were also possibilities of the aggregated form
during the synthesis. A similar morphology for the polymer-coated
MNPs was reported by Wang et al. [38].

Fig. 4 shows the TGA thermograms of the MNPs, the OA-MNPs,
and the poly (NIPAAm)-MNPs. The MNPs did not show any
weight loss whereas the OA-MNPs and the poly(NIPAAm)-MNPs
showed step-wise weight loss as temperature increased. The
weight losses of the OA-MNPs at ∼250 and ∼350 �C might be due
to the thermal degradations of the free (1.35 mg) and coated OAs
(2.86 mg), respectively and those of the poly(NIPAAm)-MNPs
at ∼220 and ∼350 �C might be due to the thermal degradations of
the MAH-b-CD inclusion complex (0.71 mg) and the poly
(NIPAAm) (1.59 mg), respectively [39,40]. These results also
indicate the successful polymerization of poly(NIPAAm) onto the
MNP surface.
3.3. Properties of MNPs

Fig. 5a shows the temperature changes of the MNP (in 1 M
HNO3), the OA-MNP (in hexane), and the poly(NIPAAm)-MNP (in
water) in the oscillating magnetic field as a function of time. The
temperature linearly increased initially and then saturated as time
increased further. The temperature increase in the solutions indi-
cates that the MNP particles have an ability of magnetic heating
when exposed to an alternating magnetic field [7,41]. The saturated
temperatures of the MNPs, the OA-MNPs, and the poly(NIPAAm)-
MNPs solutions were 65, 49, and 52 �C, respectively. The decrease
of the saturation temperatures of the OA-MNPs and the poly
(NIPAAm)-MNPs solutions as compared to that of the MNP might
be due to low electrical conductivity of the organic shell (OA and
poly(NIPAAm)) [42]. Fig. 5b shows the reversible attraction of the
poly(NIPAAm)-MNPs toward a magnet. The poly(NIPAAm)-MNPs
were homogeneous dark brown without magnet (Fig. 5b(I)).
However, the poly(NIPAAm)-MNPs were attracted toward the
magnet when it was close to the wall of the vial (Fig. 5b(II)) indi-
cating a superparamagnetic property for the poly(NIPAAm)-MNPs.
Superparamagnetic and magnetic heating properties of the poly
(NIPAAm)-MNPs are critical for their applications in biomedical
[43] and bioengineering fields, because they prevent MNPs from
aggregation and enables them to redisperse when the magnetic
field is removed [44]. Fig. 5c shows the thermoresponsive behavior
of the poly(NIPAAm)-MNPs. The decrease in the hydrodynamic
radii (Rh) happened at ∼34 �C (LCST temperature of poly(NIPAAm))
[45]. The decrease in radius at elevated temperature was due to the
increased hydrophobicity of the poly(NIPAAm) segments, which
led to the collapse of polymer chains and shrinkage of the gel
network. Thus, this result indicates that the method developed in
this article might be one of the novel ways of synthesizing a ther-
moresponsive poly(NIPAAm)-MNPswhich showsmagnetic heating
by MNPs in the core causing the shrinkage of the poly(NIPAAm)
chains in the shell.
4. Conclusion

This study has successfully preparedMNPs via a co-precipitation
method in order to attach the poly(NIPAAm) chains on the MNPs to
make the thermoresponsive core-shell MNPs. The MAH-modified
b-CD where b-CD made an inclusion complex with OA which was
first coated on MNP was introduced. The double bonds of the MAH
in (MAH-b-CD) initiated the polymerization of NIPAAm and the
poly (NIPAAm) chains in the shell were cross-linked with MBA. It is
theorized that this novel approach for the preparation of the
aqueous-dispersible thermoresponsive MNPs could be a step
forward in their use in the fields of biomedical and bioengineering.
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Radiation-induced graft polymerization of sulfo-containing styrene derivatives into crystalline poly-
(ether ether ketone) (PEEK) substrates was carried out to prepare thermally and mechanically stable
polymer electrolyte membranes based on an aromatic hydrocarbon polymer, so-called “super-engi-
neering plastics”. Graft polymerization of the sulfo-containing styrene, ethyl 4-styrenesulfonate (E4S)
into a high crystalline PEEK substrate (degree of crystallinity: 32%) hardly progressed, whereas graft
polymerization into a low crystalline PEEK substrate (degree of crystallinity: 11%) gradually progressed,
achieving a grafting degree of more than 50% after 72 h. Oxygen radicals appeared in the ESR spectra of
irradiated PEEK films, indicating that graft polymerization initiates from the phenoxy radicals generated
by scission of PEEK main chains and proceeds so as to yield block type grafts. The PEEK-based polymer
electrolyte membrane (PEM) converted by aqueous hydrolysis of grafted films exhibited mechanical
strength (100 MPa), being 88% of the original PEEK substrates. These mechanical properties of PEEK-
based PEM are much higher than those of graft-type fluorinated PEM reported previously and almost
three times higher than that of Nafion (35 MPa). Wide- and small-angle X-ray scattering (WAXS and
SAXS) indicated that the graft polymerization was accompanied with recrystallization of the amorphous
phase of PEEK substrate, the well known solvent-induced recrystallization of amorphous PEEK solids, to
form a weak lamellar structure with 8 nm spacing. Complementary SAXS and small-angle neutron
scattering (SANS) observations clearly showed that the graft-type PEEK membranes possessed ion
channel domains with the average distance of 13 nm, being larger than that of Nafion. Furthermore, there
was a micro-structure in the ion channels with the average distance of 1.8 nm.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

A pre-irradiation grafting method, in which polymer substrates
are first irradiated under inert gas and then immersed in a mono-
mer solution to commence graft polymerization of the monomer
into the substrates, is a fascinating technique for direct introduc-
tion of a new functional polymer phase as a grafting chain (grafts)
into polymer films serving as a substrate which allows those films
to retain their characteristics such as thermal stability, mechanical
strength, electronic properties, and crystallinity[1e4]. One of the
unique characteristics of the pre-irradiation grafting method is the
aekawa).

All rights reserved.
graft polymerization of solid polymer films, i.e. “solid state poly-
merization”. Whereas in general, a radical in a solution has a short
lifetime, the polymerization initiating and propagating species in
solid films are long lived radicals (occasionally, days and weeks),
owing to suppression of termination reactions in the polymer
matrix, resulting in the formation of large numbers of functional
polymer chains in the solid polymer films. It is widely accepted
that in graft polymerization into polyethylene (PE) [5,6], poly-
propylene (PP), poly(tetrafluoroethylene) (PTFE) [2,7], poly(tetra-
fluoroethylene-co-hexafluoropropylene) (FEP) [1,8], and poly
(vinylidene fluoride) (PVDF) [9,10], long lived free radicals in
crystalline phases meet monomers, which have diffused through
amorphous phases, at crystalline/amorphous interfaces of the
solid films to initiate radical graft polymerization in an amorphous
phase or at interfaces.

mailto:maekawa.yasunari@jaea.go.jp
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
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The radiation technique has been widely applied to the prepa-
ration of a high performance fuel cell PEM for mobile electricity,
vehicles, and a domestic co-generation system, in which grafts
containing an ion conducting (electrolyte) group such as sulfonic
acid are introduced into fluorinated polymer films such as FEP,
PTFE, ETFE, and PVDF, which act as hydrophobic matrix in PEM
[2e4,11e15]. This graft-type PEM has the advantages of resistance
to methanol and low production costs, which are the most severe
problems for fully fluorinated PEMs such as Nafion. However, even
when grafted, the fluorinated PEM have drawbacks such as less
mechanical strength at higher operating temperatures and unsat-
isfactory gas barrier properties. In this connection, a sulfonated
form of aromatic hydrocarbon polymers, so-called “super-engi-
neering plastics” including poly(ether ether ketone) (PEEK), poly-
imide (PI), and poly(sulfone) (PSU) have been attracting attention
owing to their excellent mechanical properties at elevated
temperatures as well as excellent barrier properties against fuels
(methanol, H2) and oxygen [16e20].

However, these super engineering plastic films also have high
chemical resistance; thus, it is difficult to introduce grafting
monomers into the films. Accordingly, as far as we know, there have
been very few examples of radiation grafting into these super
engineering plastic films [21]. Recently, we succeeded in radiation-
induced grafting of styrene into a crystalline PEEK filmwith grafting
degrees of more than 60%, and found that the graft polymerization
of styrene proceeds in the amorphous region of PEEK without
destroying the crystalline region because polystyrene grafts have
similar hydrocarbon structures to the PEEK substrate, so that these
grafts are compatible to the amorphous phase of the PEEK films
[22,23]. However, the sulfonation of the polystyrene grafts with
chlorosulfonic acid in a dichloroethane solution proceeded not only
at the graft layers but also at the crystalline and amorphous phases
of PEEK, making PEEK-based electrolyte membranes with conduc-
tivity of more than 0.01 S/cm subject to severe deformation due to
higher water uptake.

In this paper, to prevent the damage to PEEK substrate during
the sulfonation process, graft polymerization of the sulfo-contain-
ing styrene, ethyl 4-styrenesulfonate (E4S) into two PEEK
substrates with different crystallinity (degree of crystallinity: 32
and 11%) by the pre-irradiation grafting method was examined,
because with E4S the grafted PEEK films could be converted to
PEEK-based PEM merely by hydrolysis of the sulfonic acid ester in
the precursor grafts. The radical polymerization of E4S proceeds
with faster polymerization kinetics than that of styrene [24]. Since
this is the first clearly successful radiation-induced graft polymer-
ization into a “super-engineering plastic”, we investigated the
detailed mechanisms of this graft polymerization, including the
morphological changes (crystallinity and phase separation) of
crystalline PEEK using differential scanning calorimetry (DSC),
thermogravimetry (TGA), wide angle X-ray scattering (WAXS),
and the initiation species using electron spin resonance (ESR).
Furthermore, small-angle X-ray and neutron scattering experi-
ments (SAXS and SANS) with PEEK substrates, grafted PEEK, and
PEEK-based PEM were carried out, since the obtained PEM must
have nano- to meso-scale hierarchical structures.

2. Experimental section

2.1. Materials

PEEK films of 25 mm in thickness with 11% and 32% crystallinity
(VICTREX PEEK amorphous (2000-25, density: 1.26 g/cm3) and
crystalline (1000-25, density: 1.32 g/cm3)) were purchased from
Victrex plc, Japan and used as a substrate. Ethyl 4-styrenesulfonate
(E4S)was purchased fromTosoh Co., Japan (>95%) and usedwithout
further purification. Acetone and 1, 4-dioxane (dioxane) were
purchased fromWako Pure Chemical Industries, Ltd., Japan. Sodium
chloride (NaCl), sodium hydroxide (NaOH), and hydrochloric acid
(HCl) used for titrimetric analysis were purchased from Wako Pure
Chemical Industries, Ltd, Japan.

2.2. Graft polymerization

PEEK films were cut into 2 � 3 cm rectangles and wiped with
acetone to remove impurities on the film surface. The PEEK films
were irradiated in a glass ampoule in an argon atmosphere at room
temperature using 60Co g-rays with doses ranging from 30 to
200 kGy (dose rate: 10 kGy/h). Then, the sample was immersed in
15ml of an E4S solution of dioxane (1/1 v/v) at 80 �C under an argon
atmosphere for graft polymerization. After graft polymerization,
the grafted PEEK films were taken out and washed with acetone.
Then, the samples were immersed in a large amount of acetone at
room temperature overnight to remove the homo-polymers and
residual monomers. We calculated the grafting degree from the
following equation, [GD (%)] ¼ 100 � (WgW0)/W0, where W0 and
Wg are the film weights before and after graft polymerization,
respectively. Finally, the grafted films were hydrolyzed by imm-
ersing in water at 95 �C for 24 h to prepare hydrolyzed PEEK
membranes (PEEK-based PEM).

2.3. Electrolyte properties of PEEK-based PEM

The degree of hydrolysis and ion exchange capacity (IEC) of the
samples were determined by titrimetric analysis. Dry hydrolyzed
membranes containing a protonic form of sulfonic acid were
immersed in 20 ml of an aqueous 3 M NaCl solution and equili-
brated for 24 h. The remaining solutions were titratedwith a 0.02M
NaOH solution using an automatic titrator, HIRANUMA COM-555.
The IEC of the membrane was calculated using titration result with
the following equation:

IEC ¼ 0:02� VNaOH

Wd
(1)

where VNaOH (ml) is the titer of a 0.02 M NaOH solution and Wd is
the dry weight of a hydrolyzed membrane in a protonic form. The
degree of hydrolysis (%) is defined as themolar ratio of sulfonic acid
to monomer units of the grafted polymer chain. The sulfonation
degree (SD) is calculated by the following equation:

SDð%Þ ¼ 0:02� VNaOH

Wg � GD
ð100þGDÞ=M

� 100 (2)

where GD is the grafting degree and M is the molecular weight of
E4S (212.3).

The proton conductivity of hydrated membranes was measured
by impedance spectroscopy at room temperature using a Solartron
1269 analyzer. The hydrolyzed samples were hydrated in water at
room temperature for 24 h, and clamped between two platinum-
plate electrodes after wiping off excess water on the membrane
surface. The proton conductivity, s along the perpendicular direc-
tion of membranes is calculated from the obtained impedance,
R (U) by the following equation:

s ¼ d
RS

(3)

where d (cm) is the membrane thickness and S (cm2) is the contact
area of two electrodes.

Thewater uptake of hydrolyzedmembraneswas calculated from
the following equation, [water uptake (%)] ¼ 100 � (WwWd)/Wd,
where Ww is the weight of a membrane after immersing the dry
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membrane in deionizedwater at room temperature for 24 h andWd

is the weight of the dried membrane.

2.4. Characterization of E4S-grafted PEEK and PEEK-based PEM

The membranes were embedded in epoxy resin, polished using
microtome, and coatedwith carbon. The cross-section of the samples
was measured by a JEOL JSM-5600 scanning electron microscope
(SEM). The depth profiles of sulfur atoms of the sulfonic acid group in
the membrane perpendicular direction were measured by SEM
connectedwith an energy distribution X-ray spectroscopy (EDS) and
operatedat avoltageof15kV.Differential scanning calorimetry (DSC)
was performed using Thermo Plus2/DSC8230 with the specimen of
ca. 5 mg at a heating rate of 10 �C/min. Thermo gravimetric analysis
(TGA) was performed using a Thermo Plus2/TG-DTA (Rigaku, Japan).
InTGAmeasurement, the specimen of ca. 5mgwas initially heated at
a heating rate of 10 �C/min to the temperature of 200 �C. After cooling
down, they were reheated at a rate of 10 �C/min to eliminate absor-
bedwater and the data from the second scanwere used. The nitrogen
flowrates through the specimenwere 100ml/min for theDSC and TG
analysis. Wide angle X-ray scattering (WAXS) experiment was
undertakenwith a Rigaku CN2013 spectrometer (Cu-Ka). The degree
of crystallinity (DC) of PEEK substrates was calculated using the
following equation: DC (%) ¼ DHm � (100 þ GD)/(100 � DHm,100),
where,DHm is theheatofmeltingof PEEKfilmswhich is proportional
to the area under themelting peak and DHm,100 is the heat ofmelting
of100%crystallinePEEK,130 J/g [25]. Themechanical propertieswere
determined using an STA-1150 universal testing instrument (A&D
Co., Ltd, Japan) at a constant crosshead speed of 50 mm/min. Five
specimenswithadumbbells shapewerepreparedaccording toASTM
D 1882-L and were used for the measurement.

2.5. ESR measurement of original and irradiated PEEK substrates

ESR spectra were measured under Ar atmosphere at room
temperature with a JEOL ESR spectrometer, JES-FSE60 with
a modulation frequency of 9.2 GHz and a power of 1 mW. PEEK,
Kapton (DuPont, PI, 25 mm in thickness), polyethersulfone (Sumi-
tomo Bakelite, PES, 25 mm), and polyphenylenesulfide (TORAY, PPS,
50 mm) films were set in the ESR quartz tube connected to a long
glass tube. The samples were degassed before sealing off and
irradiated with 55 kGy at room temperature. The irradiated films
were moved to upper part of the glass tube and the irradiated
quartz tube was annealed with flame to quench the ESR signal of
quartz (SiO2).

Then, the irradiated films were moved back to the original
position tomeasure ESR spectrumat room temperature. The amount
of radicals was obtained by integration of the ESR spectra on the
basis of standard DPPH (1, 1-diphenyl-2-picrylhydrazyl) intensity.

2.6. SANS and SAXS measurements

SANS measurements were performed on focusing and polarized
neutron small-angle scattering spectrometer (SANS-J-II) at the
research reactor JRR-3 in Japan Atomic Energy Agency (JAEA) at
Tokai, Japan [26]. The wavelength (l) of the incident neutron was
l ¼ 0.65 nm with a wavelength resolution Dl/l ¼ 13%. The SANS
profiles were obtained with a sample-to-detector distances of 10
and 2.5 m, covering fromQ¼ 0.04e1 nm�1, where Q is a magnitude
of scattering vector given by Q ¼ (4p/l)sin(q/2) with q being scat-
tering angle. The scattering profiles were detected with a two-
dimensional position sensitive detector. The exposure time for an
original PEEK, a grafted PEEK, and PEEK-based PEM were 4, 1, 1 h,
respectively. The two-dimensional data was corrected for detector
efficiency, instrumental background on a pixel-to-pixel basis. After
circular averaging, we converted scattering intensity to the absolute
intensity per a sample volume by secondary standard of irradiated
aluminum. All SANS measurements were performed at ambient
temperature (25 � 0.5 �C).

SAXS experiments were carried out on two in-house SAXS
spectrometers (NIMS-SAXS-II and NIMS-SAXS-III) in the National
Institute of Materials Science (NIMS), Tsukuba, Japan [27], in order
to cover wide Q range from 0.07 to 12 nm�1. The NIMS-SAXS-II
consists of 18-kW rotating-anode X-ray generator with a conformal
mirror system to obtain MoeKa beam (l ¼ 0.07 nm) (Nanoviewer,
RIGAKU, Tokyo, Japan), vacuum flight path, and multi-wire two-
dimensional position sensitive proportional counter with active
area of 23 � 23 cm2 (Hi-Star, Bruker Optik GmbH, Germany),
respectively. A sample-to-detector distances was 30 cm, covering Q
range of 0.7 < Q < 12 nm�1. NIMS-SAXS-III is NanoSTAR SAXS
system (Bruker Optik GmbH, Germany), which is set up to obtain
Cr-Ka beam (l ¼ 0.23 nm). A sample-to-detector distance was
100 cm covering Q range of 0.07 < Q < 1.5 nm�1. The SAXS
measurements were conducted with varying exposure time in the
range of 0.5e12 h. The SAXS profiles were circularly averaged, and
then were corrected for the absorption of the sample, instrumental
background. The absolute SAXS intensity was obtained by using the
secondary standard of glassy carbon [27].

3. Results and discussion

3.1. Graft polymerization of E4S into crystalline and amorphous
PEEK substrates

Graft polymerization of pre-irradiated polymer substrates is
made possible by using grafting solvents; empirically, aromatic
hydrocarbons such as toluene and xylene and alcohols such as 1-
and 2-propanols have been found to be effective solvents for a graft
polymerization of styrene and acrylate monomers [1e4]. However,
E4S is insoluble in toluene and other hydrophobic solvents, and
yieldswhite precipitates inprotic solvents such as 1-propanol. Thus,
dioxanewas used to dilute E4S for the graft polymerization because
E4S dissolves in dioxane at moderate concentrations and does not
yield precipitants even at the boiling point (100 �C). When highly
crystalline PEEK substrates (degree of crystallinity: 32%) irradiated
in the range of 30e200 kGy at room temperature were immersed in
E4S/dioxane solution (1/1 v/v) at 80 �C, the graft polymerization of
E4S hardly progressed at all, with grafting degrees lower than 5%
after 72 h (Fig. 1). In contrast, the graft polymerization of E4S into
a low crystalline PEEK substrate (degree of crystallinity: 11%) irra-
diatedwith 60 kGy gradually proceeded under the same conditions,
and the grafting degree reached around 50% after 72 h (Scheme 1).
With doses of less than 100 kGy for grafting in this experiment, the
cross-linking of PEEK film should not be taken in account, because
the cross-linking reaction of the PEEK film requires the irradiation
with doses of higher than several MGy [19]. Surprisingly, the graft
polymerization of E4S into the non-irradiated low crystalline PEEK,
i.e. the original PEEK substrate, also proceeded at a relatively low
grafting rate, resulting in E4S-grafted PEEK films with grafting
degrees of about 30% even though it is well accepted that graft
polymerizations into most common polymer substrates such as PE,
PP, PMMA, PTFE, and PET do not progress without irradiation [1e4].
This means that a low crystalline PEEK substrate is amenable to
thermal graft polymerization of monomers.

3.2. Initial species of graft polymerization of E4S into PEEK
substrates

ESR spectra of the original PEEK substrate with 11% crystallinity
and the film irradiated with 90 kGy in vacuo at room temperature
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Fig. 2. ESR spectra of the original PEEK film (a) and the film irradiated with 90 kGy in
vacuo at room temperature (b).0
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Fig. 1. Plots of grafting degrees of E4S into h-PEEK (degree of crystallinity ¼ 32%) (a)
and l-PEEK (degree of crystallinity ¼ 11%) pre-irradiated with 0 (b) and 60 kGy (c).
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were measured at room temperature (Fig. 2). Clearly, the original
PEEK exhibited a very weak peak (g ¼ 2.0074), corresponding to
a radical density of 1.0 � 1016/g evenwithout irradiation (Fig. 2a). It
had already been reported that PEEK films contain a small amount
of radicals, and that the intensity of the ESR signal increases by
about 4 times upon UV irradiation but gradually decreases to the
original value when the irradiated films are kept at room temper-
ature. However, there is no information about the structure or
origin of the ESR signal [28].

An intensive signal was observed at a similar position
(g¼ 2.0077) in the irradiated filmwith density of 7.4�1016/g, seven
times larger than that of the original film (Fig. 2b). These spectral
changes in ESR were almost the same as that observed in highly
crystalline PEEK (h-PEEK: degree of crystallinity ¼ 32%) upon
irradiation [23]. The broad signal without any fine structure in the
PEEK films with and without irradiation seemed to be a phenoxy
radical, which is well known as a stable radical species in polymer
resins [29,30]. The phenoxy radical has even been used as an index
(for sensors) of anti-weather resistance of polymer resin films
owing to its long life time. The neat phenoxy radical exhibits a g-
value of 2.0043; however, the p-chlorophenoxy radical, a phenoxy
radical with an electron-withdrawing group, exhibits a g-value
upward shift (g ¼ 2.0063) [31]. In our case, the expected phenoxy
radical should have a benzoyl (carbonyl) group at the para position,
and the higher g-value (2.0075) should have electron-withdrawing
effects. It had been reported that the ESR signal of the PEEK films
irradiated at 77 K using electron beam was stable at low temper-
atures and was quenched by illumination with visible light with
wavelengths above 520 nm. Judging from this relatively low
thermal stability and this photo-bleaching with visible light, the
ESR signal in the PEEK films irradiated at lower temperatures has
PEEK Film

O O
O

SO3Et

Gr

E4S

γ-rays

Graft Polymerization

Scheme 1. Radiation-induced graft polymerization of E4S into
been assigned to radical anions [32]. However, this signal gradually
decayed at room temperature and was not observed in the PEEK
films irradiated at room temperature. In this study, the irradiation
of PEEK substrates and subsequent graft polymerization were
carried out at room temperature and at 80 �C, and thus, it is clear
that the initiation species of the graft polymerization of styrene on
PEEK substrates are not radical anions.

Fig. 3 shows the ESR spectra of aromatic polyimide (PI, Kapton),
polyethersulfone (PES), and polyphenylenesulfide (PPS) films irra-
diated with 90 kGy at room temperature and measured at room
temperature. The PI and PES, which have the same diphenyl ether
moiety as PEEK, exhibited exactly the same broad signals at
g ¼ 2.0072 and 2.0079, with similar intensities of 1.6 � 1017/g and
6.1 � 1016/g, respectively. In contrast, the irradiated PPS film, which
has no diphenyl ether substructure, exhibited a totally different ESR
pattern. Furthermore, the scission of the ether linkage of diphenyl
ether upon the radiation cross-linking of PES films has been reported
[33,34]. As is well known, it is difficult to confirm the exact structure
at the joint position of the polymer chains of PEEK substrates with
polystyrene grafts, due to the very small number of these points in
grafted films. However, the above results strongly suggest that the
graft polymerization started from the phenoxy radical generated by
radiation-induced scission of ether linkages, resulting in block type
grafts consisting of poly(styrenesulfonic acid), not conventional
T-shape grafts such as grafts of polystyrene into PE, PP, or PTFE
(Scheme 2). It is surmised that the initiating species of the original
PEEK (non-irradiated) are terminal phenoxy radicals, generated by
the scission caused by a drawing molding process.

3.3. Morphological changes of PEEK substrates in graft
polymerization of E4S

Figs. 4 and 5 show the DSC and TGA profiles of original PEEK (a),
grafted PEEK with 46% GD (b), and PEEK-based PEM (sulfonated
form of film (b)) with a sulfonation degree (SD) of 90% (c), (d)
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Fig. 4. DSC profiles of original l-PEEK (a), E4S-grafted PEEK with 46% GD (b), and PEEK-
based PEM (sulfonated form of film b) with 90% SD (c).

Fig. 3. ESR spectra of PES (a), PI (Kapton) (b), and PPS (c) films irradiated with 90 kGy
in vacuo at room temperature.
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respectively. The endothermic peaks at around 240 �C shown in
Fig. 4b likely signify the elimination of the ethyl group of the
sulfonic esters in the grafts because this temperature is in good
agreement with the temperature at which there is weight loss of
the grafted PEEK in the TGA profile (Fig. 5b). The TGA and DSC
profiles of the grafted PEEK after the elimination of the ethyl group
are similar to those of hydrolyzed PEEK-PEM, further indicating
ethyl group elimination at around 240 �C (see also next section).

In the DSC profiles, the grafted PEEKwith 46% GD did not exhibit
the glass transition temperature (Tg) at 143 �C and the exothermic
peak at 173 �C, which was observed in the annealing of the PEEK
substrate and can be assigned to recrystallization of PEEK chains in
the amorphous phase (Fig. 4a) [35]. As shown in Fig. 6, which are
theWAXS profile of the original PEEK (a) and grafted PEEKwith 46%
GD (b), it is clear that the grafted film exhibited discernible peaks at
19 and 21�, assigned to (110) and (220) peaks [36]. The increases of
OO
O

Radical-I

γ-rays

O n

SO3Et

Radiation-induced
Grafting of E4S

O
O
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Scheme 2. Graft polymerization mechanism of E4S into PEEK films.
these peaks indicate that the graft polymerization proceeded along
with recrystallization of the amorphous phase of PEEK substrate,
which is a well known solvent-induced recrystallization of amor-
phous PEEK solids [37e39].

During the above disappearance of Tg and the increases of
crystallinity of the PEEK substrates, the grafting of E4S progressed
in the amorphous phase of the PEEK substrates, probably because
E4S has a hydrocarbon structure similar to the base PEEK polymer,
making the E4S compatible with the amorphous phase of the PEEK
films for easy grafting. Furthermore, it should be noted that this is
the first instance of graft polymerization which progresses along
with increase in crystallinity of the substrate, and so should be of
practical advantage in obtaining mechanically stronger grafted
films[5e10].
3.4. Preparation (hydrolysis) and property of PEEK-based PEM

The grafted PEEK with 25e46% GD were hydrolyzed in the
yields of 84e91% after immersion in hot water (95 �C) for 24 h, to
yield PEEK-based PEM with ion exchange capacities (IEC) of
0.80e1.36 mmol/g. The proton conductivity (s, S/cm) through the
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Fig. 5. TGA profiles of original l-PEEK (a), E4S-grafted PEEK with 46% GD (b), and PEEK-
based PEM (sulfonated form of film b) with 90% SD at the first run (c) and second run
(d). The profile (c) was shifted by �30% vertically for clarity.



Fig. 6. WAXS of original l-PEEK (a), E4S-grafted PEEK with 46% GD (b), and PEEK-based
PEM (sulfonated form of film b) with 90% SD (c).
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film perpendicular to the surface of PEEK-PEM hydrated inwater at
room temperature for 24 h are plotted as a function of IEC in Fig. 7.
Ion conductivity of the PEEK-PEM gradually increased with the
increase of IEC from 0.80 to 1.36 mmol/g, reaching 0.12 S/cm with
IEC of 1.36 mmol/g (GD ¼ 46%). Accordingly, the conductivity of
the membranes can be controlled by changing the IEC (grafting
degree) of the membranes.

It seems that the water uptake of a membrane is constant as its
IEC ranges from 0.80 to 1.36 mmol/g even though there is relatively
large fluctuation among membranes (23e47%). It should be noted
that the PEM here with 0.12 S/cm, which is 1.3 times higher than
that of Nafion, exhibited lower water uptake (27%) than that of
Nafion (35%) [40]. This is likely because in the PEEK-based PEM the
hydrophobic and mechanically tough aromatic hydrocarbon poly-
mer substrate suppressed the swelling of the hydrophilic grafts
with water.

The distribution of the grafts in the PEEK-based PEM was
observed with SEM-EDS. The images in Fig. 8 are SEM micrographs
of cross-sections of PEEK-PEMs with 25 and 46% GD, together with
the EDS of sulfur in the perpendicular direction. It is clear that E4S
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Fig. 7. Plots of proton conductivity (s, S/cm) of PEEK-based PEM with various grafting
degrees as a function of IEC in the range of 0.5 and 1.8 mmol/g.
monomers grafted homogeneously into PEEK substrates evenwhen
the IEC of the PEM was as low as 0.80 (GD ¼ 25%). Homogeneous
grafting in the perpendicular direction to the film surface is
essential for the grafted films to be usable as a fuel cell electrolyte
membrane, which needs high proton conductance in the perpen-
dicular direction.

The DSC and TGA profiles of PEEK-based PEM with 90% SD are
shown with those of original PEEK and grafted PEEK in the same
figures (Figs. 4c and 5d). In Fig. 5d, the gradual weight losses in two
regions, 290e380 �C and 380e480 �C, can be attributed to the
degradations of sulfonic acid and polystyrene grafts, respectively
[41]. There is continuing weight loss above 480 �C, attributed to the
degradation of PEEK main chains, which is much lower than the
decomposition temperature (ca. 550 �C) of the original PEEK
substrate. In Fig. 4c, the broad peak at 100e350 �C in the DSC profile
of PEEK-based PEM corresponded to the continuous weight losses
of water and decomposition of sulfonic acid, judging from the result
of TGA. Fig. 6c shows theWAXS profile of PEEK-based PEMwith 90%
SD. Since the PEEK-based PEM exhibits clear (110) and (220) peaks,
which also are observed in the grafted PEEK, it seems that the
hydrolysis of poly(E4S) grafts proceeds without decrease in the
crystallinity of the grafted films. It should be noted that the radia-
tion-induced graft polymerization of a functional monomer (E4S)
followed by hydrolysis is superior to conventional styrene grafting
and subsequent sulfonation using chlorosulfonic acid, in which the
sulfonation intended only for the polystyrene grafts proceeds not
only at the graft layers but also at the crystalline and amorphous
phases of PEEK.

The tensile strength and elongation at break in the mold
direction of the original PEEK substrate, the PEEK substrate irra-
diated with a dose of 30 kGy, the grafted PEEKwith 46% GD, and the
PEEK-PEM with 90% SD are listed in Table 1. The pre-irradiation
with a dose of 30 kGy does not affect both tensile strength
(113 MPa) and elongation at break of ETFE film (96 and 93%),
respectively. The grafted PEEK has about 70% of the original elon-
gation at break (67%); however, it maintains tensile strength at
110 MPa. The mechanical properties of PEEK-PEM with 90% SD
were quite similar to those of the grafted PEEK. The tensile strength
slightly reduced (100 MPa) but the elongation at break became
even larger (86%) with the hydrolysis of the E4S grafts of the film. In
considering the mechanical property measurements of these films,
it should be noted that the tensile strength of the PEEK-PEM is
almost three times higher than that of Nafion (35 MPa), because
mechanical properties after the grafting of the functional mono-
mers and subsequent hydrolysis procedure are maintained at 88%
and 90% of the original PEEK substrate levels in tensile strength and
elongation at break (100/113 MPa and 86/96%) [40].

3.5. SANS analysis of original PEEK, grafted PEEK, and PEEK-based
PEM

SANS profiles of the original PEEK substrate, grafted PEEK, and
PEEK-PEM were obtained to elucidate morphological change
during the preparation procedure. The SANS analysis of each
sample specimen was expected to reveal the mechanism of how
grafting chains are introduced into PEEK substrate via radiation-
induced solid state polymerization as well as precise structures
such as the size of ion channels formed by the PSSA grafts and the
phase separation of the grafts and substrate PEEK chains, which are
important factors influencing the conductivity of the membranes.
The SANS profiles in the Q range from 0.04 to 1 nm�1 of the original
PEEK substrate, grafted PEEK, and PEEK-PEM are shown in Fig. 9a.

SANS profiles of the original PEEK substrate showed no clear
scattering while the grafted PEEK (line (ii) in Fig. 9a) exhibitedmuch
stronger scattering over the whole Q range and a new shoulder-like



Fig. 8. SEM micrograph of cross-section of PEEK-based PEM with the EDS of sulfur in the perpendicular direction: (a) GD ¼ 25%, SD ¼ 85%, IEC ¼ 0.80 mmol/g (b) GD ¼ 46%,
SD ¼ 90%, IEC ¼ 1.38 mmol/g.
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peak at Q ¼ 0.49 nm�1 (d ¼ 2p/Q ¼ 13 nm). The SANS profile of the
PEEK-PEM (line (iii) in Fig. 9a) had a similar profile with a shoulder-
like peak at Q ¼ 0.50 nm�1, which was slightly stronger than that of
the grafted PEEK; i.e., d (¼ 12.6 nm) was smaller. The decrease in
d-spacingwas in good agreementwith the decrease of the volume of
the grafts due to the elimination of the ethyl group by hydrolysis.
Since the slight decrease of the Q-value via hydrolysis also supports
the assignment of the shoulder-like peak to a poly (E4S) graft
domain, the above SANS results clearly show that the size of ion
channels (13 nm) formed by PSSA grafts is 2.5 times larger than that
in Nafion [36,42,43]. Furthermore, the nano- to meso-scale struc-
tures of PEEK-based PEM greatly differ from those of other graft-
type fluorinated polymer membranes. In a report of SANS
measurement of styrene grafted poly(tetrafluoroethylene-co-hexa-
fluoropropylene) (FEP) [44], the domain size of the polystyrene
grafts was estimated to be from 35 to 43 nm, depending on the
grafting degree. The author of this report surmised that these
domain sizes are related to the lamellar period of the original FEP
substrate (31 nm).

The grafted FEP exhibited Q�4 power law behavior, which is well
explained by Porod’s Law as being due to the sharp interface
between the graft domains and the FEP substrates [44,45]. In
contrast, the asymptotic Q-behavior of Q�2 at the higher Q-region
of Q > 0.49 nm�1 indicates that there was no sharp interface
between the grafts and PEEK substrate. Since both FEP and PEEK-
based grafted films possess the polystyrene derivatives consisting
of only hydrocarbons but not fluorine atoms, the different interfa-
cial structures, clear and unclear boundaries, should result from
Table 1
Tensile strength and elongation at break of the original PEEK substrate, the PEEK
substrate irradiated with a dose of 30 kGy, the grafted PEEK with 46% GD, and the
PEEK-PEM with 90% SD.

Films Tensile
strength (MPa)

Elongation
(%)

PEEK 113 96
Irradiated PEEK 113 93
Grafted PEEK (GD ¼ 46%) 110 67
PEEK-PEM (IEC ¼ 1.38 mmol/g) 100 86
different solubility of the graft polymers with perfluorinated or
aromatic hydrocarbon polymer substrates; namely, the graft poly-
mers are miscible with the PEEK chains but not miscible with the
FEP chains [46]. It was surprising to observe the Q�2 behavior in the
Q-region of Q > 0.50 nm�1, which also indicated that there was no
sharp interface between the grafts and PEEK substrate, which in
Fig. 9. SANS profiles in the Q range from 0.04 to 1 nm�1 (a) and SAXS profiles in the Q
range from 0.07 to 12 nm�1 (b): (i) original PEEK substrate, (ii) E4S-grafted PEEK with
46% GD, and (iii) PEEK-PEM with 90% SD.



Fig. 11. Schematic illustration of the morphology of PEEK-based PEM.
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turn indicated that the E4S grafts are miscible with the substrate
PEEK chains, even though the hydrolyzed PSSA grafts should be
more hydrophilic than the E4S grafts and substrate PEEK chains.
Since the graft domain is miscible with the amorphous phase of
PEEK substrates, ion channel domains formed in sulfo group-con-
taining grafts which exhibited smaller correlation period (13 nm)
than in grafted FEP membranes.

3.6. SAXS analysis of original PEEK, grafted PEEK, and PEEK-based
PEM

The SAXS of the original PEEK substrate, grafted PEEK, and PEEK-
PEM are shown in Fig. 9b in the Q range from 0.07 to 12 nm�1

(d ¼ 0.5e90 nm), which covers a range one order shorter than the
SANS measurement. The same samples used for the SANS were
concurrently used for the SAXS. The SAXS profile of the PEEK
substratewas almost the same as the SANS profile, though the SAXS
profile of the grafted PEEK exhibited a clear peak at Q ¼ 0.75 nm�1

(d ¼ 8.4 nm), which did not appear in the SANS profile.
We surmised that the SAXS peak at Q ¼ 0.75 nm�1 originates

from the PEEK crystallite structure, the crystallinity of which
increases during the graft polymerization observed in the WAXS
experiment, and therefore we measured the contrasts between
amorphous and crystalline phases in the PEEK substrate observed
in SANS and in SAXS, as shown in Fig. 10. In the case of SANS, the
scattering contrasts between PEEK crystal and amorphous regions
(Dr1 ¼ rcera), and between grafts and PEEK amorphous region
(Dr2 ¼ rgera) were estimated to be 0.29 and �1.21 ( � 1010 cm�2),
respectively. This means that the SANS intensity from the PEEK-
PEM is dominated by that from the grafts, and that the PEEK crystal
region, a lamellar structure, is not detected by SANS because scat-
tering intensity is proportional to the square of scattering contrast.
The situation is different for SAXS; the Dr1 and Dr2 for X-rays
are estimated to be 1.22 and �0.12 ( � 1010 cm�2), respectively.
D
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Fig. 10. Variation of scattering length densities among crystalline and amorphous
phases of PEEK substrates, polystyrene grafts in grafted PEEK, and PSSA grafts in PEEK-
based PEM: (a) SANS and (b) SAXS.
Therefore, SAXS is more sensitive to crystallites in the amorphous
phase in PEEK substrates than SANS. Specifically, the peak-profile
observed in SAXS but not in SANS likely originated from the crys-
talline/amorphous interfaces in the PEEK substrate [10,47]. As
described in Section 3.3, the graft polymerization proceeds along
with recrystallization in the amorphous phase of PEEK substrate,
which is a well known solvent-induced recrystallization of amor-
phous PEEK films [37e39]. Accordingly, the new peak implies that
a lamellar structure with d ¼ 8.4 nm grows with increase in crys-
tallinity during the graft polymerization. However, this lamellar
structure is indistinct compared with those generated by heat
annealing because of lower scattering intensity as well as the
smaller spatial distance, which is in good agreement with the
previous reports of solvent-induced recrystallization [48].

SAXS profiles of the PEEK-based PEM (line (iii) in Fig. 9b)
exhibited a similar peak at Q ¼ 0.75 nm�1 (d ¼ 8.4 nm), together
with increase of intensity at the Q-region between 0.2 and 0.6 nm�1

(d ¼ 10e30 nm) including a shoulder-like peak profile appearing at
Q ¼ 0.38 nm�1 which was slightly higher than that observed in the
SANS profile and is attributed to PSSA grafts. Furthermore, a small
peak can be seen at Q ¼ 3.5 nm�1 (d ¼ 1.8 nm). This peak was only
observed in PEM, and we hypothesize that it reflects the statistical
mean distance among sulfonic acids directly attached to grafting
polystyrene chains.

Judging from the above complementary observations, we illus-
trate the PEEK-based PEM as shown in Fig. 11: (1) The hydrophobic
matrix in the PEM chiefly consists of the original PEEK substrate
including crystalline phases. (2) PSSA grafts are not phase-sepa-
rated from the PEEK amorphous region, and form ion channel
domains with the average distance of 13 nm (3) There are micro-
structures in the ion channels, which correspond to the average
distance of 1.8 nm between sulfonic acids in the grafts.

4. Conclusions

We can prepare thermally and mechanically stable polymer
electrolyte membranes based on an aromatic hydrocarbon polymer,
a so-called “super-engineering plastic,” by radiation-induced graft
polymerization of sulfo-containing styrene derivatives into crystal-
line PEEK substrates. Graft polymerization of a sulfo-containing
styrene, E4S, hardly proceeded at all into a high crystalline PEEK
substrate,whereas it gradually proceeded into a lowcrystalline PEEK
substrate, achieving a grafting degree of more than 50%. This is the
first graftpolymerization thathasbeenaccompaniedwith increase in
the crystallinity of the substrate, which should be of practical
advantage inobtainingmechanically stronger graftedfilms. The graft
polymerization started from the phenoxy radical, and formed ether
linkages at the starting points of grafts, resulting in block type grafts
consisting of PSSA, not conventional T-shape grafts such as poly-
styrene grafts into PE, PP, and PTFE. The PEEK-based PEM converted
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by aqueous hydrolysis of grafted films maintained the mechanical
strength (95MPa)with62%of theoriginal PEEK substrates.Wide and
small-angleX-ray scattering (WAXSandSAXS) revealed that thegraft
polymerization proceeded along with recrystallization in the amor-
phous phase of PEEK substrate, which is a well known solvent-
induced recrystallization of amorphous PEEK film, to form a weak
lamellar structure with 8 nm spacing. Furthermore, through
complementary SAXS and SANS observation, itwas revealed that the
grafted PEEK-based PEM possesses ion channel domains with the
average distance of 13 nm, in which there are micro-structures of
sulfonic acid with the average distance of 1.8 nm.
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Water absorption is often poor in hydrophobic polyHIPEs, porous polymers synthesized within high
internal phase emulsions (HIPEs). This paper describes bicontinuous polyHIPEs, the simultaneous
polymerization of hydrophobic monomers (external phase) and hydrophilic monomers (internal phase).
Integrating hydrogels within polyHIPEs extended the release of water-soluble dye from 10 h to more than
10 days. PolyHIPE capillary action promoted the rapid distribution of water throughout the hydrogel. The
diffusion pathway in this bicontinuous system was similar to diffusion through an assembly of poly-
disperse spheres. The copolymerization of the hydrophilic monomers with the monomers in the external
phase enhanced the hydrophilicity of the scaffold, reduced the modulus of the hydrated polyHIPE, and
reduced the tortuosity of the diffusion path. Pre-polymerization of the external phase reduced the extent
of copolymerization, enhanced the modulus, sealed the interconnecting holes, reduced the capillary
action, increased the tortuosity, and extended the release time to 3 weeks.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

A high internal phase emulsion (HIPE) is an emulsion in which
the droplets of the internal, dispersed, phase are the major phase
(more than 74 vol %). PolyHIPEs are porous polymers with highly
interconnected porosities that result from polymerizing monomers
within the external phases of HIPEs [1e7]. The droplets of the
internal phase, which can become interconnected during the
polymerization in the external phase, are then removed, leaving
voids in place of the droplets. A variety of polyHIPEs and polyHIPE-
based materials have been synthesized, such as copolymers [8,9],
interpenetrating polymer networks (IPN) [10], crystallizable side
chain polymers [11], biocompatible polymers [12e16], functional
surfaces [17,18], organiceinorganic hybrids [19,20], and composites
[21e26]. As water-in-oil (W/O) HIPEs with hydrophobic monomers
in the external phase were employed for most of these systems, the
resulting polyHIPEs were usually hydrophobic and exhibited poor
water absorption [6].

There are three routes that are commonly used to synthesize
water-absorbent polyHIPE. In one route, hydrophobic polyHIPEs,
synthesized within W/O HIPEs, are modified to enhance their
ilverstein).

All rights reserved.
hydrophilicity using a second synthesis stage [2,27]. In another
route, hydrophilic polyHIPEs are directly synthesized from hydro-
philic monomers within oil-in-water (O/W) HIPEs [28e30]. Such
hydrophilic polyHIPEs have demonstrated potential for controlled
release applications [31]. Unfortunately, O/W HIPEs are often
more difficult to stabilize than W/O HIPEs [6]. In addition, it can be
more difficult to remove and to dispose of the organic internal
phase in O/WHIPEs compared to the aqueous internal phase inW/O
HIPEs. In a third route, water-absorbing polyHIPEs can be synthe-
sized withinW/O HIPEs using a single synthesis stage. In this route,
hydrophobic and hydrophilic monomers are simultaneously poly-
merized within the external phase and the internal phase, respec-
tively, of W/O HIPEs [32e35]. Ideally, the structure is bicontinuous,
consisting of a hydrophobic scaffold filled with an interconnected
hydrogel [36].

Water absorption is often a critical requirement for various
biomedical applications. Hydrogels are potentially useful as
controlled drug delivery systems since the rate of drug diffusion can
be controlled through copolymerization and crosslinking [37]. Drug
release from dried hydrogels follows the absorption of water from
the environment, making the absorption of water a controlling
step. Placing the hydrogel within a hydrophobic scaffold whose
porous structure can affect water absorption and drug diffusion
provides another way to control drug release. In principle, bicon-
tinuous hydrogel-filled polyHIPEs could offer a unique mechanism
to influence the release of drugs from the hydrogel phase.

mailto:michaels@tx.technion.ac.il
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.11.006
http://dx.doi.org/10.1016/j.polymer.2010.11.006
http://dx.doi.org/10.1016/j.polymer.2010.11.006
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Previous work investigated a HIPE containing styrene (S) and
divinylbenzene (DVB, crosslinking comonomer) in the external
phase (around 11 wt %) and acrylamide (AAm) and N,N-methyl-
enebisacrylamide (MBAM, crosslinking comonomer) in the external
phase [36]. The unexpected and significant reduction in the
hydrated polyHIPE modulus with increasing acrylamide content
indicated that the polymerizations were notmutually exclusive and
that the acrylamide affected the molecular structure of the hydro-
phobic polymer synthesized in the external phase. The polymer in
the external phase becamemore hydrophilic and more hygroscopic
on incorporation of acrylamide, reducing the stiffness of the
hydrated polyHIPE and enhancing its tendency to collapse on
drying. Unfortunately, the mechanical properties of these bicon-
tinuous, hydrogel-filled polyHIPEs were not suitable for uptake and
release experiments that involved multiple drying cycles.

In this paper, bicontinuous, hydrogel-filled polyHIPEs based on
S, DVB, AAm, and MBAM that contain around 20 wt % external
phase and exhibit significantly enhancedmechanical properties are
investigated. The effects of the synthesis parameters on the
molecular structure, porous structure, and mechanical properties
are described and discussed in detail. The main thrust of this
manuscript is the unique behavior of these bicontinuous polyHIPEs
in the uptake and release of a water-soluble dye molecule as well as
the dependence of this behavior on the structure and properties.
The results indicate that the synergistic combination of polyHIPE
capillary action and hydrogel swelling and diffusion can be used to
enhance uptake and release properties.
2. Experimental

2.1. Materials

The hydrophobic monomer in the external phase of the HIPEs
was S (Fluka Chemie) and the hydrophobic crosslinking como-
nomer was DVB (containing 20% ethylstyrene, Aldrich). The
hydrophilic monomer in the internal phase of the HIPEs was AAm
(Fluka) and the hydrophilic crosslinking comonomer was MBAM
(Aldrich). The hydrophobic monomers were washed to remove the
inhibitor (three times with an aqueous 5 wt % sodium hydroxide
(NaOH, Carlo Erba) solution followed by three times with deionized
water). The hydrophilic monomers were used as received. The
emulsifier was sorbitan monooleate (SMO, Span 80, Fluka Chemie).
The water-soluble initiator was potassium persulfate (KPS, Riedel-
de-Haen). Benzoyl peroxide (BPO, Fluka), an oil-soluble initiator,
was used in some specific samples, as will be described. Potassium
sulfate (K2SO4, Frutarom, Israel) was used to stabilize the HIPEs. The
water-soluble dye used for the uptake and release experiments was
Eosin Y (C20H6Br4Na2O5, Aldrich).
Table 1
Typical HIPE and hydrogel recipes (S3, HG3, P4).

Content, wt %

Phase Component S3 HG3 P4

External (organic) S 9.3 e 9.0
DVB 9.3 e 9.0
SMO 1.6 e 1.6
BPO 0.0 e 0.2
Total 20.2 e 19.8

Internal (aqueous) Water 74.0 93.0 63.0
AAm 4.3 5.3 6.3
MBAM 0.6 0.7 0.9
K2SO4 0.7 0.8 0.4
KPS 0.2 0.2 0.2
Total 79.8 100 80.2
2.2. Standard polyHIPE synthesis

In most of the HIPEs formed, the organic phase contained the
hydrophobic comonomers and the emulsifier, while the aqueous
phase contained deionizedwater, the hydrophilic comonomers, the
initiator, and the stabilizer. The volume fraction of the aqueous
phase in the HIPEs was approximately 0.8. The HIPEs were
produced by adding the aqueous phase dropwise to the organic
phase while stirring vigorously. The resulting HIPEs were covered
by plastic film and aluminum foil. Polymerization took place in
a convection oven at 65 �C for 24 h. The resulting polyHIPEs were
then placed in a Soxhlet extraction apparatus. The extraction
procedure was 24 h in methanol followed by 24 h in water. The
samples were dried in a vacuum oven at room temperature for
between 48 and 72 h, until a constant weight was achieved.
2.3. HIPE compositions

The amount of DVB with respect to the hydrophobic monomer
content (S and DVB) was held constant at 44.0mol %. The amount of
MBAMwith respect to the hydrophilic monomer content (AAm and
MBAM) was held constant at 9.1 mol %. The concentration of the
hydrophilic comonomers (AAm and MBAM) in the aqueous phase,
cAAm, was varied from 0 to 0.092 g/cm3. The mass fraction of the
hydrophilic comonomers (AAm and MBAM) with respect to all the
monomers (S, DVB, AAm, and MBAM), wAAm, was varied from 0 to
29 wt %. Typical HIPE recipes are listed in Table 1. The cAAm and
wAAm for the various samples are listed in Table 2.

2.4. Pre-polymerization

In a pre-polymerized HIPE, the monomers in the organic phase
underwent partial polymerization prior to HIPE formation. To this
end, BPO was added to the organic phase (Table 1). The organic
phase was placed in a convection oven at 80 �C for 15 min.
Following this pre-polymerization, the aqueous phase was added
and the polyHIPE was synthesized in the usual manner.

2.5. Hydrogel synthesis

Hydrogels were synthesized using solution polymerization of
AAm and MBAM (9.1 mol % MBAM) and cAAm of 0.043 and 0.063 g/
cm3 (Tables 1 and 2). The water, AAm, MBAM, and KPS ratios were
the same as those used in the respective HIPEs (Table 1). The
components were mixed and polymerized in a convection oven at
65 �C for 24 h. The hydrogel was cooled to 4 �C for 1.5 h and then
freeze dried.

2.6. Characterization

The polymer mass was calculated by subtracting the masses of
emulsifier, initiator, and stabilizer in the feed from the mass of the
dried polyHIPE. The yield was the ratio of the polymer mass to the
mass of the monomers. The density, rm, was determined using
gravimetric analysis. A predictive estimate for the density based on
the compositions of the HIPEs, rc, used the following assumptions:
100% conversion during polymerization; no shrinkage during
polymerization and drying; and all the water was removed during
drying. The specific surface area, A, was determined using the
single-point BET (Brunauer, Emmett, Teller) method, with nitrogen
adsorption at 77 K (Quantachrome).

The porousmorphologies of the polyHIPEs were described using
high resolution scanning electron microscopy of uncoated fracture
surfaces of dried specimens at accelerating voltages between 3
and 4 kV (HR-SEM, Zeiss LEO 982). Compressive stressestrain



Table 2
AAm contents in the polyHIPEs and in the control hydrogels.

Sample cAAm, g/ml wAAm

S0 0.00 0.00
S1 0.022 0.08
S2 0.043 0.15
HG2 0.043 e

S3 0.063 0.21
HG3 0.063 e

S4, P4 0.092 0.28
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measurements were carried out at room temperature on
0.5 cm � 0.7 cm � 0.7 cm polyHIPE cubes which were hydrated
after Soxhlet extraction (Lloyd-Single Column BenchMounted). The
stressestrain experiments continued until equipment-related force
or displacement limitations were reached. The compressive
modulus, E, was determined from the slope of the compressive
stressestrain curves at low strains.
Fig. 1. Densities of the dried polyHIPEs as a function of cAAm.
2.7. Loading and release

Eosin Y was loaded into the polyHIPEs by immersing dried pol-
yHIPE slabs (0.3 cm� 1 cm� 1 cm) into an aqueous Eosin Y solution
(40 mg/ml). The loading was characterized by monitoring the
sample’s weight. Loading was conducted until the sample’s mass
remained constant. The uptake, us, the ratio of the mass of Eosin Y
solution absorbed per mass polyHIPE sample, was calculated using
Equation (1). The normalized uptake, uAAm, the ratio of the mass of
Eosin Y solution absorbed per mass AAm, was calculated using
Equation (2). The volumetric uptake, uv, the ratio between the
volume of Eosin Y solution absorbed and the pore volume in the
polyHIPE was calculated using Equation (3). The amount of Eosin Y
loaded into the polyHIPE, md, was calculated using Equation (4).

us ¼ mt �m0

m0
(1)

uAAm ¼ us$
1

wAAm
(2)

uvol ¼
ðmt �m0Þ=rl
V0 �

�
m0=rp

� (3)

md ¼ ðmt �m0Þ$wd (4)

wherem0 is the mass of the dry specimen,mt is the sample mass at
time t, V0 is the initial volume of the polyHIPE, rl is the density of
the aqueous solution, rp is the density of the polymers, and wd is
the mass fraction of the drug in the aqueous solution, 0.038. The
density of the aqueous solution was 1.03 g/ml. The average density
of the polymers in the polyHIPE was assumed to be 1.1 g/cm3 [38].

The polyHIPEs loaded with Eosin Y solution were then dried in
a vacuum oven at room temperature for 48 h. For the release
experiments, individual, dried, loaded polyHIPEs were each
immersed in 250 ml of deionized water. Aliquots of 2 ml were
withdrawn at predetermined time intervals. The concentration of
Eosin Y was determined using absorbance measurements at
517 nm. The linear absorption range for Eosin Y at 517 nm was
between 10�6 mg/ml and 10�3 mg/ml. The release is defined as the
mass of Eosin Y released into the deionized water normalized by
the initial mass of Eosin Y in the immersed polyHIPE. The loading
and release experiments for the hydrogels were similar except
that the hydrogels were freeze dried following loading in order to
prevent their collapse.

3. Results and discussion

3.1. PolyHIPE and hydrogel synthesis

Unfortunately, for this HIPE system, increasing the surfactant
concentration beyond 8% produced polyHIPEs that tended to
collapse during drying. Previous work on a similar system has
shown that the hydrophobic monomers in the external phase
undergo copolymerization with the hydrophilic monomers from
the internal phase, yielding a significant reduction in the modulus
of the hydrated polyHIPEs and reducing their resistance to collapse
during drying [36]. Increasing the surfactant concentration reduces
the size of the internal phase droplets and increases the amount of
interfacial area. Such an increase in interfacial area would enhance
copolymerization, reduce the modulus, and reduce the resistance
to collapse during drying, leading to an optimum in surfactant
concentration that is smaller than that typically found in HIPEs.

Solution polymerization of AAm/MBAM in water with a cAAm of
0.043 g/ml produced a hydrogel surrounded by free water, not all
the water was incorporated into the hydrogel. The solution poly-
merization of AAm/MBAM with a cAAm of 0.063 g/ml produced
a hydrogel that incorporated all of the feed water.

3.2. Porous structure

The densities predicted from the compositions of the HIPEs, rc,
and the measured densities, rm, are presented as a function of cAAm
in Fig. 1. The density increases with increasing AAm concentration
as the voids of the polyHIPE become filled with increasing amounts
of hydrogel. At low cAAm the rm are quite similar to the rc. The
disparity between rm and rc increases with increasing cAAm, with
rm becoming significantly greater than rc for a cAAm of 0.063 g/ml.
The large disparity in densities for a cAAm of 0.092 g/ml reflects the
partial collapse of the polyHIPE during drying.

The morphologies of the dried polyHIPEs are presented in Fig. 2.
The polyHIPE with no AAm exhibits interconnected, empty voids
(Fig. 2a and b) [6]. The interconnecting holes can be clearly seen at



Fig. 2. SEM micrographs of various dried polyHIPEs: (a,b) S0; (c,d) S1; (e,f) S2; (g,h) S3; (i,j) S4; (k,l) P4.

T. Gitli, M.S. Silverstein / Polymer 52 (2011) 107e115110
a higher magnification (Fig. 2b). The degree of interconnectivity is
smaller than that in typical polystyrene-basedpolyHIPEs [2]. This low
degree of interconnectivity results from the relatively low surfactant
concentration, 8% of the organic phase instead of the 20% commonly
used for similar HIPEs [5]. The reduction of the surfactant concen-
tration to 5%has been shown to yield a closed-cell structure for some
polyHIPEs, even at external phase contents of less than 10% [5].

There are two types of voids seen for S1, the polyHIPE with the
lowest cAAm, in Fig. 2c and d. The larger voids (around 15e20 mm in
diameter) are usually filled with the nodular structure typical of
dried hydrogels, while the smaller voids (around 3e5 mm in
diameter) usually seem to be empty. Since for S1 the hydrogel
seems to collapse onto the walls during drying, the hydrogel would
be more predominant in the larger voids since the volume to area
ratio increases proportionately with void diameter. At higher cAAm
all the voids are filled with the nodular structure typical of dried
hydrogels (Fig. 2eeh). The dried hydrogel conceals the inter-
connecting holes typical of the bicontinuous structure of polyHIPEs.
Nonetheless, the reversible dehydration and rehydration of these
polyHIPEs proves that such interconnecting holes exist and that the
hydrogel phase is continuous.

The void diameters increase with cAAm, from between 5 and
17 mm for S0 to between 40 and 50 mm for S3. The increase in cAAm
seems to reduce HIPE stability, leading to droplet coalescence and/
or Ostwald ripening. The presence of increasing amounts of the
surface active AAm at the interface can enhance the solubility of
the surfactant within the aqueous phase and interfere with the
formation of a stable interfacial film [39,40]. At a cAAm of 0.063 g/ml
the dried hydrogel is detached from the walls of the polyHIPE
(Fig. 2g and h). For S3 the cAAm is high enough for the hydrogel to
maintain its shape and it collapses towards the center during
drying, detaching from the wall. At even higher cAAm, S4 in Fig. 2i
and j, the hydrogel dominates the cross-section and it becomes
difficult to distinguish individual voids.

The specific surface area increases with cAAm up to a cAAm of
0.063 g/ml (Fig. 3). The increase in surface area reflects the addition
of the nodular dried hydrogel surface area to the typical polyHIPE
surface area. Since S4 underwent partial collapse during drying its



Fig. 2. (continued).
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specific surface area is smaller than that of S3. The specific surface
area thus reflects the complex two-phase structures of the hydro-
gel-filled polyHIPEs.

3.3. Mechanical properties

Representative compressive stressestrain curves from the
hydrated polyHIPEs are presented in Fig. 4. The variation of
the hydrated polyHIPE moduli with cAAm is presented in Fig. 5. The
decrease in modulus with increasing cAAm is consistent with the
results in a previous work [36]. Copolymerization of the hydro-
phobic monomers in the external phase with the hydrophilic
monomers from the internal phase enhances the hydrophilicity of
the scaffold. Water that is absorbed by the hydrophilic monomers
that have copolymerized with the hydrophobic monomers plasti-
cizes the polymer framework synthesized in the external phase and
reduces the modulus of the hydrated polyHIPE. The moduli of the
hydrated polyHIPEs in this work are higher than those of similar
polyHIPEs in a previous work. This increase in modulus reflects the
higher external phase content used in this work. The 20% external
phase in this work, as opposed to the 10% in a previous work,
results in a significant increase in wall thickness which enhances
polyHIPE stiffness and resistance to collapse.

3.4. Loading

The Eosin Y solution loading curves are presented in Fig. 6. The
loading plateau values, usN, are listed in Table 3. The amount of
Eosin Y loaded is, of course, directly proportional to the amount of
Eosin Y solution loaded. HG3 exhibits the highest loading plateau
of all the materials studied. The ratio of the absorbed volume to the
available empty volume, uv, is also listed in Table 3. The uv of 1.5 for
HG3 reflects its swelling during absorption which increases the
volume available for absorption.

The absorption plateaus for the polyHIPEs are substantially less
than that for HG3. S0 did not absorb the Eosin Y solution at all. The P
(S-co-DVB) polyHIPE is highly hydrophobic and poorly wetted by
water. The Eosin Y solution absorption plateau increases with
increasing cAAm (Table 3) until a maximum is reached for S2. The
absorption plateau then decreases with further increases in cAAm.



Fig. 3. Specific surface areas of the dried polyHIPEs as a function of cAAm.
Fig. 5. Variation of hydrated polyHIPE moduli with cAAm.
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S1 is only partially filled with hydrogel, as seen in Fig. 2c. S2 is filled
with hydrogel, enhancing absorption, and did not undergo signif-
icant collapse. While both S3 and S4 are completely filled with
hydrogel, they also underwent partial collapse, with their absorp-
tion ability reduced by the increase in density and reduction of
porosity. The partial collapse is more significant for S4 and, there-
fore, the absorption plateau is lower. Only 26% of the empty volume
was filled for S1, reflecting its low hydrogel content. Around 85% of
the empty volume is filled for S2 and S3. Therefore, the differences
in plateau values for S2 and S3 reflect their different empty volume
contents. Interestingly, the maximum absorption of 85% indicates
that 15% of the empty space is inaccessible. The uv of 1.5 for S4
reflects its swelling during absorption which increases the volume
available for absorption. The ability of S4 to swell confirms that its
framework from polymerization in the external phase is not
a copolymer of S and DVB, but rather a copolymer of S, DVB, AAm,
and MBAM.

The absorption of the solution is associated with the presence of
AAm in the polyHIPE. usN was normalized by the AAm content to
Fig. 4. Compressive stressestrain curves for selected hydrated polyHIPEs.
yield the uAAm listed in Table 3. Surprisingly, uAAm for S1 is similar to
that of HG3. This seems to indicate that the hydrogel within the
polyHIPE has absorbed its equilibrium amount. Unexpectedly,
the uAAm for S2 is higher than that of HG3. This indicates that the
amount absorbed is greater than the equilibrium absorption of
the hydrogel. Not all the water was incorporated into the solution
polymerized hydrogel synthesized using a cAAm of 0.043 g/ml.
Similarly, in S2, with a cAAm of 0.043 g/ml, the swollen hydrogel
may not fill the entire void volume, leaving additional volume in
the void for absorption. This type of structure is illustrated sche-
matically in Fig. 7.

The hydrogel in S3, polymerized with a cAAm of 0.063 g/ml, is
expected to fill the entire porous structure. The uAAm for S3 is
somewhat less than that of HG3. However, if only 85% of the
porosity in S3 is available for absorption owing to the presence of
some closed porosity (as indicated by the uv), then the uAAm of 11.1
for the 85% of available hydrogel within the polyHIPE corresponds
Fig. 6. Eosin Y solution loading curves for various dried polyHIPEs and dried HG3.



Table 3
Plateau values from loading curves (Fig. 6).

Sample usN uv uAAm Comments

S1 0.9 0.26 11.1
S2 2.7 0.86 18.1
S3 2.2 0.85 11.2
S4 1.5 1.50 5.5 Swells
HG3 13.0 1.50 13.0 Swells
P4 2.1 1.15 7.2 Swells

Fig. 8. Eosin Y solution loading curves for various dried polyHIPEs and dried HG3
(logelog).
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well with the uAAm of 13.0 for the neat hydrogel. This type of
structure is also illustrated schematically in Fig. 7. The porous
volume in S4 is not sufficient for the hydrogel polymerized with
a cAAm of 0.092 g/ml to reach equilibrium swelling, as illustrated
schematically in Fig. 7. The uAAm for S4 of 5.5, which is significantly
smaller than that for HG3 in spite of its swelling, indicates that the
hydrogel did not reach its equilibrium swelling.

The relative uptake, us/usN, is presented on a logelog scale in
Fig. 8. All the curves exhibit a power-law relationship at short times,
described by a power-law exponent, n1, and a coefficient, k1, listed in
Table 4. The relative uptake at 1 h is reflectedby k1. ForHG3,n1 is 0.44,
close to the value of 0.5 that is associated with the diffusion-
controlled absorptionmechanism in slabs [41]. The relative uptake at
1 h is comparatively small forHG3. S1,with its small hydrogel content
and incomplete continuity of the hydrogel-filled structure, does not
absorb a great deal of the Eosin Y solution. The n1 for S1 of 0.55
indicates that the absorption mechanism is similar to the diffusion-
controlled absorption mechanism in slabs. S1 does not exhibit the
rapid uptake typical of capillary action and has a relatively low k1.

Most hydrogel-filled polyHIPEs (S2, S3, and S4) exhibit a rela-
tively high uptake at short times. In fact, the relative uptake was
greater than 20% before thefirst point could bemeasured. This rapid
uptake results from the capillary actionwithin the porous polyHIPE
structure. The time scale for capillary action can vary from seconds
to minutes, depending upon the wetting angle and the capillary
diameter [42,43]. The absorption of water within a hydrophilic
polyHIPE scaffold based on poly(2-hydroxyethyl methacrylate)
exhibited capillary action and reached equilibrium swelling in less
than 10 min [28]. The voids, filled with dried hydrogel, are rapidly
filled through capillary action. The rate of uptake for these polyHIPE
decreases following the rapid initial uptake through capillary action.
Following capillary action, the diffusion pathway is analogous to
diffusion through an assembly of polydisperse spheres [41]. The n1
of around 0.24 for these polyHIPEs is relatively low, aswas found for
diffusion through polydisperse spheres [41].

3.5. Release

The release curves for Eosin Y are presented in Fig. 9 HG3
exhibits a relatively rapid and complete release of Eosin Y. S1
Fig. 7. Schematic illustration of hydrogel swelling in the polyHIPE voids for different
cAAm: (a) the swollen hydrogel does not fill the void volume; (b) the swollen hydrogel
fills the void volume; (c) the equilibrium swelling volume of the hydrogel is larger than
the void volume.
exhibits a relatively low release plateau. The relatively lowuptake in
S1 was ascribed to its incompletely interconnected hydrogel phase
and the release is relatively low for the same reason. The release
curves from S2 and S3 exhibit a more sustained release when
compared to the release from HG3. HG3 reaches a release plateau
within 10 h, while S2 and S3 only reach plateaus after periods of
around 250 h (10.4 days). The release curve for S4, with the highest
hydrogel concentration, is similar to that for HG3. As discussed
previously, in S2 and S3 the PS-based walls are more hydrophobic
than for S4. Therefore, in S2 and S3 the diffusion path is through the
interconnected hydrogel phase and highly tortuous, yielding amore
sustained release [44]. The walls are significantly more hydrophilic
for the more extensive copolymerization in S4 and diffusion via the
walls offers a less tortuous alternative. The reduction in tortuosity
makes diffusion through the bicontinuous polymer system in S4
similar to diffusion through the neat hydrogel HG3.

The Eosin Y release curves are presented on a logelog scale in
Fig. 10. All the materials in Fig. 10 exhibit a power-law relationship
over an extended time. The coefficients n2 and k2 from the power-
law fit to the data are listed in Table 4. The n2 for HG3 is consistent
with diffusion through a slab, as was the n1. S1 reaches a release
plateau so rapidly that it does not exhibit a power-law relationship
over an extended time.

The release of Eosin Y from a dried polyHIPE consists of two
stages: (1) the absorption of water through capillary action and
swelling of the gel; (2) the diffusion of Eosin Y through the hydrated
polyHIPE. Eosin Y has a relatively high water solubility and,
therefore, it can be considered to dissolve immediately. The
measurement of the Eosin concentration outside the polyHIPE is, in
Table 4
Kinetic parameters from loading curves (Fig. 8) and release curves (Fig. 10).

Loading Release

Sample k1 n1 k2 n2

S1 0.07 0.55 e e

S2 0.52 0.22 0.15 0.27
S3 0.45 0.24 0.14 0.34
S4 0.97 0.27 0.33 0.46
HG3 0.17 0.44 0.47 0.46
P4 0.09 0.56 0.06 0.41
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essence, a measurement of the second process. The rapid absorp-
tion of water through capillary action seen in the loading experi-
ments will not necessarily produce the rapid release of Eosin Y
since the release is also dependent on the diffusion of Eosin Yout of
the polyHIPE. The n2 for S2 and S3 are significantly smaller than 0.5,
as the case for their n1. This indicates that the diffusion pathway is
equivalent to diffusion through an assembly of polydisperse
spheres, as discussed previously [41]. S4 exhibits an n2 of 0.46,
similar to that of the hydrogel. This is another indication that
copolymerization of the AAm in the external phase enhanced the
hydrophilicity of the scaffold, making the diffusion similar to
diffusion through a slab, making the diffusion through S4 similar to
diffusion through HG3.

3.6. Pre-polymerization

Pre-polymerization of the S4HIPE, polymerization of the external
phase prior to HIPE formation, limited the amount of AAm
Fig. 10. Eosin Y release curves for various dried polyHIPEs and dried HG3 (logelog).
incorporated into the polymer walls through copolymerization,
enhanced the hydrophobicity of the walls, and increased the tortu-
osity of the diffusion path. The HIPE recipe for P4 is identical to that
for S4, except that the external phase underwent pre-polymeriza-
tion. As a result of the pre-polymerization, which limited the AAm
incorporation into the walls, the density of P4 is significantly lower
than that of S4 (Fig. 1) and is closer to the predicted density. The
lower density indicates that P4 is better able to resist the capillary
forces generated during drying and does not collapse to the same
extent as S4. While the copolymerization with AAm is more limited
in P4 than in S4, it does occur to some extent, as reflected in the
partial collapse that produces a density that is greater than expected
(Fig. 1). This is also reflected in the mechanical properties. The
stressestrain curve of P4 (Fig. 4) falls between that of S4 and that of
S0, the control polyHIPE containing no AAm. The modulus of P4,
while less than that of S1, is greater than that of S2 (Fig. 5).

Pre-polymerization seems to enhance HIPE stability. The void
dimensions of P4 (Fig. 2k and l) are significantly smaller than the
void dimensions of S4 (Fig. 2i and j). The void dimensions of P4 are,
in fact, similar to those of S0 (Fig. 2a and b). The reduction in void
dimensions and the increase in porosity combine to yield a higher
surface area to volume ratio for P4 than is found for S4. The volume
of hydrogel distributed over the greater surface area caused the
formation of a hydrogel coating on the void walls (Fig. 2l) when the
polyHIPE is dried. This coating seems to block the interconnecting
holes and makes the porous structure inaccessible to the surface
area measurement, yielding an extremely low surface area for the
dried polyHIPE (Fig. 3).

The Eosin Y solution loading curve and the Eosin Y release curve
for P4 are presented in Fig. 11 and Fig. 12, respectively. The power-
law parameters from Figs.11 and 12 are listed in Table 4. The sealing
of the interconnecting holes by a hydrogel coating (Fig. 2l) prevents
the rapid capillary action seen during uptake for S2, S3, and S4. The
Eosin solution diffuses through the hydrogel coating on the walls
and this diffusion process yields the n1 of 0.56 for P4. The release
from P4 is less affected by the lack of capillary action since the
hydrogel is already partially swollen once release begins, producing
an n2 of 0.41. The n2 for P4 is less than that of S4, reflecting themore
hydrophobic wall in P4 which prevents slab-like diffusion.

The reduction in the extent of copolymerization with AAm
through pre-polymerization, reduced the permeability of the walls
to Eosin Y, and resulted in a significant reduction in release rate.
Fig. 11. The effect of pre-polymerization on the Eosin Y solution loading curve.



Fig. 12. The effect of pre-polymerization on the Eosin Y release curve.
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While S4 reached a release plateau in 10 h, it took 450 h for P4 to
reach its release plateau, longer than the times exhibited by S2 and
S3. Pre-polymerization affected themolecular structure of thewalls
which, in turn, affected the porous structure tortuosity, the bicon-
tinuous structure, the porosity, and, finally, the release mechanism.
By sealing the interconnecting holes in the dried polyHIPE, pre-
polymerization reduced the contribution of capillary action, made
the diffusion pathway more tortuous, and, thus, extended the time
needed for uptake and release.

4. Conclusions

Simultaneous polymerizations within both phases ofW/O HIPEs
were used to synthesize a synergistic bicontinuous material con-
sisting of hydrogel-filled hydrophobic polymer scaffolds. The PS-
based scaffold that contained no hydrogel could not absorb the
aqueous Eosin Y solution. The PAAm-based hydrogels, on the other
hand, reached release plateaus after 10 h. By integrating hydrogels
within polyHIPEs, the release continued for more than 10 days. The
pre-polymerized hydrogel-containing polyHIPE continued to
exhibit release for up to 3 weeks.

The bicontinuous polyHIPEs combine capillary actionwith more
typical hydrogel behavior. The capillary action, enhanced by the
hydrophilicity of the hydrogel-coated surfaces, caused the water to
be rapidly distributed throughout the hydrogel. This is quite
different from the transport of water through a moving front of
swelling hydrogel. The diffusion pathway was analogous to diffu-
sion through an assembly of polydisperse spheres and produced
the relatively low power-law exponents of around 0.24 during
uptake and of around 0.30 during release. The copolymerization of
AAm in the external phase enhanced the hydrophilicities of the
scaffolds, reduced the moduli of the hydrated polyHIPEs, reduced
the tortuosities of the diffusion paths, and increased the power-law
exponent. Pre-polymerization reduced the extent of copolymeri-
zation, enhanced the modulus of the hydrated polyHIPE, sealed the
interconnected structure in the dried polyHIPE, reduced the
contribution of capillary action, increased the tortuosity, and, thus,
extended the time needed for uptake and release.
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Chalcopyrite quaternary semiconductor Cu (InxGa1�x) Se2 nanocrystals were successfully prepared via
a relatively simple electrospinning route and characterized using X-ray powder diffraction (XRD),
scanning electron microscopy (SEM), thermogravimetric analysis (TGA) and transmission electron
microscopy (TEM). Semiconductor Cu(InxGa1�x)Se2 nanofibers were obtained for PVB/Cu(InxGa1�x)Se2
precursor at an applied voltage of 20 kV after annealing treatment at 400 �C for 6 h. The optical property
of Cu (InxGa1�x) Se2 nanocrystals was also recorded by means of UVevis absorption spectroscopy. We
also report the first electrospinning synthesis of uniform chalcopyrite crystals Cu (InxGa1�x)Se2 nano-
fibers and demonstrate can be used to create simple thin film solar cells, with our first cells exhibiting an
efficiency of 1.96% under AM1.5 illumination.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

IeIIIeVI2 chalcopyrite compounds are some of the most prom-
ising candidates for thin film photovoltaic applications, such as Cu
(InxGa1�x)Se2 (CIGS), have been regarded as one of the most prom-
isingmaterials for photovoltaic because of their low toxicity andhigh
conversion efficiency [1e5]. An attractive alternative is the synthesis
of nontoxic IeIIIeVI2 family. Crystalline CIGS films offer an alterna-
tive solar energy conversion material, providing both efficiencies up
to 19.2% [6] and excellent longevity [7]. However, the widespread
utilization of IeIIIeVI2 based solar cells has been hindered by the
high costs vacuum deposition techniques. Various wet-chemical
have been explored to reduce the processing cost [8e10].

The IeIIIeVI2 quaternary alloy system can be synthesized by
a variety of ways such as solvothermal techniques [11], hydro-
thermal techniques [12], single-source decomposition [13,14], and
hot-injection technique [15,16]. It has been known that crystal
structure, composition, and size of the nanocrystals may signifi-
cantly affect their optoelectronic property and device performance
[17]. As composition and structural control becomes difficult for
ternary and quaternary compounds. Solution-based approach
alleviates the need for a high temperature annealing step under
selenium atmosphere and avoiding Se loss [18]. Semiconductor
nanocrystals have also been combined with polymers to produce
71; fax: þ886 6 2346290.
o).

All rights reserved.
solution-processed photovoltaics, such as hybrid CdSe nanocrystal/
poly-3(hexylthiophene) solar cells, which yield reported efficien-
cies of up to 1.7% [19].

The electrospinning technique is one of the most promising
methods for the fabrication of 1D nanostructure materials [20].
Research on the synthesis of various inorganic and metal-oxide
nanowires via electrospinning has recently increased [21,22]. The
electrospinning route is a simple, versatile, and relatively inex-
pensive technique for the synthesis of a broad range of hybrid
nanocomposites. Unlike other methods that produce short nano-
rods or nanotubes, electrospinning produces continuous nanofibers
and nanotubes. Although electrospinning has been used mainly for
the fabrication of organic polymeric nanofibers, ceramic metal-
oxide nanofibers has also received considerable interest due to
their potential applications in areas including photovoltaic devices,
piezoelectric materials, gas sensors, and solar cells [23e26]. Poly-
vinylbutyral (PVB) has been commonly used as capping agent. PVB
is a nontoxic, odorless, and environmentally friendly polymer that
is widely used as a functional material in various fields [27]. Due to
its good compatibility with inorganic materials, PVB is an excellent
organic component for the fabrication of organic/inorganic hybrid
composites. To the best of our knowledge, Cu (InxGa1�x)Se2 nano-
fibers synthesis using electrospinning routes has not been reported
previously. Our synthesis marks an advance for chalcopyrite
quaternary semiconductor nanofibers and offers a possible
template by electrospinning. This method is attractive due to
simplicity, low cost of manufacture, and scalability of the synthesis.

mailto:jdliao@mail.ncku.edu.tw
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.10.058
http://dx.doi.org/10.1016/j.polymer.2010.10.058
http://dx.doi.org/10.1016/j.polymer.2010.10.058
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Fig. 1. Schematic diagram of electrospinning device.
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2. Experimental section

2.1. Materials

All chemicals were used as received without further purification.
Copper(I) chloride (CuCl; 99.99%), indium(III) chloride (InCl3; 99.99%)
from Aldrich Chemical Co.; elemental selenium (99.99%) and gallium
(III) chloride (GaCl3;99.9999%) fromStremChemicals; ethanolabsolute
and hydrochloric acid were from PA Panreac; Polyvinylbutyral (PVB)
(averageMvw40kDa)wasobtained fromChangChunGroupCompany.

2.2. Preparation of electrospinning solution and Cu (InxGa1�x)Se2
nanofibers

In a nitrogen-filled glovebox, a typical reaction is carried about
by adding 1 mmol of CuCl, 2 mmol of elemental Se, 1 mmol total of
Fig. 2. SEM images of PVB/Cu (InxGa1�x)Se2 composite nanofibers electrospinning from (a)
PVB fibers.
InCl3 and GaCl3, 30 wt. % PVB (PVB/ethanol content ratio ¼ 3:7),
20ml ethanol absolute and 1ml hydrochloric acid to a 30-ml three-
neck flask with attached condenser and stopcock valve in
a nitrogen-filled glovebox, while magnetically stirred at room
temperature for 2 h, followed by N2 bubbling at 80 �C for 2 h while
stirring to obtain a homogenous precursor of PVB/Cu(InxGa1�x)Se2
composites.

A schematic setup of the electrospinning route used in this study
is shown in Fig. 1. In the electrospinning of polymer solutions, the
fiber formation process is characterized by the formation and thin-
ning of the liquid jet and the solidification anddeposition offibers on
the collection target. A stainless steel electrode was connected to
a high voltage power supply (You-Shang Technical Corp.), which can
generate aDCvoltageof up to30kV. The applied voltage between the
tip and collector were set at 20 kVwith a tip-to-collector distance of
18 cm. The applied voltage overcomes the liquid surface tension to
forma jet,which thenbends and spirals into a large looping path as it
thins into fine fibers and solidifies. Homogeneous precursor solu-
tions of PVB/Cu (InxGa1�x)Se2 composites were prepared and used
immediately for electrospinning. Finally PVB/Cu (InxGa1�x)Se2
nanofibers were obtained. The applied voltage, tip-to-collector
distance, viscosity, and concentration were varied.

2.3. Morphologies of PVB/Cu (InxGa1�x)Se2 nanofibers

The as-prepared samples were characterized by X-ray powder
diffraction (XRD), scanning electron microscopy (SEM), a thermog-
ravimetric analysis (TGA), and transmission electron microscopy
(TEM), respectively. XRD was carried out on a D/MAX-500 X-ray
powder diffraction system with Cu Ka radiation (l ¼ 1.5418 Å). A
scanning rate of 0.02 s�1 was applied to record the patterns in the 2
Theta range of 15e80�. TEM characterization was conducted on
a JEM-2000EX system using an acceleration voltage of 160 kV.
10 wt.%, (b) 20 wt.%, (c) 30 wt.%, and (d) 40 wt.% aqueous solutions at 20 kV; (e) pure
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A Hitachi S-4200A scanning electron microscopy (SEM) with at an
acceleration voltage of 5 kV was employed to characterize the
morphologies.

3. Results and discussion

3.1. Morphologies of electrospinning PVB/Cu (InxGa1�x)Se2
composite fibers formation

Fig. 2 shows a series of SEM images of PVB/Cu (InxGa1�x)Se2
nanofibers obtained from precursor solutions with concentration
ratios of 10wt.%, 20wt.%, 30wt.%, and 40wt.%(PVB/ethanol content
ratio¼ 1:9, 2:8, 3:7 and 4:6). As can be seen in Fig. 2(a), fewer fibers
were obtained when the ratio was 10 wt.%. Because of the ratio
decreased, the conductivity offibers increased, the viscosity offibers
decreased, and bead-on-string structures appeared. When the ratio
further increased, the beads onfibers decreased. The results showed
that high concentration preferred generated fibers ratios increased.
The high conductivity solvent is helpful to the ion diffusion and
reduces resistance. Thehighviscosity solvent can cause thediffusion
of ions not to be easy, to reduce the conductivity [28].

When the concentration of PVB was increased, bead-on-string
structures were observed, as shown in Fig. 2(b)e(d), and the bead
density decreased. PVB/Cu (InxGa1�x)Se2 nanofibers with smooth
surfaces were obtainedwhen the PVB/ethanol ratiowas 30wt.%. The
concentration of PVB is thus a key factor in the preparation of smooth
PVB/Cu (InxGa1�x)Se2 nanofibers. PVB acted as the capping agent,
which in the PVB/Cu(InxGa1�x)Se2 composite nanofibers exist states
is adsorbed polymer chains induce not only steric repulsion but also
bridging attraction. Pure PVB fibers are shown in Fig. 2(e); their
morphology is smooth than those of PVB/Cu (InxGa1�x)Se2 fibers.

The effect of the parameters of the solution on the morphology
of nanofibers was investigated. The diameter of PVB/Cu (InxGa1�x)
Se2 composite fibers obtained at various work distances and
concentrations are shown in Fig. 3. With increasing concentration
ratio, the diameter of PVB/Cu (InxGa1�x)Se2 composite fibers
decreased and bead-on-string structures appeared. When the
concentration ratio was further increased, the beads on fibers
decreased, as shown in Fig. 3 (blue line). Compared with various
concentrations, the capping agent forms stable complexes with the
precursor, which the rapid formation of small nanoparticles as
the crystal nuclei and slow crystal growth to form nanofibers from
the crystal nuclei according to the inherent crystal structure. In this
instance, the work distance from the tip of the needle to the
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Fig. 3. Diameters of PVB/Cu (InxGa1�x)Se2 composite fibers for various work distances
and concentration ratios.
collector is enough long for the elongation and solidification of the
jet to form fibers, as shown in Fig. 3 (black line). However, when the
work distance was shortened, the fiber diameter increased. That is,
the morphology of the electrospinning structure transformed
quickly and one was the evaporation of solvent in the jet was partly
suppressed. The whipping instability, which facilitated the diffu-
sion of the jet, was greatly suppressed [29]. The results show that
a large work distance is preferred for electrospinning.

Fig. 4 shows fiber diameters of PVB/Cu (InxGa1�x)Se2 composite
fibers for various viscosities and applied voltages (10 kV, 15 kV,
20 kV, and 22 kV). The fiber diameter decreased with increasing
viscosity, as expected (Fig. 4, black line). One hundred PVB/Cu
(InxGa1�x)Se2 composite fibers were selected from ten spots of
60� 60 mm2 to measure the distribution of the diameters. This may
be due to the greater expanded conformation of PVB/Cu (InxGa1�x)
Se2 in the solution caused by the electrostatic repulsion between
PVB/Cu (InxGa1�x)Se2 mixture molecules. The molecular entangle-
ment of PVB/Cu (InxGa1�x)Se2 in solution is thus expected to be
higher. It was observed that the diameter distribution of the PVB/Cu
(InxGa1�x)Se2 composite fibers decreased with increasing applied
voltage (Fig. 4, blue line). The jet is driven by a high electrical
potential applied between the collector and the solution. The elec-
trical forces which stretch the wires are resisted by the elongation
viscosity of the jet. A reduction in size with the applied voltage has
been reported for various electrospinning organic fibers [30].
3.2. Thermal behavior of electrospinning PVB/Cu (InxGa1�x)Se2
composite fibers formation

Fig. 5 shows TGA thermogram of the PVB/Cu (InxGa1�x)Se2
nanofibers. It was observed that the weight substantially decreases
in the low temperature region. PVB/Cu (InxGa1�x)Se2 nanofibers
(Fig. 5(a)) exhibited three steps and a total loss of ca. 47.2%. The first
step of ca. 7.7%, from 100 to 320 �C, can be attributed to the loss of
volatile water and ethanol solution. The higher thermal stability of
PVB/Cu (InxGa1�x)Se2 fiber might be attributed to its higher chain
compactness due to the interaction between the PVB and the Cu
(InxGa1�x)Se2 materials [31]. The second significant weight loss of
ca. 27.7%, between 330 and 480 �C, can be attributed to the loss of
crystal water and the decomposition of acetate along with the
degradation of PVB by dehydration on the polymer side chain [32].
The third step, which started at about 450 �C and ended at about
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Fig. 6. XRD patterns of quaternary Cu (InxGa1�x) Se2 nanocrystals synthesized by the
electrospinning process obtained (a) before annealing, (bee) after annealing by 400 �C
for 3 h, 6 h, and (f) after annealing by 600 �C for 6 h.
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580 �C was a weight loss of ca.11.8%, which was assigned to the
release of water formed from the condensation of carbonyl groups
in the PVB/Cu (InxGa1�x)Se2 framework and the decomposition of
the excess chalcogen species [33e35]. It is clear from the TG curve
that all the PVB and the organic group were removed completely at
680 �C, resulting in a metal oxide composite phase [36e39]. The
weight loss of PVB fibers (Fig. 5(b)) began to occur at approximately
320 �C and was complete at about 560 �C. The temperatures cor-
responding to the peak maxima were near 400 �C for ions repre-
senting aliphatic species and near 410 �C for alkyl aromatics.
3.3. Structures of tetragonal chalcopyrite Cu (InxGa1�x)Se2
nanocrystals formation

Fig. 6 shows theXRDpatterns of Cu (InxGa1�x)Se2fibers obtained
(a) before annealing, and (bee) after annealing at 400 �C for 3 h, 6 h
and (f) after annealing at 600 �C for 6 h. Fig. 6 shows the XRD spectra
of Cu (InxGa1�x)Se2 nanofibers were used; five peaks corresponding
to (112), (204)/(220), (116)/(312), (008)/(400), and (316)/(332) of the
Cu (InxGa1�x)Se2 crystal structure, respectively, can be observed. All
of the diffractionpeaks canbe indexedas the tetragonal chalcopyrite
phase of CIGS (JCPDS 80e0075), which implies that pure Cu
(InxGa1�x)Se2 was synthesized. Thus, in order to determine that the
nanocrystals are chalcopyrite, it is crucial to be able to observe the
Fig. 7. TEM images of (a) as-synthesized Cu (InxGa1�x)Se2 nanostructures and SAED patte
recorded along [221].
minor peaks that are unique to the chalcopyrite structure. For
instance, the minor peaks at 17.14�, 27.74�, and 35.55� correspond-
ing to the (101), (103), and (211) peaks, respectively, are unique to
the chalcopyrite structure and are shown as an inset of Fig. 6. The
diffraction peaks also show patterns gradually shifting toward the
higher angle with increasing gallium content, due to the decreased
lattice spacing with smaller gallium atoms substituting for larger
indium atoms. However, after annealing at 400 �C for 6 h and 600 �C
for 6 h, a single phase of well-crystallized Cu (In0.8Ga0.2)Se2 with
a tetragonal chalcopyrite structure was obtained. A completely
crystalline structure formed in the Cu (In0.8Ga0.2)Se2 nanofibers
with the addition of PVB to the electrospinning step after annealing.
The FWHM (full width at half-maximum) values of the CIGS nano-
fibers were similar to those calculated using the Scherrer equation
(D¼Kl/(b cos q);K¼0.89, l¼0.15418nm,b¼ FWHM, q¼diffraction
angle). According to theVegard’s law, the lattice constantsmeasured
for the Cu (In0.8Ga0.2) Se2 samples were a ¼ 5.583 � 0.002 Å and
c ¼ 11.203 � 0.002 Å, with the c/2a ratio of 1.003 � 0.002. The
observed lattice parameters and c/2a ratio agree very well with the
reported values for the chalcopyrite phase [2].
rn (inset) and (b) high-resolution TEM of fiber-like Cu (InxGa1�x)Se2 nanostructures



Table 1
Measured CIGS Nanocrystal Composition.

Precursor atomic
ratio Cu:In:Ga:Se

Measured by
EDSa Cu:In:Ga:Se

Measured by
ICPMSb Cu:In:Ga:Se

1:0.8:0.2:2 1:0.76:0.18:1.98 1.02:0.74:0.23:2.01
1:0.5:0.5:2 1.04:0.52:0.47:2.02 1:0.51:0.48:1.97
1:0.2:0.8:2 0.99:0.18:0.77:1.96 1.03:0.21:0.82:2.03

a EDS measurements have an error of ca. �2 atom %.
b ICPMS measurement have an error of �0.2 atom % for In, �0.1 atom % for Ga,

�0.5 atom % for Se.
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The morphologies of the Cu (InxGa1�x)Se2 nanofibers were
characterized using a transmission electron microscope (H-800)
with an acceleration voltage of 160 kV Fig. 7(a) shows TEM
micrographs of Cu (InxGa1�x)Se2 nanofibers by electrospinning at
20 kV. The fiber-like morphology of Cu (InxGa1�x)Se2 can be seen.
The fiber-like nanostructures have diameters from 60 to 80 nm and
lengths from hundreds of nanometers to several micrometers. By
changing the reaction concentration, tip-to-collector distance,
viscosity, and applied voltage, the nanofiber size can be easily
controlled. When the PVB/ethanol ratio was increased from 10 wt.
% to 40wt. %with a tip-to-collector distance of 18 cm, the diameters
decreased to about 70 nm. The growth directions for the nanofibers
were determined from the selected area electron diffraction (SAED)
patterns shown in the inset in Fig. 7 (a). A high-resolution bright
field TEM image of characteristic nanofibers (65 nm) from the
chalcopyrite synthesis is shown in Fig. 7(b). The image is taken
along the [221] zone axis with the (220), (204), and (024) crystal-
lographic planes indicated by white lines. Spacing measurements
based on 6 planes indicated d-spacings of 1.86 � 0.02 Å for the
(220) and 2.03 � 0.02 Å for the (204) and (024). The measured
angle between the (220) and (024) planes is 63 � 0.5� and is
58.5 � 0.5� between (204) and (024) planes. If the structure were
sphalerite, the measured angles should be 60� between all three
planes, and the measured d-spacings should be 1.98Å. These
observed differences provide additional evidence of lattice distor-
tion that result from cation ordering and the chalcopyrite crystal
structure. The zone axis of the SAED pattern was determined to be
[221], and the pattern is typical for nanocrystals from this same
synthesis procedure. These extra spots correspond to 2/3 the
distance of the (114) or (122) fundamental reflections and have a d-
spacing of 3.1 Å. Both high-resolution TEM (Fig. 7) and XRD (Fig. 6)
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Fig. 8. UVevis absorption spectrum of the as-synthesized Cu (In0.8Ga0.2)Se2 nano-
crystals. Inset of Fig. 7 shows the abs2 vs eV for the Cu (In0.8Ga0.2)Se2 nanocrystals; the
estimated band gap energy is 1.12 eV.
confirmed that the nanocrystals are crystalline with tetragonal
chalcopyrite structure. No other crystal phases were observed in
the XRD patterns of the product. Compositional analysis by ICPMS
showed that the average composition of the nanocrystals in the
sample has a molar Cu/(In þ Ga)/Se ratio of 1:1:2 and the compo-
sition of individual particles measured by EDS were 1:1:2 with
a variation from particle to particle less than the experimental error
of ca. �2 atom % (see Table 1).

A potential mechanismwas derived based on the above results. In
the interaction of Cu (InxGa1�x)Se2 and PVB as the capping agent, the
PVBmolecules assembled on the surface of Cu (InxGa1�x)Se2, making
the Cu (InxGa1�x)Se2 nanoparticles are partly covered by PVB long
chains. There was also an interaction between Cu (InxGa1�x)Se2
nanoparticles due to the high Gibbs’ surface free energy of Cu
(InxGa1�x)Se2. The two competing interactions induced larger Cu
(InxGa1�x)Se2 and PVB clusters with various diameters. The surface
defects were partly passivated by PVB. With an increase of the PVB
concentration, more Cu (InxGa1�x)Se2 nanoparticles with low
aggregation were extracted. The dispersion of the Cu (InxGa1�x)Se2
and PVB clusters decreased, and the passivation became more
effective.

3.4. Optical and electrical of tetragonal chalcopyrite Cu (InxGa1�x)
Se2 nanocrystals formation

Fig. 8 shows UV/vis absorption spectra and optical micrographs
of the chalcopyrite quaternary Cu (In0.8Ga0.2)Se2 nanocrystals
synthesized by an electrospinning process and annealing at 400 �C
for 6 h. The band gap energy determined from absorbance spectra
(Fig. 8) of optically clear dispersions of nanocrystals was found to be
1.12 eV (1107 nm), which is in good agreement with the reported in
literature [40]. The absorber layer may be formed simply by drop-
casting onmolybdenum coated soda-lime glass substrate. The films
are annealed under flow of Ar at 500 �C for 3 h to remove the
organic cappingmolecules.We fabricated the first batch of thin film
solar cells in our laboratory using these films following chemical
bath deposition of CdS layer, and RF sputtering of 60 nm intrinsic
zinc oxide and 200 nm of ITO layers. The corresponding IeV char-
acteristics of the solar cell are shown in Fig. 9. The final devices are
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Fig. 9. Currentevoltage characteristics by the AM1.5 irradiation (100 mW/cm2). The
nanocrystal absorber layer was 800 nm thick, consisting of diethylenetriamine capped
Cu (In0.8Ga0.2)Se2 nanocrystals with an average diameter of 70 nm.
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scribed into small areas of 0.124 cm2 with a small dap of silver paint
applied to form the top contact. The device parameters for a single
junction Cu (In0.8Ga0.2)Se2 solar cell under AM1.5G are as follows:
open circuit voltage of 311 mV, short-circuit current of 23.4 mA/
cm2, fill factor of 27%, and a power conversion efficiency of 1.96%.
4. Conclusion

Cu (InxGa1�x)Se2 nanofibers were successfully fabricated via
electrospinning. The continuous PVB/Cu (InxGa1�x)Se2 organized
fibers can be transformed to the Cu (InxGa1�x)Se2 nanofibers via
annealing. The fibers are comprised of compact Cu (InxGa1�x)Se2
nanocrystals, maintaining their 1D identity. Tetragonal chalcopyrite
nanofibers with a diameter of 70 nm can be produced and which is
a single crystal with a growth direction of [221]. Active area cell
efficiencies up to 1.96% (Voc ¼ 311 mV, Jsc ¼ 23.4 mA/cm2,
FF ¼ 0.27%) have been demonstrated using the IeIIIeVI2 based
absorber layer fabricated. These compositional, structural, and
mechanistic findings provide valuable insight in the development
of thin film solar cells using quaternary IeIIIeVI2 semiconductors.
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Transparent PMMA/ZrO2 nanocomposites were prepared by in-situ bulk polymerization of methyl
methacrylate (MMA)/ZrO2 dispersions that were firstly synthesized using nonaqueous synthesized ZrO2

nanocrystals and the function monomer, 2-hydroxyethyl methacrylate (HEMA), as the ligand. The
dispersion behavior of ZrO2 nanoparticles in MMA, structure, mechanical and thermal properties of the
PMMA/ZrO2 nanocomposites were investigated comprehensively. It was found that ZrO2 nanoparticles
were well dispersed in MMA with HEMA ligand, but the MMA/ZrO2 dispersions easily destabilized in air
as well as at elevated temperatures. The destabilization temperature of the dispersion is raised by
increasing the molar ratio of HEMA/ZrO2 to match the bulk polymerization temperature. The PMMA/ZrO2

nanocomposites showed an interesting chemical structure (namely, highly cross-linked structure even at
ZrO2 content as low as 0.8 wt% and hydrogen bonding interaction between polymer matrix and ZrO2

nanoparticles), with enhanced rigidity without loss of the toughness and improved thermal stability. The
relationship between the structure and the properties of the PMMA/ZrO2 nanocomposites based on the
HEMA coupling agent was discussed.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

In the past decades, incorporation of inorganic nanoparticles into
polymermatrix received tremendous interests, since it can obviously
improve the properties of polymers and/or render polymers with
novel functions. Among all these studies, special attentions have
been focused on polymethyl methylacrylate (PMMA)-based nano-
composites, because the small size effect of nanoparticles could
retain the original transparency of PMMA. Fe-oxides [1], Ag [2], TiO2
[3,4], ZnS:Mn [5], ZnO [6], and LaPO4:Ce3þ, Tb3þ [7] nanoparticles
have been introduced into PMMA, providing the optical plasticswith
magnetic, nonlinear optical, luminescent, or UV-blocking properties.
Generally, four routes for fabrication of PMMA-based nano-
composites were applied: (1) in-situ generation of nanoparticles in
PMMA solution, (2) in-situ generation of nanoparticles in methyl
methacrylate (MMA) monomer and following radical polymeriza-
tion, (3) blending ex-situ preformed nanoparticles with PMMA
solution, and (4) in-situ bulk polymerization of MMA/nanoparticles
dispersion. The route of in-situ generation of nanoparticles suffers
from the drawback of the introduction of byproducts in the nano-
composites. As for the latter twoprocesseswith preformed inorganic
u).

All rights reserved.
nanoparticles, the big challenge is encountered to assure the
homogeneous dispersion of nanoparticles in the nanocomposites.
Since the blendingmethod using PMMA solution is confronted with
the serious environment problem due to the organic solvents
employed, in-situ polymerization of MMA/nanoparticles dispersion
would bemore desirable especially for the production of bulk sheets.
For this approach, the surface character of nanoparticles is extremely
paramount to the dispersion of nanoparticles in PMMA and the
properties of the resulted nanocomposites. A lot of surfacemodifiers
have been chemically attached to the nanoparticles to improve the
compatibility of nanoparticles with MMA and further PMMA.
Successful examples include tert-butylphosphonic acid for ZnO
nanoparticles [8], octylphosphonic acid for ZrO2 and TiO2 nano-
particles [9], stearic acid for calciumcarbonate nanopowder [10], and
3-glycidoxypropyltrimethoxysilane for alumina nanoparticles [11],
just to name a few. These ligands, however, are inert in radical
polymerization. The surface-treated nanoparticles during polymer-
ization tend to aggregate due to depletion force, reducing
the transparency of PMMA-based nanocomposites especially at
high nanoparticle load [8,9]. To overcome this problem, vinyl
group-containing ligands were used as alternatives. For instances,
g-methacryloxypropyltrimethoxysilane (MPS) was employed for
functionalization of SiO2 nanoparticles [12] and ZrO2 nanoparticles
[13], and oleic acid for modification of ZnO nanoparticles
[14] and NaYF4:Yb3þ,Er3þ(Tm3þ) nanoparticles [15]. With these

mailto:zhoushuxue@fudan.edu.cn
www.sciencedirect.com/science/journal/00323861
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surface-treated nanoparticles, chemical bonding between PMMA
matrix and nanoparticles was usually established. However, other
types of vinyl group-containing ligands that provide new interaction
mode (i.e. hydrogen bonding) between PMMA matrix and nano-
particles are seldom reported so far.

On the other hand, 2-hydroxyethyl methacrylate (HEMA), one of
the common function acrylatemonomers, has the ability to interact
with inorganic moieties via its hydroxyl group and participate in
radical polymerization via its vinyl group. It has been successfully
used in the preparation of PHEMA/SiO2 hybrids via versatile
approaches, i.e. in-situ bulk polymerization of HEMA-modified SiO2
nanoparticles/HEMA dispersion [16e18], blending PHEMA with
colloidal SiO2 or tetraethoxysilane (TEOS) [19], blending HEMA
with TEOS and then undergoing an acid-catalyzed solegel process
and radical polymerization [20], blending HEMA with fumed SiO2
and subsequently following polymerization [21], and etc. Fabrica-
tion of PMMA/TiO2 hybrid has also been reported by blending P
(MMA-co-HEMA) with titanium butoxide [22]. In these cases,
HEMA acted not only as a polymer matrix but also as a coupling
agent for the interaction between polymer and inorganic moieties.
Although the bridging role of HEMAwas well demonstrated in SiO2

and TiO2-based hybrids, other successful preparation of nano-
composites based on HEMA as a coupling agent was still very
limited.

Recently, we found that the ZrO2 nanocrystals, synthesized from
a solvothermal reaction of zirconium isopropoxide isopropanol
complex in anhydrous benzyl alcohol, are highly dispersible in
various organic media with the help of ligands [23,24]. It was
proved that these nonaqueous synthesized ZrO2 nanoparticles are
very promising for the preparation of transparent polymer/ZrO2
nanocomposites with high refractive index [25e27] and enhanced
mechanical properties [13,25e27]. In this work, ZrO2 nanocrystals
were dispersed in MMA using HEMA as a coupling agent, accom-
panying with in-situ bulk polymerization to get PMMA/ZrO2
nanocomposites. It is expected that hydrogen bonding interaction
was formed in the MMA/ZrO2 dispersion as well as in the resulted
nanocomposites. Although hydrogen bonding has been frequently
employed to construct supramolecular materials [28,29] and 3D
elastic network with high stiffness [30], as well as to enhance the
mechanical properties of polymer [31], few researches explored the
preparation of nanocomposites based on hydrogen bonding. Until
recently, hydrogen bonding was found in poly(D,L-lactide)/
hydroxyapatite (HA) nanocomposites [32] and polyamide/HA
nanocomposites [33], which was responsible for the better prop-
erties of the nanocomposites relative to the neat polymers.
Therefore, this work will favor understanding the influence of
hydrogen bonding on the dispersion behavior of nanoparticles and
the properties of the nanocomposites, and meanwhile, provide
a new preparation approach of transparent PMMA-based nano-
composites with improved properties using nonaqueous synthe-
sized ZrO2 nanoparticles.

2. Experimental section

2.1. Materials

Zirconia nanoparticles (size: 3.8 nm, cubic crystal) were
obtained from a solvothermal reaction of zirconium(IV) isoprop-
oxide isopropanol complex (99.9%, Aldrich) in anhydrous benzyl
alcohol (�99%, Aldrich), as described in detail elsewhere [34].
HEMA was purchased from Acros Organics (Belgium). MMA
was the products of Sinopharm Chemical Reagent Co. Azo-bisiso-
butyronitrile (AIBN) was purchased from Shanghai Guanghua
Chemical Reagent Co. (China), and re-crystallized in ethanol
before use.
2.2. Preparation of ZrO2 nanoparticle dispersion in MMA

The as-synthesized ZrO2 nanoparticles suspended in benzyl
alcohol were centrifuged and washed by two repeated cycles of
sonification in xylene for 3 min and centrifugation at 1500 rpm for
3 min. The as-obtained wet ZrO2 nanoparticles contained 49 wt% of
xylene. They were directly dispersed in the pre-made MMA/HEMA
monomer mixture by sonication, in which the amount of HEMA
was generally designed based on the HEMA-to-ZrO2 molar ratio of
0.8/1. For example, an MMA/ZrO2 dispersion with 3 wt% of
concentration means that the dispersion contains 2.54 g of HEMA,
94.46 g of MMA, and 5.88 g of wet ZrO2 nanoparticles (namely, 3.0 g
ZrO2 nanoparticles and 2.88 g of residual xylene). It should be noted
that if the ZrO2 nanoparticles were dried first, they cannot be
de-agglomerated in any media with the help of ligands.

2.3. In-situ polymerization of MMA/ZrO2 dispersion

A certain amount of MMA/ZrO2 dispersion was added into
a three-necked flask, following charge of an initiator, AIBN (0.1 wt%
based on the weight of ZrO2/MMA dispersion). The polymerization
reactionwas conducted at 75� 2 �C under mechanical stirring until
the reactants attained a desired viscosity. Then, the viscous pre-
polymerwas transferred into a glass mold and kept at 40 �C for 24 h
and 100 �C for 1 h to finish the polymerization. PMMA/ZrO2
nanocomposite slices were obtained by disassembling the mold.
The sample slices for mechanical tests were dried overnight at
60 �C and stored at room temperature for more than one month
before testing, in order to remove the xylene and the residual
monomers.

2.4. Characterization

The gel fraction (G) and the polymerization conversion (C) of the
nanocomposites were determined by Soxhlet extracting experi-
ments using THF as the solvent with 48 h of reflux. The mass of the
nanocomposite remained after extraction (M1) and the mass of the
free PMMA chains dissolved in THF (M2) were weighed. The gel
fraction and the polymer conversion (C) were calculated according
to the following equations:

G ¼ �
1:04þ CZrO2

�
M1=1:04M0 (1)

C ¼ �
1:04þ CZrO2

�ðM1 þM2Þ=1:04M0 (2)

where CZrO2
is the designed weight percentage of ZrO2 nano-

particles and M0 is the mass of the as-synthesized nanocomposite
before extraction.

FTIR spectra were recorded using a Nicolet Nexus 470 spec-
trometer (USA) in the wavenumber range of 400e4000 cm�1 with
a resolution of 2 cm�1 and accumulation of 32 scans. Liquid samples
were sandwiched between two KBr plates. PMMA nanocomposites
were crashed into small powders and blended with KBr to form
sample plates. A variable temperature cell equipped with
a temperature control unit was used for the temperature-depen-
dent IR transmission measurements. The spectra were recorded
after equilibrating for 10 min at the desired temperature.

The UV/vis transmission spectra were obtained with a UV-
1800PC spectrophotometer (Shanghai Mapada Instrument Co., Ltd.,
China).

Transmission electron microscope (TEM, Hitachi H-600 instru-
ment, Hitachi Co., Japan) was used to observe the morphology of
nanocomposites. The specimens were prepared using an ultrami-
crotome. Thin sections of about 50 nm were cut from the nano-
composite slices without further staining.



Fig. 1. Change of the appearance of MMA/ZrO2 dispersion after keeping at 70 �C for
10 min (ZrO2 concentration: 2 wt%, HEMA/ZrO2 molar ratio: 0.6/1).

Table 1
Influence of HEMA content on the destabilizing temperature of the ZrO2/MMA
dispersions.

HEMA/ZrO2 (mol/mol) Destabilizing temperature (�C)

0.05/1 40
0.1/1 40
0.2/1 45
0.4/1 60
0.6/1 70
0.8/1 100
1/1 >110

Note: ZrO2 concentration: 2 wt%.
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Tensile tests were performed on a CMT4104 universal testing
instruments with a crosshead speed of 1.0 mm/min. The samples
were cut into dumbbell shape with a punch according to GBT
1040.2e2006. The width of the narrow section is 4 mm, and the
gage length is 20 mm.

Dynamic mechanical analysis was performed on a DMA2980
instrument (TA Instruments, USA) operated at a frequency of 11 Hz.
Temperature sweeps from 25 to 200 �C at a heating rate of 2 �C/min.

Thermogravimetric analysis (TGA) was carried out using a Per-
kin Elmer TGA-7 instrument (USA) at a heating rate of 10 �C/min in
air.

3. Results and discussion

3.1. Dispersion behavior of ZrO2 nanoparticles in MMA

Our researches [23,24] have demonstrated that nonaqueous
synthesized ZrO2nanoparticles are highly dispersible inmanyorganic
solvents (i.e. THF, butyl acetate, toluene,N,N-dimethylformamide, and
etc.) with appropriate ligands. Dispersion of ZrO2 nanoparticles in
MMA was also investigated in our previous publications [13,23].
Highly transparentMMA/ZrO2dispersionatprimaryparticle size level
hasbeenachieved for thecaseswith the ligandssuchasMPS[13], ethyl
3,4-dihydroxycinnamate [23], allylmalonic acid [23], or acrylic acid
[23], but not for the case with the hydroxyl group-containing ligand,
trimethylolpropane mono allyl ether (TMPMA) [23]. In the present
article, another hydroxyl group-containing ligand,HEMA,was tried to
help thedispersionof ZrO2nanoparticles inMMA.HEMAwasadopted
because of its general application as the functional comonomer for
synthesis of polyacrylates, which makes the removal of free ligands
unnecessary. On the other hand, the bifunctionality (hydroxyl and
vinyl groups) of HEMAmolecules may act as bridges between PMMA
matrix and ZrO2 nanoparticles, avoiding the depletion force-induced
phase separation [35] during in-situ polymerization.

Experiments showed that the turbid MMA/ZrO2 dispersion
quickly turned into transparent “solution” after sonication under
the existence of HEMA, even themolar ratio of HEMA/ZrO2 down to
0.05/1. This phenomenon indicated that HEMAworked well for the
dispersion of ZrO2 nanoparticles in MMA. However, the MMA/ZrO2
dispersions with HEMA ligand were easily destabilized during
storing in air, being similar to the THF/ZrO2 dispersionwith TMPMA
ligand [23]. This destabilizationmay be attributed to the desorption
of HEMA, resulted from the competitive adsorption of water from
the air. Therefore, the pre-made MMA/ZrO2 dispersions have to be
kept in a sealed container prior to polymerization. In addition, it
was found that the MMA/ZrO2 dispersions with HEMA ligand were
easily destabilized at high temperatures and cannot be re-stabilized
again even it was cooled down and sonified. For example, the
transparent MMA/ZrO2 dispersion with 2 wt% of ZrO2 concentra-
tion and HEMA/ZrO2 molar ratio of 0.6/1 became cloudy after
heating at 70 �C for 10 min, as shown in Fig. 1. Further investigation
revealed that the destabilizing temperature of MMA/ZrO2 disper-
sion depended on the molar ratio of HEMA/ZrO2, as summarized in
Table 1. The higher the molar ratio of HEMA/ZrO2 is, the higher the
destabilized temperature is. Since the polymerization was carried
out at 75 �C, HEMA/ZrO2 molar ratio of 0.8/1 was thus employed to
avoid destabilization.

The destabilization behavior of the MMA/ZrO2 dispersions
stored in air or at elevated temperatures indirectly suggested the
physical adsorption of HEMA on the surface of ZrO2 nanoparticles.
Unlike the chemically-bonded ligands, the physically-bonded
ligands are actually in the state of dynamic adsorption/desorption
equilibrium, and are easily replaced by other molecules (for
example, water molecules herein) with stronger affinity to the
nonaqueous synthesized ZrO2 nanoparticles. At elevated
temperatures, the dynamic adsorption/desorption equilibrium
generally tends to cause more serious disassociation of HEMA
molecule, resulting in a reduced coverage of ZrO2 nanoparticles
with HEMA molecules. Meanwhile, Brownian motion of nano-
particles in the dispersion becomes stronger at higher tempera-
ture, resulting in higher probability of collision between ZrO2
nanoparticles. Both of these two aspects lead to aggregation of
ZrO2 nanoparticles and ultimately the destabilization of the
dispersion. Due to the highly-active surface of nonaqueous
synthesized ZrO2 nanoparticles, the aggregation may produce hard
aggregates rather than soft agglomerates. As a consequence, the
dispersion cannot become transparent any more once it was
destabilized. At a higher molar ratio of HEMA/ZrO2, more HEMA
molecules are physically attached to the surface of ZrO2 nano-
particles, which provides better protection of ZrO2 nanoparticles
from aggregation and thus better high-temperature stability of
MMA/ZrO2 dispersion.

The HEMA on the surface of ZrO2 nanoparticles should be
attached via hydrogen bonding according to the possible fashions
as presented in Scheme 1. Unfortunately, the hydrogen bonding in
the MMA/ZrO2 dispersion would additionally exist between
hydroxyl and hydroxyl/carbonyl groups, and/or come from the
adsorbed water molecules. It causes difficulty in confirming a low
quantity of hydrogen bonds between the physisorbed HEMA
molecules and ZrO2 nanoparticles. We ever tried to identify the
hydrogen bond by comparing the FTIR spectrum of MMA/HEMA
solution with that of MMA/ZrO2 dispersion, but no obvious differ-
ence was observed on the band of hydroxyl group at the wave-
number range of 3100e3650 cm�1.



Scheme 1. Possible fashion of hydrogen bond between HEMA and ZrO2 nanoparticles.
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3.2. Bulk polymerization of MMA/ZrO2 dispersions

Similar to the common bulk polymerization of MMA, bulk
polymerization of MMA/ZrO2 dispersion was conducted by two
steps: pre-polymerization under stirring and subsequent poly-
merization in a glass mold. As we knew, a proper viscosity attained
by pre-polymerization step is paramount for a bulk polymerization
process. Table 2 summarizes the pre-polymerization time to reach
a desired viscosity (w0.9 Pa s) for the MMA/ZrO2 dispersions
containing various ZrO2 contents andMMA/HEMAmixtures. As the
ZrO2 content increases, the pre-polymerization time increases at
a ZrO2 content up to 3 wt%, and then quickly shortens at high ZrO2
load level. This polymerization behavior is the same as that of
MMA/MPS-modified ZrO2 dispersion reported previously [13]. It
may be interpreted as follows. In MMA/ZrO2 dispersion, there are
two kinds of comonomer, free HEMA molecules and those HEMA
molecules associated with ZrO2 nanoparticles via hydrogen bonds.
Table 1 shows that the pre-polymerization time for copolymeri-
zation of MMA/HEMAmixture (see samples PMMA-H1 and PMMA-
H7) prolongs as the amount of HEMA in the monomer mixture
increases. This implies that the free HEMA molecules will decrease
the polymerization rate of MMA/ZrO2 dispersion. On the other
hands, these associated HEMA molecules and the corresponding
HEMA radicals (initiated or transferred) were less active both in
propagation and in termination reaction due to the restricted
diffusion. Since pre-polymerization was conducted before the gel
effect of polymerization occurs, the polymerization rate is domi-
nated by the propagation rate at that stage. The reduction of
propagation rate due to the HEMA-associated ZrO2 nanoparticles
will ultimately decrease polymerization rate. Therefore, both the
Table 2
Polymerization results of MMA/ZrO2 dispersions using HEMA as a coupling agent.

Sample PMMA0 PMMA08 PMMA1.6

ZrO2 concentration (wt%) 0 0.8 1.6
Conversion (%) 98 99.2 99.3
Pre-polymerization timea (min) 45 55 58
Gel fraction, % 0 96.0 96.9

a Note: The time to reach a viscosity of w0.9 Pa s at reaction temperature of 75 �C.
b Note: PMMA-H1 and PMMA-H6 represent the copolymers prepared at MMA-to-HEM
free HEMA molecules and associated HEMA molecules will reduce
the polymerization rate of MMA, which well be responsible for the
extended pre-polymerization time at low ZrO2 concentration.
However, at high ZrO2 load, the desired viscosity can be reached at
lowmonomer conversion because ZrO2 nanoparticles play physical
cross-linking role in the system. As a result, the pre-polymerization
time shortens at high ZrO2 load, despite of the reduced polymeri-
zation rate.

The gel fraction of the nanocomposites is also listed in Table 2.
Surprisingly, the gel fraction reaches as high as 96.0% even with
only 0.8 wt% nanoparticles. This result indicates that the HEMA-
adsorbed ZrO2 nanoparticles took part in the polymerization, and
as a matter of fact, acted as a highly efficient cross-linking mono-
mer during the polymerization of MMA. On the other hand, the
high gel fraction means that the PMMA/ZrO2 nanocomposites
possess a good solvent resistance. To further understand the
solvent resistance, the obtained nanocomposite slices were
immersed into other solvents, i.e. xylene (at temperature of
20e130 �C) and ethyl benzoate (at temperature of 150 and 200 �C).
Similarly, only swelling phenomena were observed even for the
sample with extremely low ZrO2 content (i.e. PMMA08). Therefore,
copolymerization of MMA with HEMA-functionalized ZrO2 nano-
particles can really improve the solvent resistance of PMMA.
3.3. Hydrogen bonding between polymer and ZrO2 nanoparticles

As discussed above, HEMA molecules were attached to ZrO2
nanoparticles possibly via hydrogen bond. It can be inferred that
the hydrogen bonding interaction between polymer matrix and
ZrO2 nanoparticles would also possibly exist in PMMA/ZrO2 nano-
composites. Since hydrogen bond is thermoreversible, variable
temperature FTIR analysis was usually employed to probe the
hydrogen bond in materials [36,37]. Herein, variable temperature
FTIR characterization was conducted for PMMA/ZrO2 nano-
composites using PMMA7 as an example and PMMA-H6 (corre-
sponding to the polymer composition of PMMA7) as a control
sample. As demonstrated in Fig. 2, a broad and strong absorption
band attributing to the stretching vibration of hydroxyl groups is
observed at the wavenumber range of 3100e3700 cm�1 for both
PMMA7 and PMMA-HEMA. However, besides of the peak at
3444 cm�1 that is assigned to the hydrogen bonded hydroxyls of
polymer matrix, a new shoulder peak occurs at 3522 cm�1 for
PMMA7 and shifts to 3544, 3559 and 3568 cm�1 as the sample was
heated to 75, 150 and 200 �C, respectively. This shifting peak
returned to its origin position after the sample was cooled down
and stored in air for 24 h. Interestingly, the peak at thewavenumber
of 3568 cm�1 just corresponds to the stretching vibration of
hydroxyl groups of ZrO2 nanoparticles (see the two peaks at
wavenumber of 3498 and 3568 cm�1 in the inserted figure of
Fig. 2a). These facts indicate that the hydrogen bonding between
polymer matrix and ZrO2 nanoparticles actually exists. The new
peak in PMMA7 can be assigned to the stretching vibration of the
hydrogen bonded ZreOH groups. The shift of this peak to high
wavenumber under heating may be caused by the weakened
PMMA3 PMMA5 PMMA7 PMMA-H1b PMMA-H6 b

3 5 7 0 0
98.9 99.0 99.9 99.1 98.6
60 30 25 60 90
95.3 99.0 99.8 0 0

A weight ratios of 99/1 and 94/6, respectively.



Fig. 2. Variable temperature FTIR spectra of (a) PMMA7 and (b) PMMA-H6. The
ambient-temperature FTIR spectrum of ZrO2/THF dispersion (ZrO2 content: 1 wt%) was
presented in the inserted figure of Fig. 2a.

Y. Hu et al. / Polymer 52 (2011) 122e129126
hydrogen bonds at elevated temperatures. Fig. 2 also shows that the
intensity of the absorption band at 3100e3700 cm�1 decreases
considerably for both PMMA7 and PMMA-H6 when they were
heated. The intensity reduction is mainly owed to the desorption of
water, which can be evidenced from the disappearing of the peak at
the wavenumber of 1638 cm�1 due to the bending vibration of
water. The water most likely comes from KBr. In addition, another
new peak at 591 cm�1 is exhibited in the spectrum of PMMA7,
which was attributed to the stretching vibration of ZreO. No
discernible difference was found between PMMA7 and PMMA-H6
for the other main peaks, including the peaks at 2998 and
2953 cm�1 due to stretching vibration of CH2 and CH3, the peak at
Fig. 3. Photos of neat PMMA and PMMA/ZrO2 na
1732 cm�1 due to stretching vibration of C]O, the peak at
1450 cm�1 due to stretching vibration of C(]O)eO, the peaks at
1270, 1245, 1193 and 1149 cm�1 due to stretching vibration of
CeOeC. At temperature of 200 �C, the positions of the characteristic
peaks of CH2 and CH3 do not have any changes. Nevertheless, the
peak at 1732 cm�1 shift to high wavenumber (1734 and 1736 cm�1

for PMMA7 and PMMA-H6, respectively) and the other peaks shift
to low wavenumber (namely, 1446, 1261, 1241, 1187 and 1146 cm�1

for both two samples). The shifts of these peaks at high tempera-
ture suggest the redistribution of hydrogen bond in the materials.
Unfortunately, however, they cannot provide another evidences for
the hydrogen bonding interaction between PMMA and ZrO2
nanoparticles.

3.4. Optical clarity of the PMMA/ZrO2 nanocomposites

Fig. 3displays thephotosof dumbbell-shapedPMMAandPMMA/
ZrO2 nanocomposite slices with various ZrO2 contents. All slices are
highly transparent and their optical differences cannot be distin-
guishedwith naked eyes. Fig. 4 shows the UVevis spectra of PMMA/
ZrO2 nanocomposite sheets as a function of ZrO2 content. Even for
the sheet with 7 wt% of ZrO2 content (sample PMMA7), its trans-
mittance at wavelength of 550 nm is still beyond 80%. Nevertheless,
slight reduction of transparency is exhibited with increasing ZrO2
content, which can be attributed to the existence of a few of ZrO2
agglomerates. An obvious reduction of the transmittance in the UV
region is observed for the sheets with high ZrO2 contents (samples
PMMA5 and PMMA7), suggesting a good UV-shielding property
of the nanocomposites. Fig. 5 presents the typical TEM images of
PMMA/ZrO2 nanocomposites. It can be seen that ZrO2 nanoparticles
(about 4 nm in diameter) are homogeneously dispersed in PMMA
matrix at primary particle size level, which is responsible for the
high transparency of the nanocomposites.

3.5. Tensile properties of PMMA/ZrO2 nanocomposites

Tensile tests were conducted for PMMA/ZrO2 nanocomposites
using HEMA as a coupling agent as well as for neat PMMA, PMMA-
H6 and PMMA/ZrO2 nanocomposite using MPS as a coupling agent
(named as PMMA2-M, 2 wt% of ZrO2 content, prepared according
to the method in reference [13]) for comparison. Only one
stressestrain curve for each sample is typically plotted in Fig. 6.
Nevertheless, the strength and elongation-at-break for all tensile
tests are given in Table 3. Because of lacking of sufficient samples,
no more than 3 parallel tensile tests were carried out for each
sample, which inevitably decreases the credibility of the tensile
results. However, some interesting information still can be revealed
from these stressestrain curves if PMMA/ZrO2 nanocomposites are
holistically considered. First, all HEMA-based nanocomposites with
various ZrO2 contents have tensile behavior being analogous to
neat PMMA or PMMA-H6. That is, the stress of the specimen
nocomposites with different ZrO2 contents.
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increases with increasing strain and approaches a plateau before
breaking. However, no plateau is exhibited in the stressestrain
curves of PMMA2-M. Additionally, Table 3 shows that all elonga-
tions-at-break of HEMA-based nanocomposites are higher than
those of PMMA2-M. These results suggest that the hydrogen bond
between polymer matrix and ZrO2 nanoparticles can be easily
destroyed under high stress, and the hydrogen bonding-based
nanocomposite seems more ductile than chemical bonding-based
nanocomposite. Second, higher slope of the stressestrain curves is
found for the nanocomposites especially with higher content of
ZrO2 (PMMA5 and PMMA7) in comparison with neat PMMA and
PMMA-H6, indicating increased rigidity of the nanocomposites. As
for PMMA2-M, it has the highest average strength-at-break
(68.9 MPa) among all the samples in Table 3. It illustrates that the
Fig. 5. Typical TEM images of PMMA/ZrO2 nanocomposites (ZrO2 content: 7 wt%).
external force may be efficiently delivered to ZrO2 nanoparticles via
chemical bonding interaction. As a whole, the reinforcing role,
though not remarkable (possibly due to low ZrO2 content in the
nanocomposite and the trade-off effect by the flexible HEMA unit),
of ZrO2 nanoparticles for polymer can be realized via hydrogen
bonding interaction between polymer matrix and nanoparticles.
3.6. DMA property of PMMA/ZrO2 nanocomposites

The storage modulus and the damping (tan d) as a function of
temperature for PMMA/ZrO2 nanocomposites with different ZrO2
contents are shown inFig. 7. The storagemodulusand tan dof theneat
PMMA and PMMA-H1 are also displayed in Fig. 7 for comparison. In
glassy state, the storage modulus of PMMA/ZrO2 nanocomposites is
obviously higher than those of PMMAand PMMA-H1, demonstrating
the reinforcing role of ZrO2 nanoparticles. In rubbery state, however,
the storage modulus of PMMA is independent of ZrO2 nanoparticle
content. It may be due to the weak interaction between polymer
matrix and ZrO2 nanoparticles at high temperatures, as evidenced
from the variable temperature FTIR spectra described above. In
addition, Fig. 7a unveils the inconspicuous change of the storage
modulus of the nanocomposites with ZrO2 content. This may be due
to the counteracting effect of the flexible HEMA unit in polymer
matrix for the reinforced role of ZrO2 nanoparticles, as discussed
above for tensile results.
Table 3
The strength and elongation-at-break for neat PMMA, PMMA-HEMA and PMMA/
ZrO2 nanocomposites.

Sample namea Strength-at-break, MPa Elongation-at-break, %

PMMA0 60.7 15.0
PMMA08 64.2 12.9
PMMA1.6(1) 60.3 14.5
PMMA1.6(2) 60.2 14.6
PMMA3 59.1 11.7
PMMA5(1) 68.5 11.6
PMMA5(2) 61.7 12.9
PMMA7 65.1 13.8
PMMA-H6 65.1 16.0
PMMA2-M (1) 70.1 11.5
PMMA2-M(2) 60.7 10.2
PMMA2-M(3) 75.8 10.8

a Note: The digital in bracket represents the serial number in parallel tensile tests
for the same sample.
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Fig. 7b shows that the damping peak unexpectedly shifts to lower
temperature, being contrary to those conventional nanocomposites
based on chemical bond [38,39]. The temperature at peakmaximum,
defined as the glass transition temperature (Tg), changes from 137.8,
136.1, 134.8, 132.3 and 129.5 �C for PMMA0, PMMA08, PMMA1.6,
PMMA3and PMMA5, respectively. The introduction offlexibleHEMA
units into polymer matrix is expected to be responsible for the
decreased Tg, which can be confirmed from the lower Tg (134.4 �C) of
PMMA-H1 relative to PMMA0. Interestingly, PMMA1.6 has a Tg
slightly higher than PMMA-H1 despite of the higher HEMA content
(1.4 wt%). This implies that the hydrogen bonding interaction
between polymer and ZrO2 nanoparticles can restrict the mobility of
polymer chains. On the other hand, the damping peak slightly
declines to low intensityandbecomebroadasZrO2 content increases,
which also suggests the slight restriction of the mobility of polymer
chains by ZrO2 nanoparticles.
3.7. Thermal stability of PMMA/ZrO2 nanocomposites

TGA curves and their differential curves (DTG) for neat PMMA and
PMMA/ZrO2 nanocomposites with various ZrO2 contents are pre-
sented in Fig. 8. It is well known that the degradation of radically
polymerized PMMA in nitrogen displays three stages: cleavage of the
head-to-head linkages at around 160 �C (the first stage) and end-
initiated vinyl-terminated PMMAat around 270 �C (the second stage),
and random scission of polymer backbone at around 360 �C (the third
stage) [40]. But differential analysis of the TGA curves in Fig. 8 shows
that the first and the second degradation stages are not easily to be
identified, possibly being caused by instrumental error and air
atmosphere. Only the third degradation stage corresponding to the
scission of PMMA main chains is relatively clear. Its temperature
steadily increases from 312, 324, 343 and 369 �C when ZrO2 nano-
particles content increases from 0, 0.8, 3, and 7 wt%, respectively,
indicating an improved thermal stability of PMMAmain chain by ZrO2
nanoparticles. The enhanced thermal stability of PMMA was ever
observed for PMMA/SiO2/ZrO2 nanocomposites reported by Wang
et al. [41]. They attributed the better thermal stability of the nano-
composites to the formation of networks between polymer and
inorganic moieties, which led to the restrained movement of free
radicals generated by thermal decomposition of PMMAmatrix. Demir
et al. [9] reported that those nanocomposites with weak interaction
between PMMA and nanoparticles (unmodified SiO2, AlN nano-
particles, or inert surfactant modified ZnO, TiO2 and ZrO2 nano-
particles)possessed improved thermal stability. But this improvement
merely lied in the reduced fraction of the second degradation stage
and the increased fractionof the thirddegradation stage of PMMA,not
in the enhanced degradation temperature. Degradation temperature
was also not raised for PMMA/SiO2 nanocomposite prepared using
methyl-functionalized SiO2 nanoparticles [42]. In our cases, FTIR
spectra, tensile test as well as DMA tests demonstrated that the
hydrogenbonding, rather than the chemical bonding, betweenPMMA
and ZrO2 nanoparticles was formed. Since the hydrogen bonding
interaction weakens at high temperature, it is not possible to play
positive role on the thermal stability of PMMA backbone. Hence, we
suggest that the enhanced thermal property of PMMA/ZrO2 nano-
composites is probably due to the formation of chemical bond
between polymer and ZrO2 nanoparticles at high temperature during
TGA testing or the trapping of the generated free radicals by ZrO2
nanoparticles. The formation of chemical bond between hydroxyl
groups-containing polymer and SiO2 nanoparticleswas ever reported
for poly(2-hydroxyethyl acrylate)-co-MMA/SiO2 nanohybrids [43].
4. Conclusions

Nonaqueous synthesized ZrO2 nanocrystals can bewell dispersed
in MMA using the functional monomer HEMA as a ligand, forming
a transparent MMA/ZrO2 dispersion. Destabilization of the disper-
sion takes place in air as well as at elevated temperatures, implying
the hydrogen bonding interaction between HEMA molecules and
ZrO2 nanoparticles. Higher molar ratio of HEMA/ZrO2 benefited the
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better stability of the dispersion and thus led to a higher destabili-
zation temperature. Transparent PMMA/ZrO2 nanocomposites with
ZrO2 content of as high as 7 wt% were prepared by in-situ bulk
polymerization from the as-obtained MMA/ZrO2 dispersions. Soxh-
let extracting experiments indicated that the cross-linking network
was formed even for the nanocomposite with ZrO2 content of as low
as 0.8 wt%. Nevertheless, variable temperature FTIR spectra revealed
that hydrogen bonding rather than chemical bonding was estab-
lished between PMMA and ZrO2 nanoparticles. Tensile tests and
DMA tests illustrated that PMMA can be reinforced by ZrO2 nano-
particles. Moreover, the PMMA/ZrO2 nanocomposites based on
hydrogen bonding were more ductile than that those based on
chemical bonding. TGA analysis showed the enhanced thermal
stability of PMMA via addition ZrO2 nanoparticles.
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a b s t r a c t

Branched a-olefin, 4-methyl-1-pentene (4 MP), was polymerized with classical a-diimine nickel
complexes in the presence of MAO. Influences of structure of a-diimine nickel catalysts and polymeri-
zation parameters including temperature and [Al]/[Ni] mole ratio were evaluated. At 0 �C, 4-methyl-
1-pentene can be polymerized in a living/controlled manner. The obtained poly(4-methyl-1-pentene)s
are amorphous elastomers with low glass transition temperature (Tg). Nuclear magnetic resonance
(NMR) and distortionless enhancement by polarization transfer (DEPT) analyses show that various types
of branches and microstructural units are present in the polymers. On the basis of assignment of
microstructures, mechanistic models that involves the 1,2- and 2,1-insertion, and chain walking were
constructed. The influences of temperature and [Al]/[Ni] mole ratio on branching degree, branch type,
and insertion pathways were also discussed in detail.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

The potential applications of polyolefin are determined by its
physical and mechanical properties, which largely depend on its
composition (molecular weight, dispersity, and stereochemistry),
branch and topology structure [1,2]. Type and distribution of
branches have important influences on the properties of polyolefin.
Generally, short chain branches (SCBs) are mainly related to
morphology and solid-state properties while long-chain branches
(LCBs) are related to viscoelastic and rheological properties.
Hyperbranch and dendritic structure can lead to some unique
chemical and physical properties [3e7]. Nowadays, low-density
polyethylene (LDPE) is industrially synthesized at high pressure
and high temperature by free radical polymerization of ethylene.
However, branches of LDPE are mainly composed of short chain
branches (ethyl and butyl), and are hardly controlled in the
polymerization process [8,9]. Hence, search for mild polymeriza-
tion conditions and fine control of branch structure to give
branched polymers are important goals in polyolefin field.

Currently, branches can be produced by three pathways in
insertion/coordination polymerization of ethylene. The first one is
copolymerization of ethylene and a-olefin (including incorporation
nce, Sun Yat-sen University,
x: þ86 20 84114033.
o), ceswuq@mail.sysu.edu.cn

All rights reserved.
of an olefin-terminated polymer chain). Branch structure and
incorporation can be fairly controlled by this approach [10,11].
Another pathway is intra- or intermolecular CeH activation. This
mechanism which involves CeH bond breaking on a polymer
backbone suggests that the catalyst can break CeH bonds on
growing polymer chains (intramolecular CeH bond activation) or
on alkanes (intermolecular CeH bond activation) [12�14]. The
polymer withmuch longer-chain branches (C> 6) can be produced.
The third one is chain walking. Mohring and Fink first presented
the concept of chain walking during olefin polymerization with
a late transition nickel catalyst [15]. a-Diimine nickel and palla-
dium catalysts reported by Brookhart show a distinguishing chain
walking mechanistic feature involving b-hydride elimination and
readdition process [16�19].

Utilizing chainwalking approach, linear branched (various types
of branch, e.g. methyl, ethyl, propyl, butyl, pentyl, and long-chain
branches), hyperbranched, and dendrimeric polyolefins have also
been synthesized by a-diimine nickel or palladium catalysts
[20�25]. In addition to ethylene polymerization, many researches
have also been concentrated on polymerization of linear a-olefins
such as propylene, 1-hexene, and 1-octene [16,17,26�34]. When
employed in the homopolymerization of a-olefins, a-diimine
nickel or palladium catalysts generally lead to unique chain-
straightened poly(a-olefin)s because of the chain straightening
processes (1,u-enchainment or 2,u-enchainment) [27,33]. Poly-
merization of branched a-olefins with late transition metal cata-
lysts have been scarcely reported to date, and one noteworthy
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Scheme 1. Four a-diimine nickel complexes.

Table 1
4 MP Polymerizations catalyzed by C1-4/MAO.a

Entry Catalyst Yield (g) Activity
(kg (mol Ni$h)�1)

Mn
b (kg mol�1) Mw/Mn

b Tg
c (�C)

1 C1 1.04 104 217 1.64 �22
2 C2 1.34 134 58 1.78 �32
3 C3 0.42 42 238 1.72 �21
4 C4 0.57 57 73 1.71 �27

a Polymerization conditions: 10 mmol of complex; temperature, T ¼ 40 �C; [Al]/
[Ni] ¼ 500; reaction time, t ¼ 1 h; monomer addition, 4 MP ¼ 2 g; solvent, toluene;
total volume, 10 mL.

b Determined by GPC relative to polystyrene standards.
c Determined by DSC.
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example is copolymerization of ethylene and 3,3-dimethyl-
1-butene reported by Ye’s group with Pd-diimine catalyst [35].
Comparing to polyolefin generated from linear a-olefin, the poly-
mer generated from branched a-olefin is anticipated to exhibit
more complex branch structure.

In this paper, a branched a-olefin, 4-methyl-1-pentene (4 MP),
was selected as a monomer to study its polymerization behavior
and branch structure of the products using a-diimine nickel cata-
lysts. Influences of structure of catalysts and polymerization
parameters were evaluated. It was found that the polyolefin with
complex branches including branch-on-branch was generated by
living/controlled 4 MP polymerization using a-diimine nickel
catalysts. Additionally, the NMR analyses were performed on
the poly(4-methyl-1-pentene)s to gain a better understanding of
polymer microstructures and the mechanisms.

2. Experimental

All manipulations involving air- and moisture sensitive
compounds were carried out under an atmosphere of dried and
purified nitrogen with standard vacuum-line, Schlenk, or glovebox
techniques.

2.1. Materials

Toluene was dried over sodium metal and distilled under
nitrogen. 4-methyl-1-pentene (4 MP) was purchased from Acros,
dried over CaH2, and distilled under nitrogen before storing over
molecular sieves. Methylaluminoxane (MAO) was prepared by
partial hydrolysis of trimethylaluminum(TMA) in toluene at
0e60 �C with Al2(SO4)3$18H2O as water source. The initial [H2O]/
[TMA] molar ratio was 1.3. The Ni(II) a-diimine complexes were
prepared according to the literature [16,17], and characterized
by elemental analysis. Other commercially available reagents
were purchased and used without purification.

2.2. Polymerization

In a typical procedure, the appropriate MAO solid was intro-
duced into the round-bottom glass flask, and then 4 MP monomer
was added via a syringe. Toluene and a nickel complex solution
were syringed into the well-stirred solution in order, and the total
reaction volume was kept at 10 mL. The polymerization reaction
was continuously stirred for an appropriate period at the poly-
merization temperature. Except for 0 �C maintained with ice-water
bath, the other reaction temperatures were controlled with an
external oil bath in polymerization experiments. The polymeriza-
tions were terminated by the addition of 200 mL of acidic
ethanol (95:5 ethanol/HCl). The resulting precipitated polymers
were collected and treated by filtration, washing with ethanol
several times, and drying in vacuum at 40 �C to a constant weight.
All polymerizations were reproduced, and yield and catalytic
activity are average value within 10% experimental error.

2.3. Characterization

Elemental analyses were performed on a Vario EL micro-
analyzer. Nuclear magnetic resonance (NMR) and distortionless
enhancement by polarization transfer (DEPT) spectra were carried
out on a Varian Mercury-puls 500 MHz spectrometer at 120 �C.
Sample solutions of the polymer were prepared in o-C6D4Cl2 and
o-C6H4Cl2 mixture solvent (volume ratio: 20/80) in a 10 mm tube.
The spectra of the quantitative 13C NMR were taken with a 74�

flip angle, an acquisition time of 1.5 s, and a delay of 4.0 s. The
molecular weight distributions (Mw/Mn) of the poly(4 MP)s were
determined on Waters GPC2000 at 135 �C with standard poly-
styrene as the reference, and 1,2,4-trichlorobenzene was employed
as the eluent with a flow rate of 1.0 mL/min. DSC analysis was
conducted with a Perkin Elmer DCS-7 system. The DSC curves
were recorded at second heating curves from �100 �C to 150 �C at
a heating rate of 10 �C/min and a cooling rate of 10 �C/min.

3. Results and discussion

3.1. Influence of structure of a-diimine nickel complexes

Four classical a-diimine nickel complexes [(ArN]C(An)e(An)
C]NAr)NiBr2 C1, An ¼ acenaphthene, Ar ¼ 2,6-(iPr)2C6H3; C2,
An ¼ acenaphthene, Ar ¼ 2,6-(Me)2C6H3; C3, An ¼ Me,
Ar ¼ 2,6-(iPr)2C6H3; C4, An ¼ Me, Ar ¼ 2,6-(Me)2C6H3)] (see
Scheme 1) were used as precursors for 4 MP polymerization. With
MAO as cocatalyst, the influence of structure of a-diimine nickel
complexes on catalytic activity was evaluated. Table 1 summarizes
the results of the initial screening study. As expected, four nickel
catalysts showmoderate catalytic activity for 4 MP polymerization.
Comparisons of entry 1 vs 3, and entry 2 vs 4 demonstrate that
complexes with the acenaphthene backbone (An ¼ acenaphthene)
show the higher activity for 4 MP polymerization, but those
with the methyl backbone (An ¼ Me) produce the higher-molec-
ular-weight polymers. Steric effect of complexes is also illustrated
by comparing entry 1 with entry 2, and entry 3 with entry 4. Bulky
steric hindrance of nickel complex decreases its catalytic activity
for 4 MP polymerization, but increases the molecular weight of
the product markedly. This result clearly indicates that ortho
substituent bulkiness of complex not only decreases the 4 MP
insertion rate, but also decreases the rate of chain transfer reaction.



Scheme 2. Dependence of Tg of the product on chain walking.

Fig. 1. DSC thermograms of poly(4 MP) prepared at different temperatures with C1/
MAO.
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No melting point (Tm) of poly(4 MP)s by DSC analysis was
detected, indicating that the obtained polymers are amorphous
elastomers. Glass transition temperatures (Tg) of the polymers are
in the range from�21 to�32 �C, which are far lower than Tg of poly
(4-methyl-1-1-pentene) produced by ZieglereNatta catalyst(29 �C)
but are close to Tg of atactic polypropylene (�20 �C) [36]. This result
suggests that the chainwalking occurs during 4 MP polymerization
(see Scheme 2), and the detailed chainwalking process is discussed
below mechanistic model part. Considering the good catalytic
activity and high molecular weight of the product, C1 was chosen
to further investigate the influences of polymerization parameters
such as temperature, and [Al]/[Ni] ratio in detail.

3.2. Influences of temperature and [Al]/[Ni] mole ratio

Table 2 lists the polymerization results of 4 MP with C1/MAO
catalytic system under various temperatures and [Al]/[Ni] mole
ratios. With an increase in the reaction temperature, the catalytic
activity for 4 MP polymerization increased, and then decreased.
The highest activity was observed at 40 �C. Besides, raising
temperature also affects molecular weight of the produced poly-
mer. When polymerizationwas carried out at 0 �C, poly(4 MP) with
Table 2
4 MP Polymerization results catalyzed by C1/MAO under various conditions.a

Entry T (�C) [Al]/[Ni]
(mol/mol)

Yield (g) Activity b Mn
c

(kg mol�1)
Mw/Mn

c Tg
d (�C) BDe

5 0 250 0.16 16 43 1.09 �17 292
6 20 250 0.73 73 191 1.31 �19 286
7 40 250 0.86 86 182 1.83 �21 270
8 60 250 0.51 51 135 1.81 �22 259
9 40 100 0.67 67 152 1.97 �24 250
1 40 500 1.04 104 217 1.64 �22 264
10 40 1000 0.94 94 180 1.79 �23 262

a Polymerization conditions: 10 mmol of complex; reaction time, t ¼ 1 h; mono-
mer addition, 4 MP ¼ 2 g; solvent, toluene; total volume, 10 mL.

b In unit of kg (mol Ni$h)�1.
c Determined by GPC relative to polystyrene standards.
d Determined by DSC.
e BD: branching degree, the number of methyl carbon in each 1000 carbons,

determined by 1H NMR.
relatively low molecular weight (Mn ¼ 43,000) was obtained. At
20 �C, the highest molecular weight (Mn ¼ 191,000) was produced.
Higher temperatures caused a decrease in the molecular weight
of the product. We note here that low temperature leads to a nar-
rowing of the molecular weight distribution (1.09 at 0 �C, and 1.31
at 20 �C), as determined by gel permeation chromatography (GPC)
calibrated against polystytene standards.

The branching degrees and Tg values were observed to decrease
obviously with increasing temperature, which results from “chain
strengthening” because nickel migration is favored at high
temperature. For example, the branching degree decreases from
292 per 1000 carbons at 0 �C to 259 per 1000 carbons at 60 �C, and
corresponding Tg value reduces from �17 to �22 �C (DSC thermo-
grams are shown in Fig. 1). At low temperature, higher branched
polymer with more bulky and rigid isobutyl side groups was
produced. These bulky and rigid isobutyl side groups lead to an
increase in Tg of the obtained polymer [36].

The influence of [Al]/[Ni] mole ratio was also investigated at
40 �C. With an increase in [Al]/[Ni] ratio, both the catalytic activity
for 4 MP polymerization and the molecular weight of the product
increased, and then decreased. When [Al]/[Ni] ratio is 500, the
highest catalytic activity and the highest molecular weight of
the product were observed. However, the influence of [Al]/[Ni] ratio
on branching degree of the poly(4 MP)s is very slight, and all Tg of
the polymers are observed around �22 �C, corresponding to w260
per 1000 carbons branching degree.
Fig. 2. GPC traces of poly(4 MP)s prepared at different polymerization time.



Fig. 3. Plots of Mn (-) and Mw/Mn (�) as a function of conversion for the polymeri-
zation of 4 MP (0 �C, 10 mmol catalyst, [Al]/[Ni] ¼ 250, 4 MP ¼ 2 g; solvent, toluene;
total volume, 10 mL).

Table 3
4 MP Polymerizations with C1/MAO at different monomer concentrations.a

Entry [4 MP]
(mol L�1)

Yield (g) Activityb Mn
c

(kg mol�1)
Mw/Mn

c Tgd (�C)

11 3.6 0.18 18 48 1.10 �16
5 2.4 0.16 16 43 1.09 �17
12 1.2 0.13 13 35 1.08 �17
13 0.8 0.11 11 28 1.06 �17
14 0.6 0.08 8 24 1.07 �18

a Polymerization conditions: 10 mmol of complex; reaction time, t ¼ 1 h;
temperature: T ¼ 0 �C; [Al]/[Ni] ¼ 250; solvent, toluene; total volume, 10 mL.

b In unit of kg (mol Ni$h)�1.
c Determined by GPC relative to polystyrene standards.
d Determined by DSC.

Fig. 5. 1H NMR spectrum of poly(4 MP) prepared by C1/MAO at 0 �C.
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3.3. Living polymerization

Note that a narrow distribution of the polymer can be observed
at 0 �C, thus 4 MP polymerizations with C1/MAO were carried out
under 0 �C and 250 [Al]/[Ni] mole ratio. Fig. 2 shows the GPC curves
of the polymers obtained at different polymerization time, which
shifts to the higher-molecular-weight region with the increasing
polymerization time. The Mn and Mw/Mn values are plotted against
the conversion in Fig. 3. Mn grows linearly with the conversion in
the early stages of polymerization (w5 h), but then the slope begins
to decrease slightly. The Mw/Mn values remain very low (<1.10)
through 5 h and then begin to increase slightly, reaching 1.30 at
Fig. 4. GPC traces of the poly(4 MP)s obtained at different monomer concentrations.
10 h. Broadening molecular weight distribution after 10 hmay arise
from polymer gel and embedment of nickel species due to high
conversion. Therefore, it is no doubt that the living/controlled
polymerization of 4 MP can proceed with the C1/MAO catalyst at
0 �C within 5 h.

It was already shown that a-olefin polymerizations such as
1-hexene with C1/MAO catalyst proceeded in a living/controlled
manner at low monomer concentration ([M0] < 1 mol L�1). When
initial [1-hexene]/[Ni] ratio is higher than 1500, the molecular
weight distribution (Mw/Mn) increases sharply because noticeable
chain transfer takes place at high initial monomer concentration
[30�32]. However, our results in Table 3 show that the produced
poly(4 MP)s exhibit narrow molecular weight distribution even at
high monomer concentration ([4 MP] ¼ 3.6 mol L�1 corresponding
to 3600 [4 MP]/[Ni] ratio). GPC traces (Fig. 4) of the obtained poly-
mers at differentmonomerconcentrationsarenarrowandunimodal
and do not contain small shoulder peaks. Also Mn of the products
grows linearly with the yield at different monomer concentrations.
Reasonable explanations for living/controlled 4MP polymerizations
with C1/MAO catalyst at high monomer concentration is that
bulkiness of 4MPmonomer not only decreases the propagation rate,
but also slows down chain transfer reaction [31].

3.4. Microstructure analysis of poly(4-methyl-1-pentene)

The precise microstructure analysis of poly(4-methyl-
1-pentene)s synthesized by C1/MAO was studied by NMR spec-
troscopy using 1H, 13C, and DEPT experiments.
Fig. 6. 13C NMR and DEPT spectra of poly(4 MP) prepared by C1/MAO (entry 7).



Table 4
13C NMR chemical shifts of poly(4 MP) and assignments.

Branched units Assignment Chemical shift (ppm) Ref.

This work Literature

C, D C5, D1 19.9 19.70,19.9 [42], [43]
A, B A1, A2, B1, B2 20.5 19.5e20.07 [44]
C C1 20.7 20.1, 20.2e20.6 [42], [44]
E E4 21.4
G G1 22.7 22.4 [42]
E E1 23.0e23.2 23.5 [42]
J J1 23.6 23.21, 25.65, 23.5 [21], [42], [44]
J J2 25.8 26.75, 25.8 [21], [42]
E E2 25.9 25.8 [42]
C, G C7, G5, 27.3 27.0, 27.24 [42], [44]
D, G D4, G2 27.8 28.0, 27.2

27.52, 27.79
[42e44]

G G4 28.2 28.1 [42]
B, C B5, C2 28.4 27.97 [44]
A A4 28.6 27.97 [44]
C, D C4, D2 30.8 30.6, 30.38 [21], [42]
F F1 31.6 31.29 [44]
A, B A3, B3 33.2 33.38 [44]
H, I I1, H1 33.5 31.5

31.29e33.62
[42], [45�47]

J J4 33.7 33.62 [45]
G G6 35.7 34.7 [42]
D, G D3, G7 37.5 37.5, 37.6, 37.45, 37.47 [42e44]
C C6 38.2 37.77 [44]
F F2 38.5 38.87 [45�47]
G G3 39.4 39.2 [42]
H H2 41.8e42.7 39e42 [41]
I I2 43.4e44.1 42e44 [41]
J J3 45.1 45.5 [42]
C C3 45.3e45.4 46.2 [42]
A, B A4, B4 45.9e46.1 45.0e47.5 [44]
E E3 46.7e48.2 47.0e48.0 [42]

No accurate chemical shift values are provided in the ref. 42, the values in ref. 42 are
estimated according to the spectrum.

Scheme 3. Branched u
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3.4.1. 1H NMR
1H NMR spectrum of poly(4 MP) prepared by C1/MAO at 0 �C

is shown in Fig. 5. Methyl signals are observed in the region from
0.80 to 0.90 ppm. The peaks at w0.82 ppm is short methyl branch
signals, and the peaks at w0.88 ppm can be assigned to the methyl
branches in isobutyl or longer 2-methylalkyl branches [37]. Besides,
a broad peak at 1.62 ppm can be unambiguously attributed to
methine group attached two terminal methyl groups (CH(Me)2).
Therefore, it is safely concluded that the obtained poly(4 MP)s
contain branch-on-branch structure such as 2-methylalkyl
branches.

3.4.2. 13C NMR
To have an insight into microstructure of the poly(4 MP), further

investigations using 13C NMR spectroscopy were undertaken. 13C
NMR of spectrum of poly(4 MP) is shown in Fig. 6, which is much
more complex than that of catalyzed by metallocene titanium
catalysts [38�40]. Two significant differences between poly(4 MP)
and other poly(linear a-olefin)s such as poly(1-hexene) catalyzed
by a-diimine nickel catalysts are the occurrence of more intense
methyl signals at around 20 ppm, and the absence of runs of
successive methylenes e(CH2)ne (n > 6) at 30 ppm, indicating the
presence of the complex branches. Therefore, 13C NMR assignments
were made by combining the result of DEPT experiments, chemical
shift calculations using empirical tables of substituent effects, and
reference to model compound data found in the NMR literatures
[21,41�47]. The detailed peak assignments are shown in Table 4.

According to DEPT spectra, primary carbons (methyl) lie in the
region from 19 to 25 ppm. Methyl groups in backbone are present
in the region from 19 to 22 ppm, and methyl in isobutyl group
or long 2-methylalkyl branches can be safely indentified by reso-
nances in the region from 22 to 24 ppm. There are no detectable
ethyl, propyl, and butyl branches as evidenced by lack of a terminal
methyl resonance at the higher field (d < 20 ppm).
nits in poly(4 MP).
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From NMR spectrum of poly(4 MP), branched structure shown
in Scheme 3 can be indentified including isolated methyl branches
(unit J), paired methyl branches (unit C and D), successive methyl
branches (1,3-B1) (unit A and B). Also one observes runs of meth-
ylenes (CH2)n (where n ¼ 2) between branches and the corre-
sponding methine (brB1) can also be found at 30.8 ppm [43].
Scheme 4. Insertion pathways o
Multiple peaks in the region from 22 to 24 ppm suggest pres-
ence of complex 2-methylalkyl branches with different structure.
According to reference [42], isolated isobutyl paired with methyl
(unit H, I, and J) can be assigned. Besides, a successive isobutyl
structure (unit F) can also be traced out according to methylene
(Saa) between two isobutyl groups at 38.6 ppm, but longer
f 4 MP and chain walking.



Table 5
Microstructure data of poly(4 MP)s and insertion pathways under different reaction
conditions.

Entry T (�C) [Al]/[Ni] ra 2-methylalkyl
branchesb

Methyl
branchc

1,2-ins.
(%)

2,1-ins.d

(%)

5 0 250 1.42 86 121 75 25
6 20 250 2.82 106 75 71 29
7 40 250 2.02 91 89 62 38
8 60 250 1.43 76 107 55 45
9 40 100 1.69 78 93 50 50
1 40 500 2.09 90 85 58 42
10 40 1000 1.83 85 93 57 43

a r is the ratio of methyl in 2-methyalkyl (CH)Me2 to short chain methyl integrals.
b 2-Methylalkyl branches per 1000 carbons, calculated by equation (3).
c Me branch per 1000 carbons, calculated by equation (4).
d Initial 2,1-insertion means 1,5-enchainment.
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successive isobutyl runs ((iBu)n, n > 3) are not observed
[40,45�47].Besides, the existence of several types of long branches
in the poly(4 MP) have also been determined according to chemical
shift values referred to literatures [42,48]. 2,4-Dimethylpentyl
(unit E) branch can be confirmed by the presence of peak E3 at 48.1
and E4 at 21.3 ppm, and 2-methylhexyl (unit G) branch can be
indentified by peak G7 at 37.6 ppm.

Brookhart previously reported unique adjacent methyl branches
structure for a-olefin polymerizationwith a-diimine nickel catalyst
[41]. The existences of adjacent branches unit must arise from
a small fraction of 1,2-insertion of monomer into secondary Ni-
alkyl bond with a-methyl. No signals appear below 20 ppm (K1 for
methyl, R¼methyl) and atw 41 ppm (K2 for methine, R¼ isobutyl)
in the spectroscopy (Fig. 5), indicating that there is no adjacent
branches structure (unit K) in the poly(4 MP). Additionally, iso-
propyl (unit L) cannot be observed, whose methine (L1) appears
29.1 ppm [48]. The methyl on quaternary carbon at 27.3 ppm and
quaternary carbon at 33.0 ppm (unit M) are not present in the
spectrum referring to assignment of the poly(4 MP) prepared by
cation polymerization [48], so there is no existence of quaternary
carbon in the poly(4 MP).

3.5. Mechanistic model

A particular set of branching types are expected to arise from
the mechanistic model. Thus, characterization of microstructure
allows further studying of polymerization mechanism. In principle,
4 MP can insert into nickel-alkyl bond (1) either in 1,2- (2) or 2,1-
fashion (6) (see Scheme 4). Like to linear a-olefins polymerization
with a-diimine nickel catalysts, 1,2-insertion of 4 MP and subse-
quent b-hydride elimination followed by nickel migration up to the
primary carbon atom can result in 2,5-enchainment to give two
short chain methyl branches in the polymer chain (5), while the
2,1-insertion of 4 MP can result in 1,5-enchainment to give one
short chain methyl branch in the polymer chain (9).

There are no existences of adjacent branches (unit K), isopropyl
group (unit L), and quaternary carbon (unit M) in the poly(4 MP),
which strongly suggests that 4 MP monomer cannot insert into
secondary nickel-alkyl bonds including nickel species 3, 4, 6, 7 and
8. Previously, a small fraction of 1,2-insertion into secondary carbon
can be found in propylene and 1-hexene polymerization with
a-diimine nickel catalyst [41,44]. However, no 4 MP monomer
insertion into secondary Ni-alkyl bonds is observed, which possibly
arises from crowd steric space for bulky 4 MP monomer [41]. Thus
insertion of 4 MP occurs only into primary Ni�alkyl bond, and 2,1-
insertion always results in chain walking to form 1,5-enchainment.

When 1,2-insertion of 4 MP follows a primary insertion,
a successive isobutyl unit (10, (iBu)n, n ¼ 2, unit F) can be formed
without occurrence of chain walking. However, longer successive
isobutyl runs ((iBu)n, n > 3) are not observed, which suggests that
the rate of chain walking is generally greater than the rate of 4 MP
insertion.

The nickel active species can migrate backward along the
polymer or forward along the newly added monomer because of
fast chain walking process [42]. When nickel metal migrates
forward along the newly added 4 MPmonomer, short chain methyl
can be produced. When nickel metal migrates backward along
the polymer, long branch such as 2-methylhexyl (15), and
2,4-dimethylpentyl (12) can be formed. 2-methylhexyl (unit G)
and 2,4-dimethylpentyl (unit E) branches can be identified by 13C
NMR spectroscopy of poly(4MP), while longer or more complicated
branches may also exist in polymer, whose resonances cannot
be distinguished from others. On the whole, units in poly(4 MP)
shown in Scheme 3 can be reasonably explained by 1,2- or 2,1-
insertion, and chain walking mechanism shown in Scheme 4.
On the basis of the above results, the fraction of 1,2-insertions
can be predicted from 1H to 13C NMR spectroscopy. In the initial
mechanism, every 1,2-insertion of 4-methyl-1-pentene including
2,5-enchainment gives rise to two methyl groups, while every
2,1-insertion of 4-methyl-1-pentene results in 1,5-enchainment
and produces one methyl group. The total methyl branches
including short chain methyl in the backbone and methyl in
2-methylalkyl can be calculated by the 1H NMR. Thus the fraction of
1,2-insertions and initial 2,1-insertion can be calculated by equa-
tions (1) and (2), respectively.

1;2% ¼ BD� 167
167

� 100% (1)

2;1% ¼ 333� BD
167

� 100% (2)

where, BD refers to branching degree, methyl groups per 1000
carbons, which was determined from the 1H NMR. 2,1% means
1,5-enchainment%.

Besides, the ratio of short chain methyl in backbone to methyl in
2-methylalkyl ((CH)Me2) group can be easily determined by the
quantitative 13C NMR, thus the content of short chain methyl
branch and 2-methylalkyl ((CH)Me2) branch can be calculated by
equations (3) and (4), respectively.

CHðMeÞ2=1000C ¼ r
2ðr þ 1Þ � BD (3)

Me=1000C ¼ 1
r þ 1

� BD (4)

where, r is the ratio of methyl in 2-methylalkyl (CH)Me2 to short
chain methyl integrals.

Table 5 summarizes microstructure data of poly(4 MP) prepared
under different reaction conditions with C1/MAO. The data clearly
show that as the polymerization temperature increases, initial
2,1-insertion (1,5-enchainment through chain walking) as minor
insertion pathway increases from 25% at 0 �C to 45% at 60 �C, which
causes a decrease in total branching degree from 292/1000C to 259/
1000C (see Table 2). However, 2-methylalkyl branches increases,
and then decreases with an increase in temperature. The highest
content of 2-methylalkyl branches can be observed at 20 �C. This
can be reasonably explained by insertion pathways and ratio of
insertion rate (Ri) to chain walking rate (Rw), which are affected by
polymerization temperature.

[Al]/[Ni] ratio also has a slight influence on insertion pathways
and branching degree. At low [Al]/[Ni] ratio ([Al]/[Ni] ¼ 100), initial
2,1-insertion (1,5-enchainment) reaches 50%, and relatively low
content of 2-methylalkyl branches is observed. Raising [Al]/[Ni]
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ratio to 250 leads to a 38% 2,1-insertion (1,5-enchainment) and 91/
1000C of 2-methylalkyl branches. The higher [Al]/[Ni] ratios hardly
have an influence on microstructure of the obtained polymers.

4. Conclusions

a-Diimine nickel catalysts show moderate catalytic activity
and high yield for 4-methyl-1-pentene polymerization. Catalysts
with the acenaphthene backbone show the higher activity for
4 MP polymerization, but those with the methyl backbone produce
the higher-molecular-weight polymers. Bulky steric hindrance of
catalysts decreases the catalytic activity for 4 MP polymerization,
but increases the molecular weight of the product markedly. For
C1/MAO, further optimization of reaction conditions (T ¼ 40 �C and
[Al]/[Ni] ¼ 500) is likely to lead to improvements in the activity of
the polymerization and the molecular weight of the polymer.
At low temperature (0 �C), 4 MP polymerizations can proceed in
a living/controlled manner even at high monomer concentration.
The obtained poly(4-methyl-1-pentene)s are amorphous elasto-
mers with various types of branches including 2,4-dimethylpentyl
and 2-methylhexyl. The types of branch can be reasonably
explained by insertion fashions and chain walking mechanism.
The polymerization temperature has an important influence on
insertion pathways, and total number and distribution of branches.
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Two novel fluorinated phenyethynyl-contained endcapping agents, 4-(3-trifluoromethyl-1-phenyl-
ethynyl)phthalic anhydride (3F-PEPA) and 4-(3,5-bistrifluoromethyl-1-phenylethynyl)phthalic anhydride
(6F-PEPA) were synthesized, which were employed to synthesize two fluorinated model compounds, N-
phenyl-4(3-trifluoromethyl)-phenylethynylphthalimide (3F-M) and N-phenyl-4(3,5-bitrifluoromethyl)-
phenylethynyl phthalimide (6F-M). The thermal cure kinetics of 3F-M and 6F-M were analyzed using
DSC and compared to the unfluorinated derivative, N-phenyl-4-phenylethynylphthalimide (PEPA-M).
The thermal cure temperatures of 3F-M and 6F-M were 399 and 412 �C, which were 22 and 35 �C higher
than that of PEPA-M, respectively. The thermal cure kinetics of 3F-M and 6F-M best fit a first-order rate
law, although 3F-M and 6F-M reacted slower than PEPA-M. However, the exothermic enthalpy of 3F-M
and 6F-M were only half of PEPA-M. Based on the model compounds study, a series of fluorinated
phenylethynyl-terminated imide oligomers (F-PETIs) with different calculated molecular weights (Calc’d
Mn) were synthesized by thermal polycondensation of 2,3,30 ,40-biphenyltetracarboxylic acid dianhydride
(a-BPDA) and 3,40-oxydianiline (3,40-ODA) using 3F-PEPA or 6F-PEPA as the endcapping agent. The
substituent effects of the trifluoromethyl (�CF3) groups on the thermal cure behavior and melt proc-
essability of F-PETIs were systematically investigated. Experimental results reveal that the melt proc-
essability of F-PETI was apparently improved by the reduced resin melt viscosities and the enhanced
melt stability due to the incorporation of the �CF3 groups in the imide backbone. All of those F-PETIs
exhibit outstanding thermal and mechanical properties.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

In recent years, significant efforts have been attempted in
improving the melt processability of aromatic polyimides [1e8].
Introduction of phenylethynyl-endcapping groups into the low-
molecular-weight imide oligomers was confirmed to be an effective
approach [9,10]. Phenylethynyl-terminated imide oligomers
(PETIs), due to its good melt processability and the great combi-
nation of thermal and mechanical properties etc., have been
extensively employed as the matrices of carbon fiber-reinforced
polyimide composites for high temperature applications [11e33].
Compared with nadic- or maleic-endcapped resins, phenylethynyl-
endcapped imides could be thermally cured by much preferred
chain extension than crosslinking, affording thermoset resins with
better impact strength [34e36].
olymer Materials, Institute of
un, Beijing 100190, PR China.

All rights reserved.
The polyimide composites derived from PETI could be produced
either by autoclave [11e27] or by resin transfer molding (RTM)
[28e33], resulting in composite materials with high strength and
modulus as well as excellent thermal stability. PETI-5, the repre-
sentative PETI with Calc’d Mn of 5000 g/mol could be melt pro-
cessed by autoclave at 360e370 �C [16,18]. By reducing Calc’dMn of
PETI-5 to 1000 g/mol, imide oligomers with much lower melt
viscosity and suitable for RTM have been successfully developed.
The representative RTM imide resins (such as PETI-298, PETI-330
and PETI-375) could be melt at 260e280 �C and completed the
thermal curing at 360e370 �C [29,30,32,33]. In the case of RTM
application, the melt processability of PETI was endorsed by its low
molecular weights as well as its flexible chemical backbone.
However, the very low molecular weights of PETI usually result in
the thermal-cured materials with poor impact toughness and the
flexible oligomer backbone leads to the low glass transition
temperatures (Tg) for the thermal-cured resins. Hence, to improve
the RTM processability of PETI by reducing the melt viscosity and
enhancing the melt stability is still of great concern to high
temperature polyimide composites. Moreover, many other efforts

mailto:shiyang@iccas.ac.cn
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.11.007
http://dx.doi.org/10.1016/j.polymer.2010.11.007
http://dx.doi.org/10.1016/j.polymer.2010.11.007
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have been made to improve the RTM melt processability of PETI
such as (1) by introducing comonomers for copolycondensation;
(2) bymixing of low-viscous reactive diluents, or (3) by introducing
asymmetric aromatic structures into the resin chemical backbone
etc. [29e31,37e39].

Meanwhile, it was also found that by replacing the phenyl-
ethynyl-endcapping groups in the imide oligomerswith naphthyl or
anthracenyl-endcapping groups could decrease the cure tempera-
ture by 30e80 �Candaccelerate the thermal cure reaction [40e43]. It
was reported that the imide oligomers endcapped with 4-(2-phe-
nylethynyl)-1,8-naphthalic anhydride (PENA), or 4-(1-naphethleth-
ynyl)-1,8-naphthalic anhydride (NENA) cure at faster rate at a
temperature nearly 30 �C lower [44], attributed by the electron-
withdrawing effects of themulti-aromatic structures on the electron
density and distribution of the ethynyl group in the imide oligomers.
Researchers also noted that imide oligomers derived from 4-phe-
nylethynyl phthalic anhydride (4-PEPA) with different substituted
groups and 3-phenylethynyl phthalic anhydride (3-PEPA) exhibit
different thermal curing behaviors [21,45].

Usually the endcapping agent could affect the properties of the
imide oligomers and their final cured polyimides profoundly for the
extra-high density of endcapping groups in imide oligomers.
Although many researchers have designed novel endcapping agents
to develop new imide resins, few studies on the imide oligomers
derived from fluorinated phenyethynyl-contained endcapping
agents could be found in the literature. In efforts to enhance themelt
processability (including the melt viscosity and melt stability) of
imide oligomers with high molecular weights, it is reasoned that
introduction of the bulky trifluoromethyl in phenylethynyl-end-
capping group to lower the interchain interaction or reduce the
stiffness of polymer backbone, this should make it possible to
maintain higher-molecular weights for oligomers to enhance the
mechanical/thermal properties for their corresponding thermal-
cured resins. Meanwhile fluoro-containing substituents with out-
standing thermal stability could also affect the properties of the
cured polyimide.

In the present research, two novel fluorinated phenyethynyl-
contained endcapping agents were synthesized. The work reported
hereinwas performed primarily to determine whether substituting
fluorinated groups (e.g. �CF3) in the phenylethynyl group of PEPA
offered any distinct advantages in the physical and/or thermal cure
properties and also to determine the melt processability, the
thermal curing and mechanical properties of the fluorinated PETI
and their thermal-cured polyimides.

2. Experimental

2.1. Materials

2,30,3,40-biphenyltetracarboxylic acid dianhydride (a-BPDA, mp:
196e197 �C) and 4-phenylethynyl phthalic anhydride (4-PEPA, mp:
151e152 �C) were synthesized in this laboratory according to the
reported methods [46,47]. 3,40-oxydianiline (3,40-ODA, mp:
84e85 �C)was purchased from Shanghai Baicheng Chemicals Corp.,
China and recrystallized from ethanol/water (1:1) prior to use.
4-bromophthalic anhydride was purchased from Beijing Bomi
Chemicals Corp., China and recrystallized from acetic acid/acetic
anhydride prior to use. N-methyl-2-pyrrolidinone (NMP) was
purchased from Beijing Beihua Fine Chemicals, China and purified
by vacuum distillation over P2O5. Triethylamine was used after
vacuum distillation in the presence of calcium hydride. 1-bromo-
3-(trifluoromethyl)benzene and 1-bromo-3,5-bis(trifluoromethyl)
benzene were purchased from Liaoning Fuxin Sanbao Chemicals
Corp., China and used as received. 2-methyl-3-butyn-2ol was
purchased from Beijing Beihua Hengyuan Chemicals Corp., China
and used as received. All other reagents were commercially
obtained from China National Medicines Corp., China and used as
received.

2.2. Measurements

Infrared spectra (IR) were measured on a PerkineElmer 782
Fourier transform infrared (FTIR) spectrometer. 1H and 13C NMR
spectra were obtained on a Bruker AVANCE 400 spectrometer at
frequencies of 400 MHz using chloroform-d or DMSO-d6 as
solvents. Differential scanning calorimetry (DSC) analysis was
performed on a TA-Q100 analyzer at a heating rate of 10 �C/min in
nitrogen atmosphere. Thermogravimetric analysis (TGA) was
accomplished on a TA-Q50 series thermal analysis system at
a heating rate of 20 �C/min in nitrogen atmosphere. Complex
viscosity was performed on a TA-AR 2000 rheometer using the test
specimen disks with diameter of 25 mm and thickness of 1.2 mm,
which were prepared by compression molding of the imide olig-
omer powders at room temperature. The test disks were loaded in
the rheometer fixture equipped with 25 mm diameter parallel
plates, in which the top plate was oscillated at a fixed strain of 5%
and a fixed angular frequency of 10 rad/s whereas the lower plate
was attached to a transducer for detecting the resultant torque. For
the tests of dynamic thermal melt complex viscosity, the test
specimens were scanned from 200 �C at a heating rate of 4 �C/min,
in which the melt viscosity (h*, complex viscosity as a function of
time) was determined. Gel permeation chromatography (GPC) was
performed onWaters system that was equipped with a model 1515
pump, a 2414 refractive index detector using NMP as the eluant at
a flowing rate of 1.0 ml/min. The sample concentration was
1 mmol/ml and monodisperse polystyrene was employed as the
standard sample. Matrix-assisted laser desorption/ionization time-
of-flight (MALDI-TOF) mass spectra were carried out with a Biflex
IIIMALDI-TOF mass spectrometer (Bruker, Billerica, Germany)
equipped with delayed extraction, a multisample probe, a time-of-
flight reflection analyzer, a nitrogen laser with a wavelength of
337 nm and a pulse width of 3 ns, and a linear flight path length of
100 cm, in which the flight tube was evacuated to 1027 Pa.
Mechanical properties were obtained with an Instron model 3365
universal tester at room temperature. The tensile strength,
modulus, and the elongation at breakage were measured in
accordance with GB/T 16421-1996 at a strain rate of 2 mm/min.

2.3. Synthesis of 3-trifluoromethyl-1-ethynylbenzene (3F-EB)

1-bromo-3-(trifluoromethyl)benzene (22.50 g, 0.1 mol), 2-me-
thyl-3-butyn-2-ol (10.09 g, 0.12 mol), cuprous iodide (0.95 g,
5 mmol), triphenylphosphine (0.65 g, 2.5 mmol), bis (triphenyl-
phosphine)palladium dichloride (1.40 g, 2.0 mmol) and triethyl-
amine (200 ml) were added into a 500 ml three-necked flask
equippedwith awater condenser, a mechanical stirrer and nitrogen
inlet/outlet. The reaction mixture was heated to reflux for 8 h, and
cooled to room temperature. The catalyst and produced salt were
separated by filtration to give a filtrate, which was then performed
on a rotary evaporator to remove the solvent and yield a white
solid. The crude product was washed twice with hot water and
transferred into a 250 ml flask equipped with DeaneStark trap
containing 100 ml cyclohexane and sodium hydroxide (0.50 g,
12.5 mmol). The resulting solution was heated to reflux for 2 h and
then hot filtrated. After cooled to ambient temperature, the filtrate
was vacuum distillated (5 mmHg) to give a colorless liquid with
boiling point of 87e88 �C (11.74 g, yield: 69.0%). 1H NMR (chloro-
form-d, d ppm): 7.65 (s, 1H), 7.55e7.50 (t, 2H), 7.41e7.36 (t, 1H), 2.57
(s, 1H). Anal. calcd for C9H5F3: C, 63.54%; H, 2.96%. Found: C, 63.57%;
H, 2.93%.



Table 1
Thermal data and kinetic parameters of the model compounds.

Sample Endothermal
temperature
(�C)

Exothermal
temperature
(�C)

DH
(J/g)

E
(kJ/mol)

n A

Peak Onset Peak End

PEPA-M 202 320 377 434 516 152.9 0.94 8.1 � 1011

3F-M 240 343 399 432 270 168.9 1.05 5.0 � 1012

6F-M 241 350 412 e 218 187.4 1.09 8.2 � 1011

Y. Yang et al. / Polymer 52 (2011) 138e148140
2.4. Synthesis of 3,5-bitrifluoromethyl-1-ethynylbenzene (6F-EB)

This intermediate compoundwas obtainedby the similarmethod
as described above except that 1-bromo-3-(trifluoromethyl)benzene
was replaced by 1-bromo-3,5-(bitrifluoromethyl)benzene. The
product was colorless liquid with boiling point of 61e62 �C (15.24 g,
yield: 64.0%).1HNMR (chloroform-d, dppm): 7.91 (s, 2H), 7.84 (s,1H),
3.25 (s, 1H). Anal. calcd for C10H4F6: C, 50.44%; H, 1.69%. Found: C,
50.47%; H, 1.72%.

2.5. Synthesis of 4-(3-trifluoromethyl-1-phenylethynyl)phthalic
anhydride (3F-PEPA)

Amixture of 4-bromophthalic anhydride (22.70 g, 0.10 mol), 3F-
EB (18.70 g, 0.11 mol) and triethylamine (250 ml) were added into
a 500 ml flask equipped with a mechanical stirrer, a water
condenser and a nitrogen inlet. The reaction mixture was stirred at
room temperature until a homogeneous solution was obtained.
Cuprous iodide (0.95 g, 5.0 mmol), triphenylphosphine (0.66 g,
2.5 mmol), bis (triphenylphosphine)palladium dichloride (1.40 g,
2.0 mmol) were then added. After refluxed under nitrogen atmo-
sphere for 6 h, the reaction mixture was cooled to room tempera-
ture and then filtrated to remove the catalyst and salt generated in
the reaction. The filtrate was poured into 800 ml of water, and then
acidified to pH ¼ 2 with concentrated hydrochloric acid (35e38%).
The precipitate was collected and vacuum dried at 120 �C for 5 h to
give a yellow powder. The obtained solid was dissolved in 200ml of
toluene in a 500 ml flask equipped with mechanical stirrer, a water
condenser, a DeaneStark trap and a nitrogen inlet. The solutionwas
heated to reflux for 8 h under nitrogen atmosphere, in which the
water generated in the reaction was simultaneously removed by
azeotropic distillation. And the solution was then concentrated by
partly removal of toluene. The concentrated solution was cooled to
room temperature and yielded yellow solid. After filtrated and
rinsed with acetic acid, the crude product was purified by recrys-
tallization in acetic acid/acetic anhydride (2:1 v/v) to afford 23.10 g
of yellow crystal (yield: 73.0%). mp: 162e163 �C [determined by
DSC]. 1H NMR (chloroform-d, d ppm): 8.14 (s, 1H), 8.01 (s, 2H), 7.84
(s, 1H), 7.76e7.74 (d, 1H), 7.69e7.67 (d, 1H), 7.57e7.53 (t, 1H). 13C
NMR (chloroform-d, d ppm): 162.9, 139.3, 136.0, 132.7, 131.4, 131.3,
131.1, 131.0, 129.1, 129.0, 128.5, 126.7, 126.6, 125.8, 123.6, 123.1121.3,
93.2, and 89.0. FTIR (KBr cm�1): 2207 (�C^C�), 1840 (asym C]O
str), 1782 (sym C]O str), 1146 (C�F). Anal. calcd for C18H6F6O3: C,
64.57%; H, 2.23%. Found: C, 64.36%; H, 2.08%.

2.6. Synthesis of 4-(3,5-bistrifluoromethyl-1-phenylethynyl)
phthalic anhydride (6F-PEPA)

6F-PEPA (yellow crystal, 26.88 g, yield: 70.0%) was obtained by
the similar method as described above except that 3F-EB was
replaced by 6F-EB. mp: 196e197 �C 1H NMR (DMSO-d6, d ppm):
8.41 (s, 1H), 8.35 (s, 1H), 8.25 (s, 1H), 8.17 (s, 2H), 3.32 (s, 1H). 13C
NMR (chloroform-d, d ppm): 162.9, 139.5, 133.0, 132.8, 132.7, 132.3,
132.0, 131.9, 130.4, 128.8, 127.8, 126.4, 125.3, 125.1, 123.5, 122.4,
119.5, 93.2, and 89.0. FTIR (KBr cm�1): 2187 (�C^C�), 1837 (asym
C]O str), 1795 (sym C]O str), 1136 (C�F). Anal. calcd for
C17H7F3O3: C, 56.27%; H, 1.57%. Found: C, 56.10%; H, 1.65%.

2.7. Synthesis of model compounds

Model compounds including N-phenyl-4-(3-trifluoromethyl-
1-phenylethynyl)phthalimide (3F-M), N-phenyl-4-(3,5-bitrifluoro-
methyl-1-phenylethynyl)phthalimide (6F-M) and N-phenyl-4-(1-
phenylethynyl)phthalimide (PEPA-M) were prepared by chemical
cyclodehydration. In a typical experiment, 3F-M was prepared in
the following procedure: 4-(3-trifluoromethyl-1-phenylethynyl)
phthalic anhydride (31.60 g, 0.1 mol), aniline (9.31 g, 0.1 mol) and
150 ml DMAc were placed in a 500 ml flask equipped with a water
condenser and a mechanical stirrer. The reaction solution was
stirred at room temperature for 4 h. The solution was then chem-
ically cyclodehydrated with acetic anhydride and pyridine (2:1 v/v)
after stirring for 6 h. The resultant mixture was then poured into
300 ml of ethanol to yield precipitate. The solid was collected by
filtration, and then dried at 100 �C in vacuum for 5 h to afford an
off-white solid (36.50 g, yield: 93.3%). mp: 240e241 �C 1H NMR
(chloroform-d, d ppm): 8.10 (s, 1H), 7.97e7.91 (m, 2H), 7.84 (s, 1H),
7.75e7.74 (d, 1H), 7.66e7.65 (d, 1H), 7.55e7.50 (m, 3H), 7.46e7.40
(m, 3H). FTIR (KBr cm�1): 2205 (�C^C�), 1843 (asym C]O str),
1811 (sym C]O str), 1383 (imide C�N str), 1141 (C�F). Anal. calcd
for C23H12F3NO2: C, 70.59%; H, 3.09%, N 3.58%. Found: C, 70.42%; H,
3.15%; N, 3.44%.

The model compound 6F-M was prepared according to above
method except that 3F-PEPA was replaced with 6F-PEPA to afford
off-white solid (43.51 g, yield: 94.7%). mp: 240e241 �C by DSC. 1H
NMR (chloroform-d, d ppm): 8.12 (s, 1H), 8.01 (s, 2H), 8.00e7.93 (m,
2H), 7.89 (s, 1H), 7.54e7.50 (m, 2H), 7.45e7.41 (m, 3H). FTIR (KBr
cm�1): 2117 (�C^C�), 1853 (asym C]O str), 1820 (sym C]O str),
1392 (imide C�N str), 1147 (C�F). Anal. calcd for C24H11F6NO2: C,
62.75%; H, 2.41%; N 3.05%. Found: C, 62.77%; H, 2.42%; N, 3.05%.

The model compound PEPA-M as a comparative was prepared
according to the method as described above except that 3F-PEPA
was replaced with 4-PEPA to afford off-white solid (30.98 g, yield:
95.8%). mp: 203e204 �C. 1H NMR (chloroform-d, d ppm): 8.12 (s,
1H), 8.01 (s, 2H), 8.00e7.93 (m, 2H), 7.89 (s, 1H), 7.54e7.50 (m, 2H),
7.45e7.41 (m, 3H). FTIR (KBr cm�1): 2117 (�C^C�), 1853 (asym C]
O str), 1820 (sym C]O str), 1392 (imide C�N str), 1147 (C�F). Anal.
calcd for C24H11F6NO2: C, 81.72%; H, 4.05%; N 4.33%. Found: C,
81.84%; H, 4.13%; N, 4.21%.
2.8. Synthesis of the fluorinated imide oligomers (F-PETIs)

F-PETIs were prepared by the conventional two-stage polymer-
ization and imidization process. In a typical experiment, 3,40-ODA
(10.01g, 0.050mol) andNMP (60ml)wereplaced in aflask equipped
with a water condenser, a mechanical stirrer, a DeaneStark trap,
a thermometer and a nitrogen inlet/outlet. After stirred for 30min at
room temperature to give a homogeneous solution, a slurry of a-
BPDA (7.35 g, 0.025 mol), 3F-PEPA (15.81 g, 0.050 mol) and NMP
(51 ml) was added. The reaction mixture, with 30% of solids (w/w),
was stirred at 80 �C for 8 h and 150 ml toluene was then added. The
resultant solution was heated to reflux at 185 �C for 10 h, in which
the water evolved in the thermal imidization was simultaneously
removed from the reaction system by azeotropic distillation. After
cooled down to about 120 �C, the hot solution was poured slowly
into 1000 ml of water. The solid was collected by filtration and
washed with hot water three times, and then dried at 205 �C in
vacuum for 10 h to give O1-1 as yellow powder (30.28 g, 96.6%).

Other F-PETIs including O1-2, O2-1, O2-2, O10-1, O10-2 as well
as the unfluorinated derivatives including O1-comp, O2-comp and



Table 2
Chemical compositions and molecular weights of F-PETIs and the unfluorinated
derivatives.

Sample Chemical
compositiona

Calc’d
Pn

b
Calc’d
Mn (g/mol)c

Mn

(g/mol)
Mw

(g/mol)
Mw/Mn

O1�1 3,40-ODA/a-BPDA/
3F-PEPA ¼ 2/1/2

1 1254 2555 4957 1.94

O1e2 3,40-ODA/a-BPDA/
6F-PEPA ¼ 2/1/2

1 1392 2854 4881 1.71

O1ecomp 3,40-ODA/a-BPDA/
4-PEPA ¼ 2/1/2

1 1118 2253 5691 2.52

O2e1 3,40-ODA/a-BPDA/
3F-PEPA ¼ 3/2/2

2 1712 3410 5564 1.63

O2e2 3,40-ODA/a-BPDA/
6F-PEPA ¼ 3/2/2

2 1850 3521 8373 2.37

O2-comp 3,40-ODA/a-BPDA/
4-PEPA ¼ 3/2/2

2 1576 3248 4661 1.49

O10e1 3,40-ODA/a-BPDA/
3F-PEPA ¼ 11/10/2

10 5376 8197 16,172 1.97

O10e2 3,40-ODA/a-BPDA/
6F-PEPA ¼ 11/10/2

10 5514 10,826 20,943 1.93

O10-comp 3,40-ODA/a-BPDA/
4-PEPA ¼ 11/10/2

10 5238 10,027 22,947 2.29

a Molar ratios of the reactants.
b Calculated polymerization degree.
c Calculated molecular weight.

Fig. 1. DSC curves of the model compounds at 20 �C/min.
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O10-comp were prepared according to the similar procedure, in
which the molar ratios of 3,40-ODA, a-BPDA and 3F-PEPA, 6F-PEPA,
or 4-PEPA were listed in Table 2.

2.9. Preparation of the thermal-cured polyimides

The imide oligomer resin powders were placed in a die, which
was then placed in a hot press preheated at 200 �C. The die
temperature was increased gradually to 370 �C at a rate of 4 �C/min.
After it was kept there for 10e25 min, the die was applied with
a pressure of 1.0e3.5 MPa. After it was kept for 1h at 370 �C, the die
was then cooled with the applied pressure to less than 200 �C. The
thermally cured polyimide sheet was removed from the die at room
temperature and then cut to the desired sizes for thermal and
mechanical testing.

3. Results and discussion

3.1. Monomers

3F-EB and 6F-EB were successfully synthesized via a two-step
procedure of coupling and cleavage reaction in the total yield of
Scheme 1. Synthesis of the �CF3 substitute
69.0% and 64.0%, respectively. The first step was the coupling reac-
tion of 2-methyl-3-butyn-2-ol with 1-bromo-3-(trifluoro methyl)
benzene or 1-bromo-3,5-(bitrifluoromethyl)benzene in the pres-
ence of palladium catalyst to yield the intermediates 1-(2-methyl-
3-butyn-2-ol)-3-(trifluoromethyl)benzene or 1-(2-methyl-3 -but-
yn-2-ol)-3,5-(bistrifluoromethyl)benzene, which was then treated
with NaOH to give the intermediate compounds. 3F-PEPA and 6F-
PEPA were prepared via the palladium-catalyzed coupling reaction
of 4-bromophthalic anhydride with 3F-EB or 6F-EB as showed in
Scheme 1. The resultant products were recrystallized in acetic acid/
acetic anhydride (2:1 v/v) in the total yield of 73.0% and 70.0%,
respectively. Themolecular structures of 3F-PEPA and 6F-PEPAwere
confirmedbymeans of FTIR,1H and 13CNMRandelemental analysis.
3.2. Thermal curing properties of model compounds

Prior to imide oligomers and the thermal-cured polyimide
studies, model compounds (3F-M, 6F-M and PEPA-M) were
synthesized by the chemical cyclodehydration in good yield and
characterized. The thermal behaviors of the model compounds
were investigated by DSC to determine the effect of the molecular
structures on their thermal curing behaviors. Fig. 1 shows the DSC
curves of the model compounds (3F-M and 6F-M) compared with
PEPA-M and Table 1 lists the DSC data. The sharp endothermic
peaks in the range of 202e241 �C were assigned as the melt points
d phenylethynyl phthalic anhydrides.



Fig. 2. Curing kinetic analysis and calculation of the thermal curing activation energy
of the model compounds.

Fig. 3. Representative GPC curves of F-PETIs with different Calc’d Mn.
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(Tms) and the wide exothermic peaks in the range of 377e412 �C
were attributed to the thermal curing reactions of the phenyl-
ethynyl groups in the model compounds.

The�CF3 groups had pronounced impacts on the Tms values and
the thermal curing reaction of the phenylethynyl groups. The
fluorinated model compounds (3F-M and 6F-M) showed the
identical melting points (240 and 241 �C), 38e39 �C higher than
PEPA-M (202 �C). 3F-M and 6F-M had the onset temperatures (343
and 350 �C, respectively), 23e30 �C higher than PEPA-M (320 �C).
Meanwhile, the exothermal peak temperatures of 3F-M and 6F-M
were 399 �C and 412 �C, respectively, 22e35 �C higher than PEPA-M
(377 �C), indicating that the fluorinated phenylethynyl groups
would undergo thermal curing at higher temperatures than the
unfluorinated analogue. In comparing the reaction exothermal
data, 3F-M (DH¼ 270 J/g) and 6F-M (DH¼ 218 J/g) had much lower
exothermic enthalpies than PEPA-M (DH ¼ 516 J/g), implying that
the fluorinated phenyethynyl group would undergo the thermal
curing with much lower exotherm.

In order to extensively understand the thermal curing reaction of
the phenylethynyl-endcapped imide oligomers, the nonisothermal
Scheme 2. Synthesis of F-PETIs and
DSCmethodwas employed to study the curing kinetics of themodel
compounds and the resultant data are also tabulated in Table 1. In
the experiments, temperatures of themodel compounds (3F-M, 6F-
M and PEPA-M)were scanned byDSC at different heating rates (2, 5,
10, 15 and 20 �C/min, respectively). The exothermic peak tempera-
tures (Tp) in DSC curves were shifted into higher temperatures with
increasing of the heating rate (b). Kissinger’smethod is based on the
fact that Tp varies with b and assumes that the maximum reaction
rate (da/dt) occurs at peak temperatures [48]. Thus, the equation can
be expressed as follows (Equation (1)):

�ln
�
b=T2p

�
¼ lnðE=RÞ� lnðAnÞ� ðn�1Þlnð1� xÞpþE=RTp (1)

where E is the activation energy; R is the gas constant; A, n and x are
the pre-exponential factor, the order of the cure action, and the
extent of the cure action, respectively. Fig. 2 shows the scatter graphs
of �Inðb=T2

p Þ against 1/Tp. The calculated values of Es for PEPA-M,
3F-M and 6F-M were 152.9, 168.9, and 187.4 kJ/mol, respectively.
the thermal-cured polyimides.



Fig. 4. MOLDI-TOF mass spectra of F-PETIs with different Calc’d Mn.
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Obviously, 3F-M and 6F-M, the fluorinated phenylethynyl-endcap-
ped imide compounds, have higher Es than PEPA-M.Meanwhile, 6F-
M, with two �CF3 groups in the phenylethynyl group, has higher E
value (187.4 kJ/mol) than 3F-M (168.9 kJ/mol). This could be inter-
preted by the stronger electron-withdrawing effect and steric
hindrance of the�CF3 in the phenylethynyl group. If the E value was
introduced into the Crane’s equation (2):
dðlnbÞ=d�1=Tp
�
z� E=nR (2)

The scatter plot of ln(b) as a function of 1/Tp can be obtained as
shown in Fig. 2, in which the n values were obtained as 0.94 for
PEPA-M, 1.05 for 3F-M, and 1.09 for 6F-M, respectively, demon-
strating that the thermal curing reaction of the model compounds
fit the first-order kinetics reaction rate law, similar to other electron-



Table 3
Molecular structures of the chemical species detected by MOLDI-TOF mass spectra for F-PETIs with different Calc’d Mn

Chemical structures of the resin species n Mass (m/z) Intensity %

O1-1

0 819.7 1.5
1 1277.4 100.0
2 1735.4 84.7
3 2193.4 62.2
4 2651.5 25.5
5 3110.7 6.1

O1-2

N

O

O

N

O

O
ON

O
O

O

N

O

O

F3C

CF3

n

Na +

double-endcapping species

0 819.4 3.6
1 1277.4 87.8
2 1735.4 100.0
3 2193.4 92.9
4 2652.4 29.6
5 3110.6 2.0

O1-10

N

O

O

N

O

O
ON

O
O

O

N

O

O

F3C

CF3

n

Na +

double-endcapping species

1 1277.4 16.3
2 1735.4 69.4
3 2194.4 100.0
4 2652.4 84.7
5 3110.5 54.1
6 3569.0 33.7
7 4029.1 20.4
8 4487.6 8.2
9 4947.2 4.1

mono-endcapping species

N

O

O

N

O

O
OH2N

O N

O

O
CF3

n'

Na +

+NaF

1 1021.5 32.7
2 1479.5 62.2
3 1937.4 86.7
4 2396.4 61.2
5 2854.5 31.6
6 3312.7 15.3
7 3771.1 7.1
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withdrawing arylethynyl-endcapped imide oligomers [40e43].
Moreover, the pre-exponential factors (A) in the range of 8.2 � 1011

to 5.0 � 1012 for the fluorinated model compounds could also be
obtained according to the Kissinger’s equation as shown in Table 1.

Besides the electronic effects, the trifluoromethyl group might
have some steric hindrance to retard the thermal curing reaction of
Fig. 5. DSC curves of the representative F-PETIs with different Calc’d Pn.
the phenylethynyl group, which resulted in the elevated thermal
curing temperatures.

3.3. Molecular structures of F-PETIs

A series of F-PETIs with various Calc’d Pn (calculated polymeri-
zation degree) and different endcapping agents including 3F-PEPA,
6F-PEPA or 4-PEPA were prepared by the synthetic pathway as
shown in Scheme 2 and their chemical compositions are summa-
rized in Table 2.

The stoichiometric compositions of the monomers including
aromatic dianhydride (i.e. a-BPDA) and aromatic diamine (i.e. 3,40-
ODA) and the endcapping agents were changed systematically in
order to explore the influence of the oligomer molecular weights
Table 4
Thermal curing behaviors of F-PETIs with different Calc’d Mn determined by DSC.

Sample Tg (�C) Tonset (�C) Texo (�C) DH (J/g)

O1-1 136 312 406 192.6
O1-2 143 325 421 174.7
O1-comp 137 293 397 240.1
O2-1 165 323 413 139.1
O2-2 170 334 424 109.6
O2-comp 168 315 392 178.5
O10-1 229 388 435 7.81
O10-2 217 398 441 5.67
O10-comp 218 379 422 9.64



Fig. 6. Dynamic rheological behaviors of representative F-PETIs with different Calc’d
Mn.
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and �CF3 groups on the imide oligomer properties. The Calc’d Pn of
the imide oligomers were designed to be 1, 2 and 10, respectively,
by controlling the molar ratios of a-BPDA to 3,40-ODA along with
the endcapping agents including 3F-PEPA, 6F-PEPA or 4-PEPA
(Table 2), resulting in a series of F-PETIs with different Calc’d Mn in
the range of 1254e5514 g/mol.

Table 2 also shows the molecular weights of the synthesized
imide oligomers determined by GPC using NMP as solvent,
including the number average molecular weight (Mn), weight
average molecular weight (Mw), and the molecular weight distri-
bution (Mw/Mn). The measured molecular weights are much higher
than the calculated ones due to the polarity difference of the testing
samples compared to the GPC standard sample (polystyrene) [30].
For instance, O1-1 has the measured Mn of 2555 g/mol, almost
doubled the Calc’d Mn (1254). The molecular weight distributions
of F-PETIs were in the range of 1.63e2.37.

Fig. 3 depicts the representative GPC curves of F-PETIs with
different Calc’d Pn (1, 2 and 10), in which it can be seen that each
imide oligomer was composed of several chemical species with
different molecular weights in a broad elution time range. The
major molecular weight peaks of F-PETIs were increased with
increasing of the Calc’d Mn values. For instance, O10-1 (Calc’d
Mn ¼ 5376) showed a major elution time peak at 15.1 min,
compared with 16.8 min for O2-1 (Calc’d Mn ¼ 1712) and 18.2 min
for O1-1 (Calc’d Mn ¼ 1254), respectively. Moreover, the relative
peak intensities in GPC curves were also obviously changed with
Calc’d Mn. The higher the Calc’d Mn, the more intensified the peak
intensity. For instance, O10-1 showed an intense and broad peak
located at 18.8e11.6 min along with several trace peaks, while O1-1
Table 5
Complex melt viscosity of F-PETIs and the unfluorinated derivatives.

Sample Complex melt viscosity (Pa s) at different temperature (�C)

250 �C 280 �C 310 �C 340 �C

O1e1 15.2 0.4 0.2 0.1
O1e2 83.2 0.9 0.5 0.4
O1ecomp 1.9 0.9 0.8 0.8
O2e1 40.5 4.5 1.6 0.8
O2e2 25.8 4.8 2.4 2.2
O2ecomp 52.1 6.2 3.0 3.1
O10e1 6952 1438 368.7 120.2
O10e2 5498 1213 254.6 55.94
O10ecomp 6803 4684 1204 75.6
and O2-1 had themajor peaks in the relative sharp ranges, implying
that O10-1 was mainly consisted of the high-molecular-weight
resin species. In quantities, O10-1 has four peaks with different
relative intensities: i.e. 34% at 13.1 min, 100% at 15.1 min, 17.5% at
17.5 min, and 10% at 18.3 min respectively, compared with O2-1,
which also has four peaks in the elution time range of
12.7e19.1 min: 12% at 13.5 min, 99% at 16.8 min, 100% at 17.5 min
and 37% at 18.3 min respectively. Obviously, the major peak
intensity was intensified in the higher-molecular weight oligomer.
For the oligomers with higher Calc’d Mn (O10-1), the major peak at
15.1 min (100%) was new resin species which was not detected in
the lower Calc’d Mn oligomers (O1-1 and O2-1), implying that this
new species was coupled by the different lower-molecular molec-
ular resin species. It is obviously that, the molecular weights and
molecular weight distributions of F-PETIs were closely related to
their designed molecular weights.

Fig. 4 shows the MALDI-TOF mass spectra of the representative
imide oligomers with different Calc’d Pn (O1-1, O2-1 and O10-1) and
Table 3 summarizes the molecular structures of the resin species
detected. The imide oligomers are resin mixtures with different
molecular weights. O1-1 and O2-1 showed the same chemical
species with identical Pn (0e5) and molecular weights (m/z of
796.7e3087.7), but different 100% peak intensities (O1-1: Pn¼ 1, O2-
1: Pn ¼ 2). For instance, O1-1, which has the lowest Calc’d Pn (¼1),
contains 6 resin species with molecular weights (Mn ¼ 796.7 to
3087.7) and Pn (0e5): 796.7 (Pn ¼ 0, m/z: 819.7e23.0 ¼ 796.7, 1.5%),
1254.4 (Pn¼ 1,m/z: 1277.4e23.0¼1254.4,100%),1712.4 (Pn¼ 2,m/z:
1735.4e23.0 ¼ 1712.4, 84.7%), 2170.4 (Pn ¼ 3, m/z: 2193.4e23.0
¼ 2170.4, 62.2%), 2628.5(Pn ¼ 4, m/z: 2651.5e23.0 ¼ 2628.5, 25.5%)
and 3087.7 (Pn ¼ 5,m/z: 3110.7e23.0¼ 3087.7, 6.1%), respectively, in
which the species with Pn ¼ 1 showed the 100% peak intensity. In
comparison, O10-1, which has the highest Calc’d Pn (¼10), was
composed with as many as 16 chemical species with molecular
weights of 965.5e4924.2, in which the 100% peak intensity was
detected in the species with Pn ¼ 3 (m/z ¼ 2194.4).

Apparently, the major chemical species were polycondensed by
the aromatic dianhydride and aromatic diamine along with the
endcapping agents. It was also found that double-endcapped
chemical species were primarily produced for the lower Calc’d Mn
oligomers such as O1-1 and O2-1, and double- and mono-end-
capped species were simultaneously formed in the case of the
higher Calc’d Mn oligomer (O10-1). In comparing of the effect of
Calc’d Pn on the measured molecular weights, it can be concluded
that the higher-molecular-weight chemical species were produced
with increasing of Calc’d Pn.
3.4. Thermal curing of F-PETIs

Fig. 5 compares the DSC curves of F-PETIs with different Calc’d
Mn (O1-1, O2-1 and O10-1) and Table 4 summarizes the DSC data of
Minimum melt
viscosity (Pa s/�C)

Melt viscosity
variation at
280 �C for 2 h

Melt viscosity
variation at
310 �C for 2 h

370 �C

0.2 0.1 at 341 �C 0.46e0.51 0.29e85.7
0.7 0.4 at 338 �C 0.65e0.93 0.50e9.75

10.7 0.8 at 320 �C 1.27e2.73 0.88e452
3.6 0.8 at 347 �C 3.47e7.25 1.71e134.1

31.9 2.3 at 342 �C 4.95e6.44 1.51e87.14
32.3 2.9 at 324 �C 6.19e7.37 2.93e176.5
65.2 64.8 at 369 �C e e

21.6 22.9 at 367 �C e e

83.8 41.7 at 355 �C e e



Fig. 8. Isothermal melt viscosity at 310 �C of the representative F-PETIs and the
unfluorinated derivative.

Fig. 7. Isothermal melt viscosity at 280 �C of the representative F-PETIs and the
unfluorinated derivative.
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the imide oligomers. The Tgs of the imide oligomers determined by
DSC were in the range of 136 �Ce229 �C. The higher Calc’d Mn
oligomers showed higher Tg values. The strong curing exothermal
peaks were observed for the lower Calc’d Mn oligomers (O1-1 and
O2-1), in which the curing onset temperatures (Tonset) were
measured at 312e323 �C, and the exothermic peaks (Texo) at
406e413 �C, respectively. The normalized heat enthalpy (DH) was
calculated at 139.1e192.6 J/g. However, the higher Calc’d Pn olig-
omer (O10-1) did not show apparently thermal curing exothermal
peak, probably due to the low endcapping group density in the long
imide chains.

The exothermic peaks of the thermal curing reactions for
F-PETIs appeared at 406e441 �C, approximately 10e23 �C higher
than the corresponding unfluorinated ones (392e422 �C). This was
well accordance with the model compounds, implying that the
bulky �CF3 substituent leaded to steric barrier and resulted in the
phenylethynyl group being much difficulty in thermal curing. In
addition, the exothermic enthalpy (DH) decreased with increasing
of the Calc’d Pn. For instance, O10-1 has DH of 7.81 J/g, only 5.6% of
O2-1 (139.1 J/g) and 4.1% of O1-1 (192.6), respectively. This could be
interpreted by the contribution of the low endcapping group
density in the higher-molecular weight oligomers.

3.5. Melt processability of F-PETIs

The melt processability of F-PETIs was investigated by the
dynamic rheological method. Fig. 6 depicts the typical melt visco-
sityetemperature curves of the imide oligomers, in which it can be
seen that the melt viscosities were decreased gradually with
increasing of the scanned temperatures started at 200 �C, then
down to a valley stage where the melt viscosity reached the
minimum point, and then went up with further increasing of the
temperature due to the thermal curing of the fluorinated phenyl-
ethynyl groups. Compared with the higher Calc’d Mn oligomers
(O2-1 and O10-1), O1-1 showed much broad low viscosity range
started from 260 �C to 370 �C, indicating that this oligomer has the
widest melt processing window.

The complex melt viscosities at different scanned temperatures
and the minimum melt viscosities were summarized in Table 5.
Obviously, minimum melt viscosity temperatures were increased
with increasing of the molecular weights. For instance, the
minimum melt viscosity temperatures were increased from 341 �C
(0.1 Pa s) for O1-1e347 �C (0.8 Pa s) for O2-1 and 369 �C (64.8 Pa s)
for O10-1. The minimum melt viscosities were also increased
gradually with increasing of the molecular weights. Hence,
reducing the resinmolecular weights could result in sharp decrease
in the minimum melt viscosity and widen the processing temper-
ature window. In comparison, O2-1 (Calc’d Pn ¼ 2) has the melt
viscosity of 0.8 Pa s at 340 �C, the same with O1-comp (Calc’d
Pn ¼ 1), indicating that the higher-molecular-weight F-PETI could
give the same low melt viscosity as the low-molecular-weight
unfluorinated derivative.

Figs. 7 and 8 show the melt viscosity stabilities of the imide
oligomers against the isothermal standing time at 280 �C and
310 �C, respectively. The melt viscosity variations were depended
on the resin molecular weights as well as their chemical structures.
O1-1 showed the lowest melt viscosity variation of 0.46e0.51 Pa s
after isothermal standing at 280 �C for 2 h (Fig. 7), compared with
O1-2 (0.65e0.93 Pa s) and O1-comp (1.27e2.73 Pa s), implying that
the melt stability of the imide oligomers were closely related to
their molecular weights as well as the chemical structures derived
from the different endcapping agents. At higher isothermal
standing temperature (310 �C), the bitrifluoromethyl phenyl-
ethynyl-endcapped oligomer (O1-2) showed the best melt viscosity
stability than the monotrifluoromethyl phenylethynyl-endcapped
one (O1-1) as well as the unfluorinated phenylethynyl-endcapped
one (O1-comp). The isothermal standing time (Fig. 8) at which the
oligomer melt viscosity abruptly increased was 116 min for O1-2,
compared to 89 min for O1-1 and 70 min for O1-comp, indicating
that the fluorinated phenylethynyl groups showed obvious stabi-
lizing impacts on the oligomer melt viscosity, which is good
beneficial to the oligomer melt processability. Overall, the fluori-
nated phenylethynyl groups would not only contribute to reduce
the imide oligomer melt viscosity, but also be beneficial in
improving the stability of melt viscosity. These are due to the
introduction of the bulky trifluoromethyl in phenylethynyl end-
capping groups reduce the interchain interaction and the stiffness
of polymer backbone.
3.6. Thermal properties of the thermal-cured polyimides

F-PETIs could be thermally cured at 370 �C for 1 h into the
thermoset polyimides. Table 6 summarizes the thermal properties
of all cured polyimides determined by DSC and TGA. The Tgs of the
thermal-cured polyimides are closely related to the oligomer
molecular weights. The lower the un-cured oligomer molecular
weights, the higher the Tgs of the thermal-cured polyimides. For
instance, O1-1, with the lowest molecular weight, has the highest Tg



Table 6
Thermal properties of the thermal-cured polyimides cured at 370 �C for 1 h

Sample Tg (�C) Tonset (�C) T5 (�C) T10 (�C)

O1-1 332 580 559 598
O1-2 321 583 559 598
O1-comp 329 546 555 578
O2-1 306 583 561 603
O2-2 300 570 546 590
O2-comp 301 552 560 581
O10-1 269 578 573 601
O10-2 261 577 572 598
O10-comp 263 550 560 575

Table 7
Mechanical properties of the thermal-cured polyimides at 370 �C/1 h.

Sample Tensile
strength (MPa)

Tensile
modulus (GPa)

Elongation
at break (%)

O1�1 41.7 1.2 6.2
O1e2 39.0 1.4 5.8
O1ecomp 47.5 1.3 6.0
O10e1 112.2 1.1 18.6
O10e2 101.8 1.2 21.2
O10ecomp 121.5 1.3 23.5
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of 332 �C, 26 �C higher than O2-1 (306 �C), and 63 �C higher than
O10-1 (269 �C). Additionally, the monotrifluoromethylphenyl-
ethynylendcapped oligomers (O1-1, O2-1 and O10-1) showed
a little higher Tgs than the bitrifluoromethylphenyl-ethyny-
lendcapped ones (O1-2, O2-2 and O10-2). For instance, the
thermal-cured O2-1 has Tg of 306 �C, 6 �C higher than the thermal-
cured O2-2 (300 �C).

The thermal-cured polyimides provided with the onset
decomposition temperatures (Tonset) in the range of 570e583 �C, 5%
loss temperatures (T5) of 546e573 �C and 10% loss temperatures
(T10) of 578e603 �C (Table 6). No obvious difference in thermal
stability in nitrogen was observed for the thermal-cured poly-
imides. In addition, the thermal-cured fluorinated polyimides
exhibited little better thermal stability than the unfluorinated ones.
For instance, the thermal-cured O1-1 resin has Tonset of 580 �C
(34 �C higher than O1-comp (546 �C)), and T10 of 598 �C (20 �C
higher than O1-comp (578 �C).

The thermal curing kinetic analysis of the imide oligomers (O1-
1, O1-2 and O1-comp) were performed using DSC by monitoring of
the changes in Tg values as a function of the thermal curing
temperatures (360 �C/1 h, 370 �C/1 h, 380 �C/1 h and 390 �C/1 h,
respectively). The curing degree (x) was calculated by DiBenedetto
equation modified for highly crosslinked networks according to the
literatures [36,40e43,49]. Applying for the first-order data analysis
(�lnð1� xÞ ¼ Kt), the rate constant (K) at certain temperature was
obtained from the very good line fit. As shown in Fig. 9 in Arrhenius
relationship K ¼ Ae�Ea/RT between rate constant and temperature,
an activation energy (Ea) of 160.0 kJ/mol for O1-1 and 210.8 kJ/mol
for O1-2were obtained, compared to 141.5 kJ/mol for O1-comp. Due
to the higher activation energy, O1-2 would have the higher rate
Fig. 9. Arrhenius plots of the thermal curing kinetics of the representative F-PETIs and
the unfluorinated derivative.
acceleration trend in the thermal curing reaction than O1-1. And
the monotrifluoromethyl phenylethynyl-endcapped oligomer (O1-
1) expressed similar thermal curing behavior with the unfluori-
nated derivative (O1-comp).

3.7. Mechanical properties of the thermal-cured polyimides

Table 7 summarizes the mechanical properties of the thermal-
cured polyimides. After thermally cured at 370 �C for 1 h, the
resulted thermoset polyimides with Calc’d Pn ¼ 1 (O1-1 and O1-2)
exhibited good combined mechanical properties, including tensile
strength of 39.0e41.7 MPa, tensile modulus of 1.2e1.4 GPa, elon-
gation at breakage of 5.8e6.2%. The tensile strength and elongation
at breakage of the thermal-cured polyimides were greatly
improved when the oligomer molecular weights were increased.
For instance, the thermal-cured polyimides with Calc’d Pn ¼ 10
(O10-1, O10-2) showed tensile strength of 101.8e112.2 MPa and
elongation at breakage of 18e21%, much better than O1-1 and O1-
2. In addition, F-PETIs could produce the thermal-cured polyimides
with mechanical properties comparable to the unfluorinated
derivatives, revealing that no obvious negative impacts on
mechanical properties of the thermal-cured polyimides were
observed due to the fluorination of the phenyethynyl groups.

4. Conclusion

Novel fluorinated phenylethynyl-contained endcapping agents,
4-(3-trifluoromethyl-1-phenylethynyl)phthalic anhydride (3F-PEPA)
and 4-(3,5-bistrifluoromethyl-1-phenylethynyl)phthalic anhydride
(6F-PEPA) have been synthesized, which were employed to synthe-
size a series of F-PETIs. The experiments on the model compounds
indicated that the fluorinatedmodel compounds exhibited 22e35 �C
higher in thermal cure temperatures and42e52% lower inexotherms
than the unfluorinated derivative. F-PETIs also holded the thermal
curing temperatures of 20e30 �C higher than the corresponding
unfluorinated analogues. The melt processability of F-PETIs was
apparently improved by the melt viscosities decreased and the melt
viscosity stability enhanced due to the �CF3 groups in the imide
oligomers. F-PETIs could be thermally cured at 370 �C to afford
the thermal-cured polyimides, which denoted thermal properties
with Tg of as high as 332 �C, T5 of>570 �C, andmechanical properties
with tensile strength of as high as 122 MPa, and elongation at
breakage of >18%.
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The present study demonstrates the effect of unfunctionalized MultiWalled Carbon Nanotubes (MWNTs)
interfacial confinement on coalescence suppression in an immiscible polymer blend exhibiting a sea-
island morphology. The effect of carbon nanotubes on morphological stabilization in polyamide (PA)/
ethyleneemethyl acrylate random copolymer (EA) blends is studied using electronic microscopy tech-
niques. Owing to their interfacial localization, MWNTs are shown to enhance both phase dispersion and
stability of the dispersed phase for long mixing time (at least 60 min) and very low filler content
(0.5 wt.-% MWNTs) compared to what was previously observed in literature. MWNTs also produce
a more uniform distribution of droplets size. The main stabilization mechanism proposed is the
formation of a deformable barrier network providing a mechanical barrier against coalescence. Blends
stabilized by solid anisotropic nanoparticles, like MWNTs, could therefore offer an interesting alternative
to blends compatibilized by block-copolymers.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Multiphase polymer blends have attracted tremendous atten-
tion to achieve valuable properties materials by taking advantage of
the attractive features of each component. However, binary blends
of immiscible polymers generally exhibit poor properties due to
their coarse and unstable morphology [1]. To generate a material
exhibiting the desired properties, it is therefore essential to
produce a blend with fine and stable dispersed droplets.

Coalescence can be reduced by the use of interfacial block
copolymers, which act as surfactants stabilizing emulsions [2].
Compatibilization can also be achieved with the help of nano-
particles (carbon black, clay, silica, metal oxides, polymer latex etc.),
as it has been reported for a fewdecades [3e13]. The particles can be
trapped at the interface between polymers to minimize the total
interfacial energy of the system. These stabilized emulsions are
called RamdsenePickering emulsions, as a reference to Ramsden
[14] and Pickering [15] studies on the stabilization of low viscosity
fluids emulsions by a small proportion of insoluble particles. The
effectiveness of emulsion stabilization depends on various param-
eters such as the concentration, the size, the shape, the wettability
and the level of interparticle interactions of the particles [16].
32 10 451593.
ailly).

All rights reserved.
Recently, Madivala et al. [17] demonstrated that sufficiently elon-
gated particles can be effective coalescence suppressors of immis-
cible fluid phases, even when spherical or lower aspect ratio
particles presenting the same wetting properties are inefficient.
Thus anisotropic particles at low volume fraction lead to improved
stabilization compared to spherical particles. Moreover, morphology
stabilization bynanoparticles presents further advantages, compared
to other methods, by adding interesting properties such as improved
thermal or electrical conductivity.

Among nanofillers, carbon nanotubes have attracted tremen-
dous attention since their discovery in 1991 [18]. They combine
a high aspect ratio with exceptional electrical, mechanical and
thermal properties [19].

Carbon nanotubes have already shown their ability to refine
the morphology of immiscible polymer blends [20,21]. However,
only few authors have focused on the stabilization of polymer
blends by carbon nanotubes. Recently, Bose et al. [22] used amine
functionalized multiwall carbon nanotubes (NH2-MWCNTs) to
stabilize poly(methyl methacrylate) (PMMA) phase in poly[(a-
methyl styrene)-co-acrylonitrile] (PaMSAN)/PMMA blends. NH2-
MWCNTs were randomly dispersed in the homogeneous blends.
Due to thermodynamic considerations, the NH2-MWCNTs were
localized only in the PaMSAN after phase separation. It was
observed that a typical loading of 1.25 wt.-% NH2-MWCNTs totally
suppresses the coalescence on a practical time scale (at least
2500 s).

mailto:christian.bailly@uclouvain.be
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.11.004
http://dx.doi.org/10.1016/j.polymer.2010.11.004
http://dx.doi.org/10.1016/j.polymer.2010.11.004


Fig. 1. Relative torque versus compounding time for pure polymers as well as unfilled
and filled blends at 180 �C and 250 rpm.

Fig. 2. Complex viscosity of EA and PA versus angular frequency. The approximate
shear rate range in the minicompounder is indicated by the grey tint area.
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Due to their excellent electrical properties, carbon nanotubes
have often been used for the preparation of conductive materials
for electrostatic dissipative or electromagnetic interference
shielding applications. For the elaboration of such materials there
must be a conductive path through the material. The selective
localization of the conductive filler inside immiscible polymer
blends allows the formation of such a path with a reduced content
of carbon nanotubes. More precisely, the formation of a triple
percolating structure, i.e. two immiscible polymers forming
a continuous structure and the percolation of their interface where
the filler is located, seems particularly efficient to produce highly
conductive materials at low filler contents.

In this context, we explore the morphology of blends of poly-
amide (PA), ethylene methyl acrylate copolymer (EA) and carbon
nanotubes (MWNTs). In previous works [23,24], we have
demonstrated the interfacial localization of unfunctionalized
MWNTs in immiscible polymer blends. Here we study the stabi-
lization of a simple sea-island morphology by unfunctionalized
carbon nanotubes localized at the interface, with the intention to
extrapolate these results to triply percolating structures in the
future. The implication of MWNTs interfacial confinement on the
stabilization of blend morphology is investigated in the present
paper by a combination of TEM and SEM techniques. The overall
objective is to demonstrate that unfunctionalized carbon nano-
tubes, if localized at the interface, produce stabilized morphol-
ogies at lower filler content than was previously reported in
literature.

2. Experimental

2.1. Materials

The blends under study are composed of two immiscible poly-
mers: a polyamide and an ethyleneeacrylate copolymer. The poly-
amide (PA) is a copolyamide 6/12 (Grilon� CF6S, EMS Grivory) with
a lowmelting point of 130 �C. The ethylene-acrylate copolymer (EA)
used is a random copolymer of ethylene and 26e30 wt% methyl
acrylate (Lotryl� 28MA07, Arkema).

The MWNTs are Nanocyl�-7000 (Nanocyl S.A., Belgium),
produced via a catalytic carbon vapour deposition (CCVD) process.
They present 7 graphene shells, their average diameter is of 9.5 nm
and their average length is of 1.5 mm. The carbon purity is 90% and
the surface area is around 250e300 m2g�1.

2.2. Compounding procedure

Blends of 90 wt.-% EA and 10 wt.-% PA with and without carbon
nanotubes were prepared in a co-rotating twin-screw mini-
compounder (DSM Microcompounder 15 cm3). The compounder
was filled with 12 g material. The mixing temperature was 180 �C,
the screw speed was 250 rpm and the mixing time was either 10 or
30 or 60 min. The polymers were dried overnight at 50 �C prior to
compounding.

Two kinds of blends were prepared by simultaneous mixing:
binary blends of EA andPAwithoutMWNTs and ternary blends of EA
and PAwith various amounts of MWNTs. The torque was measured
during the compounding of neat polymers and composites to follow
their evolution with extrusion time.

3. Characterization

3.1. Scanning electron microscope (SEM)

Scanning electron microscopy was performed on cryofractured
surfaces using a LEO 982 (Zeiss) operating at 1 kV.
3.2. Transmission electron microscope (TEM)

Transmission electron microscopy was performed using a LEO
922 microscope operating at 200 kV. The specimens were cut
perpendicularly to the axes of the extruded samples using a Reichert
Microtome. Ultrathin sections of approximately 95 nm in thickness
were cut using a cryo-diamond knife with a cut angle of 35�

(Diatome, Switzerland) and collected in a blend of 60 vol% dime-
thylsulfoxide (DMSO)/40 vol% demineralised water on copper grids
(Diatome).

The droplets diameter was evaluated on TEMmicrographs using
the iTEM software (Olympus Soft Imaging System). Although the
measured diameter is not the actual diameter of the droplets, this
measurement allows to follow themorphology evolutionwith time.

3.3. Rheology

The sampleswereanalyzedusinga stress-controlledBohlin (now
Malvern) Gemini rheometer with 25 mm parallel plates. All the
measurements were performed under nitrogen, to avoid thermo-
oxidative degradation, at the compounding temperature, i.e. 180 �C.
The samples were measured in the linear range of deformation.

The thermal stability of both polymers was analyzed using the
multiwave-frequency option. For the EA copolymer, the



Fig. 3. (a, b) TEM micrographs of a blend of EA and PA without MWNTs, (a) 10 min mixing, (b) 60 min mixing.

Fig. 4. (aec) TEM micrographs of a blend of EA, PA and MWNTs: (a) 2 wt.-% MWNTs, 10 min mixing; (b) 2 wt.-% MWNTs, 60 min mixing; (c) 0.5 wt.-% MWNTs, 10 min mixing; and
(d) SEM micrograph of a cryofractured blend of EA, PA and 2 wt.-% MWNTs, 10 min mixing.
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fundamental frequency was 0.1 rad/s with 5% deformation plus two
additional waveforms at 1 rad/s with 1.5% and 10 rad/s with 0.5%
respectively. For PA, a higher deformation was applied to minimize
noise at low frequency. The fundamental frequency was therefore
0.1 rad/s with 10% deformation and two other frequencies of 1 rad/s
with 3% and 10 rad/s with 1%.

The frequency sweep experiments were conducted in the
frequency range of 0.1e100 rad/s.
4. Results and discussion

4.1. Rheological behavior of EA and PA

The viscosity ratio is one of themost critical variables controlling
blendmorphology. Torquewasmonitoredduring compounding and
rheological experiments performed in order to assess the possible
influence of chemical changes during processing on this parameter.

The evolution of the torque in the extruder was followed during
compounding (Fig. 1). The initial values are around 2500 N and
4800 N for EA and PA respectively. This is a good hint that PA is
more viscous than EA under these flow conditions.

The torque of EA is slightly decreasing with compounding time,
indicating the polymer is slowly degrading over long processing
times.
Fig. 5. TEM (a, c) and SEM (b, d) micrographs presenting the evolution of the morphology w
60 min compounding.
For PA, a torque increase of about 15% is observed during the first
20 min. This increase is probably related to condensation reactions
occurring in the compounder. At later times, the PA torque is
decreasing, reflecting a slow degradation.

The torque behavior of the blend (circle symbol) is very similar to
the data obtained by averaging the EA and PAvalues (cross symbol).
Most probably, the twopolymers behave in theblend approximately
the same as when compounded alone.

A frequency sweep at compounding temperature (Fig. 2)
confirms thehigher viscosityof theminorphasebycomparisonwith
the continuous one. In the shear rate range of the compounder, the
PA viscosity is 2e3 times higher than the viscosity of EA (assessed
fromCox-Merz equivalence). This is consistentwith the torque ratio
observed in the compounder.

In order to assess the thermal stability of both polymers at high
temperature, we have also performed a multiwave frequency time
sweep of the pure polymers at compounding temperature. From
this test (data not shown), we observe essentially no evolution of
the dynamic moduli up to 4000 s at the tested frequencies and we
can conclude that there is very little thermal degradation during
the experimental time. The torque data in the extruder and the
dynamic moduli in the rheometer show different trends but those
differences can be understood. The torque decrease in the extruder
highlights a shear-induced degradation, while in the rheometer, the
pure thermal degradation appears very limited in the same time
ith compounding time in the absence of MWNTs (a, b) 10 min compounding and (c, d)
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and temperature window. The torque increase observed for PA at
short times in the extruder is not paralleled by a viscosity increase
in the rheometer andmust be due to a condensation reaction that is
enhanced by mixing.

4.2. Blend morphology of EA/PA/MWNTs nanocomposites

The morphology of the blends without MWNTs is shown on
Fig. 3. TEM micrographs show that in absence of MWNTs, many EA
sub-inclusions are present in the PA dispersed phase. Fig. 3a shows
a droplet of PA dispersed in the EA matrix after 10 min of mixing.
Fig. 3b presents a droplet after 60 min of mixing with a very high
number of EA sub-inclusions.

In the presence ofMWNTs, there are nearly no EA sub-inclusions,
even after 60 min of mixing (Fig. 4aec). The MWNTs are mainly
localized at the interface,whatever the amount used, after 10min or
60minmixing. The interfacial localization is also clear from the SEM
micrograph after cryofracture (Fig. 4d), which presents a PA droplet
covered with MWNTs. The observed confinement can be rational-
ized by thermodynamics and irreversible polymer adsorption on
MWNTs [22,23].

Sub-inclusions of the matrix phase are spontaneously formed
by coalescence of poorly stabilized dispersed phase during the
later stage of mixing, i.e. when coalescence dominates over the
melting or softening process [25,26]. The high amount of sub-
inclusions observed after 60 min mixing hence witnesses the
dispersed phase coalescence during mixing. On the contrary, the
very low amount of sub-inclusions in presence of MWNTs
Fig. 6. TEM (a, c) and SEM (b, d) micrographs presenting the evolution of the morphology w
and (c, d) 60 min compounding.
highlights a strong reduction and/or slowing down of coalescence
mechanisms.
4.3. Morphology evolution with time

The evolution of the morphology with increasing compounding
time is shown in Fig. 5. In the absence of MWNTs, the morphology
coarsens with increasing mixing time (Fig. 5aed). This increase can
be explained by the rheological behavior of both polymers. In the
approximate deformation rate range of the minicompounder
(assuming Cox-Merz equivalence and predominant shear defor-
mation), the viscosity ratio is high, of the order of 3, with the
dispersed phase being the more viscous (see Fig. 2). In this situa-
tion, the Grace plot (critical capillary number Ca ¼ hcrd _n

g ;where hc is
the continuous phase viscosity, rd is the radius of the dispersed
phase, _n is the shear rate, and g is the interfacial tension, vs.
viscosity ratio p ¼ hd

hc
, where hc is the continuous phase viscosity

and hd is the dispersed phase viscosity) [27] predicts a less than
optimal dispersion, moreover strongly negatively affected by the
viscosity ratio. It has of course to be kept inmind that the Grace plot
can only be applied very qualitatively as the deformation field in
the extruder is complex rather than pure shear and the phases are
viscoelastic rather than purely viscous. However, rough trends
should be respected. The average particle size of the unmodified
EAePA blend (Fig. 5) increases approximately by a factor 3 between
10 and 60min. This result is compatible with a slight increase of the
viscosity ratio, which should strongly negatively affect dispersion,
ith compounding time in the presence of 2 wt.-% MWNTs (a, b) 10 min compounding



Fig. 7. Cumulative frequency versus droplet diameter for unfilled and filled blends
(0.5 wt.-%e2 wt.-%MWNTs) for 10 and 60 min blending (measured on TEM
micrographs).
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as confirmed by the simultaneous torque increase of 15% observed
for PA and slow decrease observed for EA (see Fig. 1).

On the contrary, in the presence of MWNTs, the morphology is
stabilized against coalescence. TEM and SEM micrographs
(Fig. 6aed) show that when EA and PA are simultaneously mixed
with 2 wt.-% MWNTs, the droplet size remains stable during mix-
ing. No increase of the diameter is observed and small PA droplets
Fig. 8. (aed) Cumulative and relative frequencies versus the droplet diameter (a) without M
(measured on TEM micrographs).
with MWNTs at the interface are still present even after 60 min
compounding (inserts Fig. 6b and d). This suggests that the distri-
bution generated during the first moments of mixing is “frozen”
and not further affected by the change in viscosity of the phases.
4.4. Quantitative image analysis

The size of the PA droplets was measured on the TEM micro-
graphs. The cumulative frequency versus the measured droplet
diameter is shown on Fig. 7 and Fig. 8.

Two effects are clearly highlighted on these graphs. First, at
equivalent compounding time, the droplets are smaller when
MWNTs are simultaneously mixed with the polymers even at only
0.5 wt.-% MWNTs (Fig. 7). Thus, unpurified and unfunctionalized
MWNTs enhance phase dispersion. Indeed, the as-produced
MWNTs exhibit a length comparable or higher than the diameter of
the dispersed phase (average length 1.5 mm). They are therefore
able to enhance phase dispersion during processing by splitting the
polymer droplets into smaller particles, leading to finer dispersion
as already been observed by Li et al. [28]

Second, due to the interfacial localization of the MWNTs, the
blends behave like Pickering emulsions. The droplets of the
dispersed phase are stabilized against coalescence by the MWNTs
adsorbed at the interface. Moreover, this stabilization is effective
even at very long mixing times (at least 60 min) and low MWNTs
contents (0.5 wt% MWNTs) (Fig. 8).

The mechanisms of stabilization by nanoparticles are however
not yet fully understood. Different mechanisms probably involved
WNTs; (b) with 0.5 wt.-% MWNTs; (c) with 1 wt.-%MWNTs; (d) with 2 wt.-% MWNTs



Fig. 9. Morphology development due to dispersed phase polymer droplets collision (a)
in the absence and (b) in the presence of MWNTs.
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in the emulsion stabilization are described in literature. A first
mechanism is the reduction of the interfacial energy per unit area.
Many authors [6,29e33] have measured a decrease of the interfa-
cial tension when organomodified clay is located at the interface
between immiscible polymers. However, as the clay is modified by
surfactants, it is not clear if the interfacial energy reduction is due to
the nanoparticles themselves or to contamination by surfactant. It
is thus not clear yet if unmodified particles would significantly
modify the interfacial energy per unit area. A second mechanism is
an increase of the major phase viscosity due to particle localization
in the matrix. This viscosity increase is responsible for a slowing
down of the matrix phase drainage, thus reducing coalescence [34].
This mechanism can not be active here since theMWNTs aremainly
located at the interface and the overall MWNTs concentration is too
low (well below the percolation threshold) to significantly affect
viscosity. Moreover, the torque measured for both polymers does
not change dramatically with increasing mixing time. A third
mechanism is the formation of a dense layer at the interface
between phases due to the selective localization of particles at the
interface. This dense layer can form a mechanical barrier prevent-
ing the coalescence of the dispersed phase [10,16,35]. Finally, the
presence of particle-bridged domains can also producemorphology
stabilization [36]. However, this last mechanism is considered as
less important and was not observed here.

Overall, the formation of a dense interfacial layer is the most
likely explanation for the observedmorphology stabilization. In the
absence of MWNTs, when a collision occurs between two droplets
of the dispersed phase, they coalesce and sometimes, a part of the
matrix material is not drained and forms a sub-inclusion (Fig. 9a).
In the presence of MWNTs, when two dispersed polymer droplets
collide, the deformable network formed by the MWNTs at the
interface prevents them from coalescing (Fig. 9b).

It is also worth noting that MWNTs are efficient at producing
a relatively narrow distribution of droplet sizes. Indeed, the cumu-
lative frequency curve is sharper in presence of MWNTs, indicating
a narrower distribution of sizes. Silica particles localized at the
interface have already shown this kind of uniform morphology
[37,38].

5. Conclusions

For the first time, the influence of unfunctionalized MWNTs
interfacial confinement on the stability of a polymer blend
morphology has been demonstrated. The effect of particle concen-
tration on the morphology and its evolution with increasing com-
pounding time has been studied.

MWNTs enhance both phase dispersion and stability of the
dispersed phase, even at long mixing time (60 min) and low nano-
filler content (0.5 wt.-%MWNTs). They also produce a more uniform
distribution of droplet sizes.

Taking advantage of the MWNT interfacial localization should
enable the development of stable binary blends at lower filler
content than previously published in literature. In the present
study, the minimum MWNTs content was 0.5 wt.-% but this
concentration can probably still be reduced.

The main mechanism involved most probably is the formation
of a deformable barrier network at the interface, due to MWNTs
selective interfacial confinement, providing a mechanical barrier
against coalescence of the droplets. Blends stabilized by solid
particles, like MWNTs, could therefore offer an interesting alter-
native to blends compatibilized by block-copolymers.
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A novel material comprised of bacterial cellulose (BC) and Laponite clay with different inorganiceorganic
ratios (m/m) was prepared by the contact of never-dried membranes of BC with a previous dispersion of
clay particles in water. Field emission scanning electron microscopy (FE-SEM) data of composite mate-
rials revealed an effective adhesion of clay over the surface of BC membrane; inorganic particles also
penetrate into the polymer bulk, with a significant change of the surface topography even at 5% of clay
loading. As a consequence, the mechanical properties are deeply affected by the presence of clay,
increasing the values of the Young modulus and the tensile strength. However the maximum strain is
decreased when the clay content is increased in the composite in comparison to pristine BC. The main
weight loss step of the composites is shifted towards higher temperatures compared to BC, indicating
that the clay particles slightly protect the polymer from thermal and oxidative decomposition.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Polymer-clay nanocomposites (PCN) have attracted much
attention in the materials science field, since the nanodispersion of
clays in a polymeric matrix has proved to be a successful strategy to
improve certain properties such as mechanical, thermal and gas
barrier, in comparison to the unmodified matrix [1e5]. The
behavior PCN materials depend on the interactions between the
clay and the polymeric structure and also the intimate contact of
both phases.

Several polymers have been used in the clay nanocomposites
preparation such as poly(methyl methacrylate) (PMMA), poly
(ethylene terephthalate) (PET), polypropylene (PP), epoxy resin,
polyimide, ethylene vinyl acetate (EVA) and many others [6e11].
The use of biodegradable specimens as polymeric source for
nanocomposite preparation was also reported. Poly(3-capro-
lactone), poly(lactic acid), cellulose and its derivatives, starch and
poly(hydroxybutyrate) are the main representative polymers of
biodegradable group [12e17].

Clays can also be combined with conducting polymers, such as
poly(aniline) in order to enhance its electronic properties [18]. Such
improvements are often associated to a distinct mode of organi-
zation assumed by the polymeric chains when intercalated into the
clay galleries [19]. Spectroscopic tools as Raman spectroscopy and
tino).

All rights reserved.
electron paramagnetic resonance allied to X-ray diffraction are
usually employed to characterize these novel materials [19,20].

Smectite, the most common kind of clay applied to develop
nanocomposite materials, is a layered silicate group primarily
constituted of Si and Al and/or Mg hydrates. It presents a central
octahedral sheet containing commonly Al3þ, Fe3þ, Mg2þ and Fe2þ

sites coordinated to either oxygen anions and hydroxyl groups and
two tetrahedral sheets at the top and below, constituted of
commonly Si4þ, Al3þ and Fe3þ coordinated to oxygen anions
arranged in a hexagonal fashion [21], as shown in Fig. 1. The
isomorphic substitution in octahedral sites by less charged speci-
mens, such as Al3þ by Mg2þ, and also in the tetrahedral sites, such
as Si4þ for Al3þ, is responsible for generating an excess of negative
charge in the layer The electric charge is counterbalanced by the
presence of cationic species, commonly Naþ, Kþ and Ca2þ, in
a region between subsequent layers called interlayer domain
[21e23].

Laponite, a synthetic smectite clay produced by Laporte Indus-
tries [24], presents Mg2þ ions in the octahedral sites and also Liþ

ions in minor amount; Naþ ions are in the interlayer domain. The
chemical formula Na0.7[Mg5.5Li0.4 Si8O20(OH)4] is proposed to
Laponite synthetic clay. This material shows plate-like particles
with dimensions typically around 20e30 nm in length and 0.92 nm
in width [25,26]. Besides its well-defined chemical composition
and dimensions, the inexistence of common inorganic components
generally carried in natural clays, such as silica and iron oxides,
allows the production of clear and transparent colloidal suspen-
sions of clay particles in water [24]. For this reason, Laponite is
suitable for example in the preparation of newmaterials by casting

mailto:vrlconst@iq.usp.br
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.10.062
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Fig. 1. Representative structure of Laponite synthetic clay (2:1 smectite).
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methodwith potential active applications as host for rare earth ions
[27] and also in the investigation of dye-clay systems through
spectroscopic techniques [28]. Laponite properties have allowed its
commercial application in household products, personal care items,
horticulture and preparation of paper and polymer films [29].

Several applications of Laponite have been reported in the
materials science field; among them, its combination with organic
polymers of distinct natures. For highly hydrophobic polymers,
such as polyethylene, an exchange of Naþ ions for alkylammonium
cations is generally required in order to increase the compatibility
of both materials and guarantee a good dispersion of the inorganic
filler in the polymeric matrix [30]. For hydrophilic polymers, such
as poly(vinyl alcohol), usually the clay particles are used without
further replacement of Naþ ions in the interlayer domain. The
water-based route to obtain nanocomposites in the cases where the
polymer is soluble seems to be the most reasonable and viable
method when the polymer processing by drastic methods, such as
melt intercalation, could affect deeply in a disfavored way the
properties of the organic counterpart.
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Fig. 2. XRD patterns of bacterial cellulose (a) BC-LP 5% (b) BC-LP 15% (c) BC-LP 30%
(d) BC-LP 40% (e) Laponite (f).
Bacterial cellulose (BC), obtained by Gram-negative acetic acid
bacteriaAcetobacter xylinum (reclassifiedGluconacetobacter xylinus),
is a biopolymer with a great potential for development of new
nanocomposite materials. The microorganism has the ability to
secrete cellulose as part of its metabolism when submitted to
a proper culture medium containing carbon and nitrogen sources.
BC is produced as highly hydrated membranes (up to 99% water in
mass), free of lignin and hemicelluloses, presenting higher crystal-
linity and degree of polymerization than vegetal cellulose, great
elasticity, high wet strength and conformability [31e33].

The jelly-like membrane formed in static culture is character-
ized by a 3-D structure consisting of an ultrafine network of
cellulose nanofibers (“nanocelluloses”), generating a greatly porous
matrix capable of stabilizing inorganic particles and reinforce
organic polymers [34,35].

Pristine BC membrane presents itself several applications, such
as diaphragms for loudspeakers and headphones, commercially
available by Sony Corp. [36], and also as support for Organic Light-
Emitting Diodes (OLED) devices [37]. However the most promising
application of BC is in the medical area for the treatment of burn
injuries, due to its elevated water holding capacity, great air
diffusion through the membrane, high Young modulus and also
fully biocompatibility [38,39]. Bacterial cellulose can also be used in
materials science, usually combined with inorganic particles.
Organiceinorganic hybrids based on BC and silica have been
prepared by sol-gel method [40,41]. The silica incorporated to the
bacterial cellulosewas able to increase themechanical properties of
Fig. 3. 29Si MAS-NMR spectra of Laponite (a) and the nanocomposites BC-LP 15% (b)
and BC-LP 30% (c).



Fig. 4. 13C MAS-NMR spectra of bacterial cellulose (a) and the nanocomposites BC-LP
15% (b) and BC-LP 30% (c).
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the biopolymer [40]. Electron microscopies showed that BC
membrane is an interesting template to control and stabilize silica
nanoparticles [41].

PCNmaterials comprised of bacterial cellulose and Laponite clay
can be interesting to produce high-technology devices. As it was
mentioned above, BC membrane can be used as a flexible substrate
to develop OLED devices for several applications (as for example
the production of adhesives or stripes for usage in photodynamic
therapy, PDT) [42]. In order to improve the performance of flexible
OLED containing BC, it is necessary to reduce the water vapor and
molecular oxygen transmission into the polymeric substrate [37].
PCN have recognized gas barrier property that is related to the
morphology of the clay platelets, whose large aspect ratio increases
Fig. 5. FEG-SEM front images of bacterial cellulose (upper left) and BC-LP 5% (upper right)
(magnification ¼ 5000�).
the effective path length for gases diffusion [43]. Barrier properties
are also important when considering the usage of biodegradable
polymers (such as bacterial cellulose) for food packaging materials
[44]. Taking into account the medical application of BC, Laponite
particles containing cationic therapeutic species (antibiotics for
example) can be dispersed into the biopolymer membrane and
used for the topical drug delivery [45]. Nanocomposites of BC and
Laponite can be modified and explored to produce ion-conducting
membranes. PCN have been evaluated as solid electrolyte in
batteries or electrochemical sensors for example [46].

The key point for an intimate contact between Laponite and BC
lies on the dimensions of the employed precursors and the degree
of inorganic particles delamination. Bacterial cellulose presents
interconnected bundles of cellulose ribbons that produce a porous
structure with average pore size of 200 nm [47]. On the other side,
clay platelets of Laponite usually present the biggest dimension up
to 30 nm [26], allowing it to cover virtually the whole exposed
surface of the polymer. It is expected, as result of the large interface
contact, an increase in the thermal and mechanical properties of
the nanocomposites in comparison to pristine bacterial cellulose.

This work focuses on the preparation and characterization of
hybrid bio-nanocomposites based onbacterial cellulose and Laponite
clay in order to evaluate possible modifications in the structural,
thermal and mechanical properties of BC after clay incorporation.
BC-LP materials were characterized by X-ray diffractometry, mass
coupled thermogravimetric analyses (TGA-MS), 29Si and 13C magic-
angle spinning nuclear magnetic resonance (MAS-NMR) spectros-
copy, field emission scanning electron microscopy (FE-SEM), and
tensile measurements. To the best of our knowledge, studies
involving the preparation of materials constituted of BC and clays
were not reported before.
and cross section images of bacterial cellulose (lower left) and BC-LP 15% (lower right)



Fig. 6. TG curves (upper graphic) of bacterial cellulose (a); BC-LP 5% (b); BC-LP 15% (c);
BC-LP 30% (d); BC-LP 40% (e); Laponite (f). DTG curves (lower graphic) of bacterial
cellulose (black); BC-LP 5% (red); BC-LP 15% (blue); BC-LP 30% (purple); BC-LP 40%
(green); Laponite (orange). (For interpretation of the references to colour in this figure
legend, the reader is referred to the web version of this article).
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2. Experimental

2.1. Materials

Never-dried bacterial cellulose membranes were supplied by
FibroceleProdutos Biotecnológicos LTDA (Brazil) and used as
received. Laponite RD� was obtained from Bentonit União Nordeste
(Brazil) and also used as received.

2.2. Preparation of BC-Laponite nanocomposites

Five never-dried stripes of bacterial cellulose (2 � 2 cm2)
weighting approximately 3.5 g were poured one by one into
a 250 mL polypropylene beaker containing 200 mL of deionized
water and the previously dispersed Laponite. The amount of clay
added to each beaker was calculated after weigh each moist stripe.
The used bacterial celluloseeclay (m/m) ratio was calculated by
taking into account the mass of the wet stripe and the mass of
Laponite. The clay proportions in BC-Laponite composites were 0, 5,
15, 30 and 40%; the samples were labeled as bacterial cellulose
(sample without clay), BC-LP 5%, BC-LP 15%, BC-LP 30% and BC-LP
40% respectively. The mixtures of BC and Laponite in water were
shaken in a mechanical shaker at 160 rpm for 3 days. After this time
the stripes were removed from the beakers, washed with deionized
water and dried at room temperature for 5 days.

2.3. Materials characterization

X-ray diffraction (XRD) patterns were collected on a Rigaku
Miniflex diffractometer using Cu Ka radiation (l ¼ 1.5451 Å)
equipped with Ni filter and operating at 30 kV and 15 mA. The
utilized step size was 0.03� and the angular domain analyzed was
comprised between 1.5 and 70�. Mass coupled thermogravimetric
analyses (TGA-MS) were carried out on STA 490 PC Luxx equipment
coupled to Aëolos 403C mass spectrometer at heating rate of
10 �C min�1, using alumina crucible loaded with 15 mg of sample
under 50 mL min�1 synthetic air flow. 29Si and 13C Magic-Angle
Spinning Nuclear Magnetic Resonance (MAS-NMR) spectra were
recorded in a Varian INOVA 300 (59.5 MHz for 29Si and 75.4 MHz
for 13C) spectrometer using a silicon nitride rotor with 5 kHz
spinning rate and sampling time of 0.050 s for a period of 12 h. The
morphological changes caused by the presence of Laponite in the
polymeric matrix were evaluated by field emission scanning elec-
tron microscopy (FE-SEM) on a JEOL JSM-7000F microscope using
uncoated samples attached to a Cu ribbon.

2.4. Tensile properties

The tensile measurements were performed with a Dynamic
Mechanical Analyzer 2980 (TA Instruments) equipped with a film
tension clamp at 27 �C. The specimens dimensions were
18.00 mm � 1.800 mm � 0.03 mm (length � width � thickness). It
was used a preload force of 0.01 N and the force ramp 8 Nm�1 until
the rupture of sample. The device was previously calibrated and
a total of 5 measurements for each sample were made in order to
ensure the reproducibility of the results.

3. Results and discussion

The XRD patterns of dried bacterial cellulose, Laponite and all
prepared BC-LP nanocomposite films are shown in Fig. 2.

Pristine bacterial cellulose film shows the presence of two main
diffraction peaks in the analyzed region, specifically in the 15e22�

(2q) range, assigned to the distinct phases known as 1a and 1b. The
phase 1 is related to the uniaxial arrangement of the linear b-1,4
glucan chains while the a and b index are associated to the crys-
talline structure of these linear chains: triclinic and monoclinic,
respectively [48e50]. For all composite samples, there is a change
on the relative intensity of these two diffraction peaks after
Laponite loading, suggesting a rearrangement of the polymer
chains. Considering only XRD patterns, it is not possible to confirm
which crystalline structure (1a or 1b) is mainly affected by the
presence of Laponite since both peaks present contribution of the
polymorphs [51].

To confirm the close interaction between the clay platelets
and cellulose chains it is noticeable for all samples a small peak
around 2.5e3.0� (2q) associated to a Laponite basal spacing
ranging from 3.0 to 3.5 nm. XRD pattern of Laponite in the
sodium cation form has a broad peak at about 5e6� (2q) asso-
ciated to the (001) basal spacing of about 1.3 nm. The increase in
the basal spacing after contact with BC polymer suggests the
polymer chains intercalation. Considering the clay layer thick-
ness as 0.92 nm [22,26], an interlayer space of about 2.1e2.6 nm
is resulted as the presence of guest species with considerable
dimensions. Probably, several glucose chains are confined
between adjacent clay platelets.

29Si solid-state NMR spectra of Laponite and two representative
BC-LP nanocomposites are shown in Fig. 3. The NMR spectrum of
Laponite shows a large peak at �95 ppm assigned to the Q3 units,
interpreted as SiO4 group connected by three oxygen atoms to three
other SiO4 groups in the same sheet and linked to the octahedral
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sheet by one oxygen atom (i.e., Si(OMg)(OSi)3 units) [52e54], as
shown in Fig. 1. Another signal, around�85 ppm and assigned to Q2

sites, arises from the SiO4 groups at the layer edges having terminal
silanol groups (i.e., Si(OMg)(OSi)2(OH) units).

The NMR spectra of BC-Laponite nanocomposites reveal that the
signal of Q3 sites is substantially similar to the Laponite signal,
suggesting that the abundant Q3 silicon nuclei were almost unaf-
fected in the nanocomposite formation. In other words, BC micro-
fibril was able to preserve the Laponite layer structure. The 13C
MAS-NMR spectra of BC and BC-Laponite nanocomposites (Fig. 4)
show the expected peaks for the carbon atoms of polymer chain:
105.7 ppm (C1), 89.8 ppm (C4), 75.2e72.3 ppm (C2, C3, C5) and
65.9 ppm (C6) [55,56]. The sharp peak in the 89.8 ppm is associated
to crystalline regions of the polymer while the broad signal
centered at 84 ppm is related to disordered domains and crystalline
surfaces [56]. Broad peak observed at about 62 ppm as a shoulder in
the C6 peak is also attributed to amorphous regions. The 13C MAS-
NMR spectral profiles of BC-Laponite nanocomposites reveal no
significant modifications in comparison to the pristine BC. It is
possible to infer that conformation modifications are not occurring.
13C MAS-NMR technique seems insensitive to hydrogen interac-
tions between the cellulose carbon chain and the inorganic
hydrophilic surface.
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The morphological modifications of bacterial cellulose
structure promoted by the presence of clay were investigated
by FE-SEM technique, as shown in Fig. 5. Bacterial cellulose
itself presents a fibrilar organization where each fibril is
comprised about a thousand of single linear glucan chains [32],
forming a net-like structure with large holes. On the other
hand, Laponite particles are well known by its plate-like shape,
around 30 nm in diameter [26] and, due to its small size, clay
particles can easily penetrate inside the cellulose matrix,
keeping a close interaction with the polymer. Even at 5% (m/m)
of clay loading, it is noticed a large deposition over the BC
surface; for the material loaded with 15% of clay, its cross
section image also shows a close interaction with bulk micro-
fibrils, evidencing that the Laponite can also penetrate through
the surface pores of BC (Fig. 5). It is believed that some particles
are able to penetrate over the fibrils in a deeper interaction
with glucan chains (as also evidenced by the presence of
intercalation peaks in the XRD data). It was observed drastic
change in the materials when the clay content in the composite
is increased. For example, the material having 40% of Laponite
presents a sandy aspect and is not possible even to distinguish
the bacterial cellulose surface (FE-SEM image not shown),
evidencing a high extension of interactions between the inor-
ganic filler and the hydrophilic organic polymer.

The TGA-MS and DTG data of bacterial cellulose, Laponite and
BC-LP nanocomposites are shown in Fig. 6. As it is expected, the
increase of the clay content in the hybrid materials results in an
increase of residual mass (comprised practically of clay thermal
decomposition by-products). All the BC-LP materials present the
first weight loss step associated to the water release (dehydration
process occurring up to about 150 �C), noticed in TGA curves but
better visualized in DTG curves (Fig. 6). The estimated water
content for each BC-LP sample ranges from 3.5 to 7%. Laponite clay
releases about 6% of interparticle and intercalated water up to
300 �C.
Table 1
Values of tensile strength, strain at rupture and Youngmodulus of bacterial cellulose
and the nanocomposites BC-LP 15% and BC-LP 30%.

Samples Tensile strength/
MPa

Strain at rupture/
MPa

Young modulus/
GPa

Bacterial
Cellulose

164 2.80 11.6

BC-LP 15% 215 2.31 16.9
BC-LP 30% 227 1.83 21.0



Scheme 1. Representative process of clay exfoliation and subsequent nanocomposite formation after interaction with bacterial cellulose.
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The second weight loss step shows a small shift towards higher
temperatures when clay content is increased, beginning at 228 �C
for bacterial cellulose and at 268 �C for the BC-LP 40% sample,
according to DTG data (Fig. 6). The clay presence in the polymeric
matrix should act as a protective barrier against the decomposition
of the carbon chain, shifting the beginning of the decomposition
process. Clay particles can make difficult the polymer contact with
molecular oxygen; the establishment of hydrogen bonds between
organic and inorganic parts can also cause difficulties to the release
of water molecules produced by the condensation of hydroxyl
groups of cellulose. Considering that water is the main volatile
species released in the second event, char can be formed. Usually
the presence of clay makes the formed char a better insulator and
barrier to the generated gases [2]. A thirdweight loss step related to
the organic phase is observed above 350 �C. Laponite clay is
thermal stable up to about 650 �C; the clay layers dehydroxylation
process is observed above this temperature.

Another collected data from TGA curves are the real composition
of each nanocomposite prepared. Considering that the weight loss
up to 650 �C is only associated to the adsorbed water release and
the BC decomposition, it is possible to estimate the mass of clay
incorporated within each obtained hybrid material. Hence,
considering that the weight of the residue obtained at 650 �C is the
Laponite content, BC-LP X % samples (where X ¼ 5, 15, 30 and 40%)
have about 13, 29, 50 and 58% (m/m) of the synthetic clay,
respectively. This increment in the Laponite content in the BC-LP
nanocomposite occurs due to the final drying process to obtain the
hybridmaterials, which elevates considerably the percentage of the
inorganic phase in the dried product. Before the drying step, the
BC-LP materials contain a large content of water and a small
amount of polymer and clay. However after drying the opposite
takes place (Fig. 6 shows that the water amount in BC-LP materials
is really low).

The MS curves associated to the fragments m/z ¼ 18 and
m/z ¼ 44 (assigned to the release of water and carbon dioxide
molecules, respectively) are shown in Fig. 7 and Fig. 8. It is noticed
that the second weight loss step is mainly comprised of water loss
associated with a small release of CO2 (due to the beginning of the
organic chain oxidation). It is relevant to notify that pristine BC
decomposition at about 320 �C (second event) is sensitive to the
atmosphere, as shown in Supplementary data. Also it was noticed
that the event is endothermic under nitrogen flow and exothermic
under synthetic air (DTA data not show). These data corroborate the
partial oxidative nature of the process. On the other hand, pristine
bacterial cellulose produces more CO2 than water in the third
weight loss event, but the relative intensity of the two gases release
seems to change appreciably when the Laponite content is
increased in the composite samples (Figs. 7 and 8).
It is also observed that the third mass loss step starts at 358 �C
for pristine BC and at 402 �C for the BC-LP 40% nanocomposite. For
this sample a weight loss event at higher temperature (around
650e700 �C) is related to water release from clay dehydroxylation,
detected only in high-content clay materials due to the small
extension of this phenomenon. Higher quantities of clay in the BC-
LP nanocomposites also make wider the third event of mass loss.
No other gaseous fragments were detected in appreciable quanti-
ties under the experimental conditions used in the present work.

The stressestrain curves of the bacterial cellulose and the BC-LP
composites containing 15% and 30% of inorganic filler are shown in
Fig. 9. All curves presented two typical distinct regions: the first
one, from the beginning to low values of strain with linear shape, is
related to an elastic deformation of the material, whereas the
second part of the curve is associated to a plastic deformation of the
material after reaching the yield point until the rupture. The
increase of Laponite content in the nanocomposites tends to
increase the values of the yield strength and the elastic modulus, as
summarized in Table 1.

By increasing the clay content, the values of tensile strength and
modulus raise, in comparison to pristine BC. It can be proposed that
the occurrence of strong hydrogen bond interactions between both
inorganic and organic parts hinders the slippage of the fibrils in
a large extension, causing either an increase of the necessary force
to disrupt the structure and also reducing the maximum strain.

The proposed schematic representation of the nanocomposite
formation is shown in Scheme 1.

At first, the disk-like Laponite particles exfoliate in the presence
of water at room temperature due to an osmotic swelling mecha-
nism [57]. After mixing the polymer and the exfoliated suspension
of clay occurs a strong interaction between the inorganic platelets
and the hydroxyl groups of bacterial cellulose causing the forma-
tion of homogeneous thin film after dryness.

4. Conclusion

Bacterial Cellulose and Laponite nanocomposites were succe-
ssfully prepared using increasing amounts of the inorganic modi-
fier in the polymeric matrix. According to XRD data, the presence of
clay affects directly the ratio of the crystalline structures presented
in the BC. A small diffraction peak observed in the low angle region
for all prepared materials suggests the production of both inter-
calated and exfoliated nanocomposites.

29Si and 13C MAS-NMR data were not able to show any signifi-
cant change due to the established interaction between organic and
inorganic parts. TGA data showed a shift to higher temperature of
the beginning of decomposition process of the nanocomposites in
comparison to the pristine BC. MS curves also reveal that the
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profiles of water and carbon dioxide liberation were changed as
well, increasing the decomposition onset temperature.

The pristine bacterial cellulose morphology was deeply affected
by the clay content, showing the strong interaction involving
organiceinorganic phases, and also the Laponite ability, regarding its
small dimension, to penetrate into the polymer cavities originated by
its net-like structure. Mechanical properties of the nanocomposites
also vary as function of clay content. Rising the clay content in the BC-
LPfilms, it is observedan increase in the tensile strength.On theother
hand, it causes a decrease in the final strain of the films.

BC-LP nanocomposites can be explored in the medical field for
topical drug delivery, for example, remembering that both organic
and inorganic counterparts present high purities and Laponite has
a high cation exchange capacity. The inorganic filler can improve
the mechanical properties of BC matrix opening also opportunities
to build new OLED devices.
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The molecular characteristics of poly(4-tert-butoxystyrene) (O) upon hydrolysis reaction were investi-
gated. It is known that O can be converted into poly(4-hydroxystyrene) (H) through hydrolysis reaction
using strong acid. In this study, a set of poly(4-tert-butoxystyrene-co-4-hydroxystyrene)s (O/H copoly-
mers) having various conversion rates, fHs, were prepared. Hydrolysis reaction is found to occur
uniformly by matrix-assisted laser desorption ionization time-of-flight mass spectrometry (MALDI-TOF
MS) where the average fH obtained was consistent with that from 1H NMR though a certain distribution
in the number of hydrolyzed units was conceived. Monomer sequence of O/H copolymers was deter-
mined by 13C NMR and the changes in triad concentration were obtained by spectra subtraction method.
As a result, 13C NMR reveals that O and H are statistically distributed. To evaluate the effect of hydrolysis
on microphase-separated structure, we observed the morphology of partially hydrolyzed poly(4-tert-
butylstyrene-block-4-tert-butoxystyrene) (BO) by transmission electron microscopy (TEM) and small-
angle X-ray scattering (SAXS). Samples with fH from 0.21 to 0.67 form both lamellar (major component)
and cylindrical (minor component) structures reflecting both the statistical manner of hydrolysis reac-
tion and the possible localized distribution of H sequence.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Topolymerize twoormoremonomers having inherently different
properties is one of the supreme goals to control the structure and
physical properties of copolymers. Although the technology is not
complete yet at the stage, monomer sequence is one of the respon-
sible factors determining the structures and properties of copoly-
mers. Many reports have shown that the morphology [1e6] and
surface and interfacial [7e13], thermal [14e16], and mechanical
[5,6,17e22] properties, etc. are not a simple function of copolymer
compositions but significantly depend on their monomer sequence.
Although the common method in preparing copolymers is copoly-
merization, chemical modification of polymers having reactive
functional group is another suitable method. For examples, poly-
diene, polyester and polyamine, etc. can be converted into copoly-
mers easily through hydrolyzation [3,23e35], hydrogenation
[35e37], sulfonation [3,38,39] or fluorination [40e43], etc. In these
cases, understandinghowapolymerundergoes a chemical reaction is
: þ81 52 789 3210.
Rahman), daisuke@apchem.
a-u.ac.jp (Y. Matsushita).

All rights reserved.
important to clarify the relation betweenmolecular structures of the
copolymers and their properties.

One well-studied polymer reaction is hydrolysis. The reaction is
easily performedby using either acid or base and easily controlled by
the reaction time and acid or base concentration. The kinetics of
hydrolysis reaction of polymers has been evaluated in the studies for
acrylate, methacrylate and acrylamide polymers [27e29,31e34]. In
these reports, it is believed that the neighboring component governs
the reaction path, resulting in the formation of blocky sequence.
However, the other paper reported that poly(tert-butyl acrylate) can
be hydrolyzed statistically since the effect of neighboring compo-
nents is reduced because of steric hindrance of bulky side chain [32].
Hence, monomer sequence may be determined not only by the
reaction mechanism but also by the chemical structure or the stiff-
ness of the chain.

In this work, the characterization of poly(4-tert-butoxystyrene)
(O) upon hydrolysis reaction was conducted. O can be easily con-
verted into poly(4-hydroxystyrene) (H) through hydrolysis reaction
using a strong acid. Due to the bulky structure of O, the effect of
microstructure on hydrolysis reaction is focused. Besides, since O is
a hydrophobic polymer but H is a hydrophilic one [44], degree of
hydrolysis makes it possible to produce a set of copolymers, which
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have various interactions with other polymers depending on the
extent. Therefore, we studied the morphologies of the block
copolymers having partially hydrolyzed O chains as one block
component at various conversion rates. Here, we employed poly(4-
tert-butylstyrene-block-4-tert-butoxystyrene) (BO) where the
relation between monomer sequence and microphase-separated
structure was investigated.
2. Experimental section

2.1. Preparation of polymers

The syntheses of O homopolymer and BO were conducted by
living anionic polymerizations in THF at �78 �C under vacuum
using sec-BuLi and methanol as an initiator and a terminator,
respectively. For BO, 4-tert-butylstyrene and 4-tert-butoxystyrene
were added sequentially. Number-average molecular weights, Mns,
were determined by matrix-assisted laser desorption ionization
time-of-flight mass spectrometry (MALDI-TOF MS) (AXIMA-CFR
Plus Kratos-Shimadzu) andmembrane osmometry (OSMOMAT090,
Gonotec GmbH). Molecular weight distribution, Mw/Mn, was
obtained from gel permeation chromatography (GPC) (HLC-8020,
Tosoh Corp.). Volume fraction of B, 4B, in BO was estimated from 1H
NMR (Varian INOVA, Varian). Table 1 represents the molecular
characteristics of the polymers.
2.2. Hydrolysis reaction

Hydrolysis reaction was conducted by heating 5 wt.% of 1,4-
dioxane solutions of O and BO under the presence of concentrated
hydrochloric acid (HCl). The conversion from O into H, fH, was
controlled by reaction time, temperature, and HCl concentration;
and was measured by 1H NMR at 500 MHz.
2.3. Characterization of O/H copolymers

To investigate how hydrolysis reaction proceeded, the charac-
terization of partially hydrolyzed O homopolymers was carried out.
The uniformity of hydrolysis reaction was analyzed by MALDI-TOF
MS. The matrix and ionization agent used were 2,5-dihydroxyl
benzoic acid (DHBA) and sodium trifluoroacetate, respectively.
Matrix (3 wt.% THF solution), ionization agent (0.1 wt.% methanol
solution) and O/H copolymer (0.1 wt.% THF solution) were mixed at
the ratio of 10:2:3. Nitrogen laser of 337 nm was used and
measurement was conducted using reflection mode. Monomer
sequence distribution in O/H copolymers was examined by 13C
NMR at 125MHz. Samples were dissolved in THF-d8 at 10 wt.%. THF
signal was used as a reference peak. The Varian-based data were
imported into personal computer using Mestre-C [45]. The aggre-
gation states of O/H copolymers were investigated by differential
scanning calorimetry (DSC) (EXTAR 6100, Seiko Instruments) at
a heating rate of 10 �C/min under nitrogen atmosphere.
Table 1
Molecular characteristics of samples.

Mn Mw/Mn 4B Nc

O 4ka 1.05 e 23
BO 67kb 1.02 0.45 399

a Determined by MALDI-TOF MS.
b Determined by membrane osmometry.
c Degree of polymerization, N.
2.4. Morphological observation

The effect of hydrolysis on the morphology of BO was evaluated.
Microphase-separated structures of hydrolyzed BOs were exam-
ined by transmission electron microscopy (TEM) (H-7100, Hitachi)
and small-angle X-ray scattering (SAXS). Film samples were
prepared by casting the hydrolyzed BOs from their THF solutions.
Films were then vacuumed dry for a day at 50 �C to remove the
remaining solvent and finally annealed at 190 �C under vacuum for
3 days. Because H is prone to cross-linking, the annealed samples
were checked by GPC. Even though the samples were annealed at
a high temperature, only a small part of the samples could be cross-
linked, whereas most of them were still in their original state.
Therefore, the formation of microphase-separated structure were
not affected by the cross-linking of H. For TEM observation, films
were cut into ultrathin film of 50 nm thickness and stained with
ruthenium tetroxide (RuO4). TEM was conducted at 100 kV. SAXS
measurement was carried out at BL-15A, Photon Factory, High
Energy Accelerator Research Organization, Japan. Camera length
was 2.3 m and the X-ray wavelength was 0.15 nm.

3. Results and discussion

The conversion rates of hydrolysis reaction for O homopolymer
and BO are shown in Fig. 1. Three different reaction conditions were
employed by varying the reaction temperature and HCl concentra-
tion. Throughout the experiments, the fH values were found to
increase linearly with an increase in reaction time. Evidently,
hydrolysis reaction rate becomeshigherathigh temperature andhigh
HCl concentration conditions. Hence, samples having fH ranging from
0 to 1 were managed to be prepared by controlling the time,
temperature and HCl concentration of the hydrolysis reaction.

To investigate the uniformity of hydrolysis reaction, MALDI-TOF
MS measurements of O/H copolymers were conducted. Measure-
ments for O andH homopolymers were conducted before analyzing
O/H copolymers to confirm the good combination among matrix,
ionization agent and polymer in order to obtain homogenously
dispersed samples [46,47]. Fig. 2a represents MALDI-TOF MS spec-
trum for O homopolymer. The peaks in the spectrum are regularly
spaced by m/z 176, which equals to the molecular weight of 4-tert-
butoxystyrene. A representative peak at m/z 3955.7 indicates an O
homopolymer having a degree of polymerization, N, equals to 22.
This can be calculated as, [C4H9-(C12H16O)22-H Naþ] ¼ 57.07þ
(22�176.12)þ1.01þ22.99¼ 3955.7. Based on this, each peak can be
assigned to a specific N. The MALDI-TOS MS spectrum of H homo-
polymer measured with the same manner as O homopolymer is
Fig. 1. Relation between conversion rate, fH, and reaction time for O homopolymer and
BO block copolymer. Solid lines are for eye guide.



Fig. 2. MALDI-TOF MS spectra of (a) O (fH ¼ 0.00) and (b) H (fH ¼ 1.00) homopolymers
at expanded scale. Inset figures show the full spectra.

Fig. 3. MALDI-TOF MS spectrum of O/H copolymer having fH equals to 0.05 at
expended scale. Inset figure at upper-right hand represents the full spectrum.
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shown in Fig. 2b. H homopolymer was prepared by 100% hydro-
lyzation of the parent O homopolymer that was confirmed before-
hand by 1H NMR and IR measurements (supporting information).
Each signal is separatedbym/z120,which is themolecularweight of
4-hydroxystyrene. A signal at m/z 2722.4 corresponds to H homo-
polymer with N of 22 calculated as [C4H9-(C8H8O)22-
H$Naþ] ¼ 57.07þ(22 � 120.06)þ1.01 þ 22.99 ¼ 2722.4. All main
peaks in the H homopolymer spectrum show the same N series as
the parent O homopolymer. On the other hand, small peaks appear
between the peaks associated with H monomeric repeating unit.
Because they are also equally spaced out by m/z 120, they may
probably be due to fragmentation caused by low proton affinity of
the matrix compared to H homopolymer [48e50]. Nevertheless,
a suitable measurement condition for both O and H homopolymers
was managed to be optimized.

Fig. 3 displays the full and expanded MALDI-TOF MS spectra of
the O/H copolymer with fH of 0.05. The full spectrum is more
complicated than the homopolymer ones indicating that O homo-
polymer is hydrolyzed at various fractions locally. Between two O
homopolymer peaks at N of 21 and 22 exhibited in the expanded
spectrum, there are two other small peaks withm/z difference of 56
and 112 from the peak of N equals 22. Considering the molecular
weight difference of O and H monomeric units is 56, these peaks
imply that 1 and 2 monomer units of O homopolymer have been
converted intoHmonomeric unit. Fig. 4aec shows the histogramsof
H fraction in O/H copolymers with fH ranging from 0.05 to 0.24. All
samples show a distribution in the number of H monomeric units.
Non-hydrolyzed O homopolymer is found in the samples with fH of
0.05 and 0.13. However, this fraction decreases as fH increases and it
vanishes at fH of 0.24 where O homopolymer was all converted into
O/H copolymer composingof 2e8units of Hmonomeric unit. On the
other hand, the average number of H unit in each sample increases
with an increase in fH, which is reasonably in good agreement with
that estimated from 1H NMR as shown in Fig. 4d. Hence, from
MALDI-TOF MS and 1H NMR, it is found that the hydrolysis reaction
goes uniformly according to the conversion rate with some distri-
bution in fH locally.

To examine the sequence distribution of monomers in O/H
copolymers, 13C NMR measurements were performed. Fig. 5 shows
the full 13C NMR spectra of O and H homopolymers in THF-d8. All
large signals are assigned to each carbon in O and H. 13C NMR also
verifies the full conversion from O into H where the signals from
carbons on tert-butoxy group (resonance peaks of g and h) of O
disappear in H spectrum. The expanded view of the benzene ring
carbon nearest to the backbone, which is called as aromatic C1 for O
homopolymer, within the field range of 140e144 ppm is presented
in Fig. 6. Since aromatic C1 resonance provides information on
backbone configuration, the stereoregularity of O homopolymer
was determined by using the relative magnitude of the three main
peaks which is 0.32:0.47:0.21 towards high field. Because mm is
most likely to be detected at either ends of the resonance, this data
implies that the fraction of mm triad could be either 0.32 or 0.21.
Then, statistical analysis using Bernoullian model was applied to
assign these peaks to triad sequence,mm,mr þ rm and rr, wherem
is meso and r is racemic [51e53] according to eq. (1),

½mm� ¼ P2m
½mr� þ ½rm� ¼ 2ð1� PmÞPm
½rr� ¼ ð1� PmÞ2

(1)



Fig. 4. Histograms of fraction of H in O/H copolymer having fH of (a) 0.05, (b) 0.13 and (c) 0.24; and (d) average number of H unit in each sample.
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where Pm is the probability ofm configuration and [mm], [mr], [rm]
and [rr] denote the fraction ofmm,mr, rm and rr triad, respectively.

If we assume 0.32 for [mm], it gives 0.57 for Pm and; 0.49 and
0.19 for [mr] þ [rm] and [rr], respectively. These values are
comparable to the experimental 0.32:0.47:0.21. Therefore, the
assignment for aromatic C1 of O homopolymer from low to high
field is determined to be mm, mr þ rm and rr. This order in triad
assignment is consistent with other reported polystyrene deriva-
tives [51,54e57]. Furthermore, this result implies that living anionic
polymerization of 4-tert-butoxystyrene using sec-BuLi in THF gives
atactic O homopolymer.

Fig. 7 compares the aromatic C1 resonances of O/H copolymers
(solid lines in Fig. 7). For spectra analysis, the intensity was
normalized by the intensity of methylene carbon and the total peak
area for all samples was confirmed to be constant. O/H copolymers
show two aromatic C1 peaks, which correspond to O component
(lower field at 141.0e143.8 ppm) and H component (higher field at
137.8e139.5 ppm), respectively. As fH increases, the peak intensity
for O component decreases, while that for H component increases
Fig. 5. 13C NMR spectra of O (lower) and H (upper) homopolymers in THF-d8.
indicating the causal relation between O and H homopolymers. In
addition, the shapes of the peaks and the chemical shift also change
with fH, implying that the chemical environment of aromatic C1 of
O/H copolymers is different from their homopolymers due to
monomer distribution.

Further analysis on aromatic C1 resonances of O/H copolymers
provides details on monomer sequence distribution. Though we
observed no explicit new peaks that could be detected to assist the
assignment of monomer sequence due to the weak influence of
tert-butoxy and hydroxyl groups on the resonance of aromatic C1
because they are situated at the outermost part of the polymer
chain, we still can estimate whether the hydrolysis reaction goes on
block-likely or statistically, by applying spectra subtractionmethod.
The spectra of O and H homopolymers were reduced to each fH
(dotted lines in Fig. 7beg) and compared to O/H copolymer ones. If
the hydrolysis reaction proceeds from one end of O homopolymer,
Fig. 6. Expanded view of aromatic C1 resonance of O homopolymer.



Fig. 7. Aromatic C1 resonance of O/H copolymers (solid lines) compared to O and H homopolymer (dotted lines). Shaded area represents the portion of the peak that changes upon
hydrolysis reaction. Red region is the amount of H-centered triad sequence where A1 consumes HHH, HHO and OHO; and B1 consumes a part of HHO and OHO. Grey region is the
amount of O-centered triad sequence where A2 composes of a part of OOH and HOH; and B2 composes of OOO, OOH and HOH (For interpretation of the references to colour in this
figure legend, the reader is referred to the web version of this article).
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the O/H copolymer is actually an OeH diblock copolymer. In this
case, the 13C NMR spectrum of the partially hydrolyzed O/H
copolymer should be consistent with the reduced homopolymer’s
spectrum assuming that the effect of the junction point is negli-
gible. On the other hand, if the hydrolysis reaction proceeds
statistically, the difference between a hydrolyzed sample and the
reduced homopolymers spectra can be observed.

The shaded regions in Fig. 7 exhibit the difference between the
O/H copolymer and the homopolymer peaks which represent the
portions of monomer sequence that change upon hydrolysis. There
are two areas in the aromatic C1 resonance of O component. A1
where the dotted line is above the solid one is the lost O homo-
polymer regiondue to the production ofH component. It represents
H-centered triad sequence of OHO, HHO and HHH. On the other
hand, A2 where the solid line of O/H copolymer exceeds the dotted
one for O homopolymer is the newly detected region compared to
that of O homopolymer composed of O-centered triad sequence of
OOH andHOH. The same idea can also be applied to the aromatic C1
of H component. B1 indicates theH-centered triad sequence of HHO
and OHO which are formed by hydrolysis reaction, while B2 corre-
sponds to the overestimated amount of HHH triad sequence and
therefore, includes HOH, OOH and OOO.



Fig. 8. Relation between the area ratios of aromatic C1 resonance and fH. (a) exhibits
changes in H-centered triad sequence, while (b) shows changes in O-centered triad
sequence.

Fig. 9. DSC traces of O homopolymer having various fH. The Tgs of the samples are
shown with arrows.
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By comparing the shaded areas having triad sequence of the
same center as a function of fH, we can estimate how the hydrolysis
reaction occurs. Fig. 8 exhibits the relation between shaded area
ratio and fH. Here, area ratios of A1, A2, B1 and B2 to the total area of
shaded regions, i.e., (A1þA2) and (B1þB2), in each aromatic C1
resonance were used. It is evident that the area fraction of A1 is
comparable to that of B1 at any fH meaning that the lost of
O-centered triad sequence by hydrolysis is converted into the
H-centered triad sequence of HHO and/or OHO. Similarly, the area
fraction of A2 is also similar to that of B2 at any fH, indicating the
overestimated amount of HHH triad sequence corresponds to the
O-centered sequence of OOH and/or HOH. These results clearly
point out that the conversion from O into H by hydrolysis reaction
occurs statistically rather than block-likely.

Hydrolysis reactions of acrylate polymers have been well-
studied [29,32]. It has been recognized that the hydrolysis reaction
of poly(methyl acrylate) is strongly influenced by the calatytic effect
of neighboring group, resulting in forming blocky sequence. The
effect of neighbors forms so-called a six-membered cyclic inter-
mediatewhich is the postulated structure takenwhen a carboxylate
ion attacks on the neighboring ester group [34]. However, this effect
becomes small for such a polymer having bulky substituent as poly
(tert-butyl acrylate) due to steric hindrance [32]. Poly(4-tert-
butoxystyrene) also has a more bulky substituent. Since segment
lengths of poly(methyl acrylate), poly(tert-butyl acrylate) and poly
(4-tert-butoxystyrene) are 0.61, 0.69 and 0.78 nm [58e62], respec-
tively, the effect of the substituent on steric hindrance is the stron-
gest for poly(4-tert-butoxystyrene) and the catalytic effect could be
the smallest among these three polymers. Hence, it is reasonable to
consider that the hydrolysis reaction of poly(4-tert-butoxystyrene)
to occur statistically.

Aggregation states of O/H copolymers were evaluated by DSC
measurements prior to the morphological observation of hydro-
lyzed BO. DSC traces of O/H copolymers are represented in Fig. 9. For
comparison, those for O andHhomopolymers are also included. The
glass transition temperatures, Tgs, of the polymers are pointed with
arrows in Fig. 9. Both O and H homopolymers showed a single Tg at
73 and 147 �C, respectively, while all O/H copolymers exhibited
a single Tg appearing between the two values for the homopolymers
depending on conversion rate. This means that partially hydrolyzed
O homopolymers do not phase-separate, which also supports the
statistical behavior of the hydrolysis reaction confirmed by 13CNMR.

Fig. 10a shows TEM images of symmetric BOs with fH ranging
from 0.21 to 1.00. B phase appears dark, while O/H phase appears
bright since the samples were stained with RuO4. Original BO
sample shows no phase-separated structure. Samples with fH from
0.21 to 0.61 exhibited two structures, lamellar structure as the
major component and cylindrical structure as the minor one. On
the other hand, only lamellar structure was found for samples with
fH larger than 0.61. The corresponding SAXS profiles are displayed
in Fig. 10b. A broad correlation hole peak is observed for BO sug-
gesting that it is in a disordered state. Integer order peaks indi-
cating lamellar structure are strongly detected in all samples, while
weak additional 1, O3, O4, O7, O9 and O12 peaks are detected in
samples with fH from 0.21 to 0.61, implying the coexistence of
cylindrical structure in a small fraction. Hence, the morphologies
observed by TEM are in good agreement with SAXS. Furthermore,
O/Hmixed block of the partially hydrolyzed BOs showed a single Tg,
which is consistent with that observed for partially hydrolyzed O
homopolymer, indicating the major component of partially
hydrolyzed BO is the lamellar structure (supporting information).



Fig. 10. (a) TEM images and (b) SAXS profiles of hydrolyzed BO with fH of 0.21, 0.38,
0.50 and 1.00. Underlined integer order numbers in the SAXS profiles indicates the
diffraction peaks from lamellar structures, while the square-root ones represent those
from cylindrical structures.
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Considering that the hydrolysis reaction in BO proceeds in the
similar way as O homopolymer does, the observed lamellar struc-
ture can be explained by the statistical occurrence of the hydrolysis
reaction. Meanwhile, cylindrical structure is formed probably due
to the distribution in hydrolyzed sites that may induce some block
sequence of H locally. Considering that BO is a weakly segregated
pair due to their disordered state, this small clusteredH can form an
isolated minority domain leaving O to exist in B phase to increase
the total volume of the mixed phase as matrix, which leads to
produce cylindrical structure. In order to confirm this, the diameter
of the cylindrical structure, dcyl, was estimated based on TEM
images and compared with the thickness of H domains in the
lamellar structure of the fully hydrolyzed sample, dlam (22 nm). dcyl
values obtained are 11, 14, 16 nm for samples with fH of 0.21, 0.38
and 0.58, respectively. It is evident that the dcyl values increase with
increasing fH and are smaller than the dlam value. These results
imply that H block sequence is formed more or less but its char-
acteristic length is smaller than the fully hydrolyzed O block,
supporting the hypothesis. Thus, this shows that the morphology of
hydrolyzed BO is evidently consistent with molecular characteristic
analysis of O/H copolymer.

4. Conclusions

In this study, the characterization of O/H copolymers obtained
from hydrolysis reaction of O was conducted byMALDI-TOFMS and
13C NMR. It was found that the reaction uniformly occurs, though
a certain distribution in the number of hydrolyzed site was detec-
ted. 13C NMR reveals that O and H are statistically distributed in O/H
copolymers. To evaluate the effect of monomer sequence in O/H
chain on the bulk structures, we studied the morphology of
partially hydrolyzed BO. Samples with intermediate fH show
multiple structures, i.e. lamellar (major component) and cylindrical
(minor component) structures. This observation can be explained
by considering both the statistical manner of the hydrolysis reac-
tion and the distribution of hydrolyzed sites.
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A methodology is described for the preparation of thermosensitive organiceinorganic hybrid microgels
with functional Fe3O4 nanoparticles as the crosslinker and N-isopropylacrylamide (NIPAm) as the
monomer. Magnetic Fe3O4 nanoparticles were first prepared via a redox reaction in aqueous solution and
then modified with 3-(trimethoxysilyl)propylmethacrylate (TMSPMA) via the silanization. The bonding
of multiple TMSPMA monomers on the surface of Fe3O4 nanoparticles renders them as crosslinker.
Surfactant-free emulsion polymerization (SFEP) of NIPAm was then carried out with the presence of
TMSPMA-modified Fe3O4 nanoparticles at 70 �C in aqueous solution, leading to the formation of ther-
mosensitive PNIPAm-Fe3O4 hybrid microgels crosslinked with Fe3O4 nanoparticles. Transmission elec-
tron microscopy (TEM), scanning electron microscopy (SEM), energy dispersive X-ray analysis (EDX),
thermogravimetric analysis (TGA), dynamic light scattering (DLS) and physical properties measurement
system (PPMS) were then used to characterize the resultant hybrid microgels. The experimental results
show that the PNIPAm-Fe3O4 hybrid microgels were spherical in shape with a large size distribution and
the Fe3O4 nanoparticles were randomly distributed inside the microgels. The PNIPAm-Fe3O4 hybrid
microgels were thermosensitive, exhibiting a reversible swelling and deswelling behavior as a function of
temperature. The PNIPAm-Fe3O4 hybrid microgels also show superparamagnetic behavior at room
temperature (300 K).

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Since Pelton and Chibante [1] first reported the preparation and
characterization of thermosensitive poly(N-isopropylacrylamide)
(PNIPAm) microgels via surfactant-free emulsion polymerization
(SFEP) in 1986, microgels have attracted extensive interests due to
their potential applications in many diverse fields, specially such as
drug delivery, biosensor, templates for nanoparticle synthesis and
catalyst [2e6]. It is thus greatly significant to tailor the properties
and functionalities of the microgels. Conventional methods mainly
involve the introduction of the second or thirdmonomer during the
SFEP of N-isopropylacrylamide (NIPAm), which will lead to the
microgels with various functionalities, like response to pH value,
UV irradiation of the environments, etc. [7e10].

In recent decades, a new type of materials, namely organice
inorganic hybrid materials, has emerged [11e16]. These organice
inorganic hybridmaterials possess andcombine at the same time the
x: þ86 571 87952400.

All rights reserved.
properties of organic components and inorganic components, which
render them more superior microstructures and properties. Many
researchers have devoted their numerous efforts to the fabrication
and characterization of organiceinorganic hybrid materials
[3,4,6,11e14,17e28]. Concerning the research field of microgels, the
organiceinorganic hybrid microgels have been reported in recent
years [11,24,26,27,29e35]. In a recent review, Karg andHellweg have
classified the types of hybrid microgels reported in literature [11].
Three typical classes of organiceinorganic hybrid microgels were
discussed. They are: (1) Core-shell microgels with inorganic nano-
particles as cores, ofwhich the gel shells are formed on the surface of
inorganic nanoparticles; (2) Microgels filled with inorganic nano-
particles, of which the inorganic nanoparticles are in-situ synthe-
sized inside themicrogels; (3)Microgels coveredwith nanoparticles,
of which the microgels are first prepared and the inorganic nano-
particles are coated onto themicrogels in the following step. Various
inorganic nanoparticles, such as Au, Ag, Fe3O4, SiO2 and TiO2, etc.,
have been incorporated into the microgels, forming the hybrid
systems [17,19,20,22,23,28e35]. Depending on the inorganic nano-
particles used, the resultant hybrid microgels can have various
special properties, such as local surface plasmon, magnetic and
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fluorescence properties, etc. [19,20,28e36] However, most of the
hybrid microgels reported in recent years have microgel-shells or
microgels prepared with the presence of conventional chemical
crosslinker, N,N0-methylene-bisacrylamide (BIS).

The fourth possible class of organiceinorganic hybridmicrogels is
that the hybridmicrogels are in-situ formed via covalent crosslinking
with functional inorganic nanoparticles without adding any
conventional chemical crosslinker. In other word, the functional
inorganic nanoparticles act as chemical crosslinkers. Currently,
reportsabout such fourthclassoforganiceinorganichybridmicrogels
are still rare. Clay nanoparticles were first successfully used as
crosslinking agent for the preparation of organiceinorganic hybrid
hydrogels [37e40] andmicrogels [41] in the absence of conventional
chemical crosslinker. However, the crosslinking mechanism of the
clay particles is not well-defined and still unclear [37e41]. It remains
unknownwhether there are covalent bonds between the clay parti-
cles and the network chains. For organiceinorganic hybrid solid
nanoparticles, modified clay nanoparticles were successfully encap-
sulated inside latex particles via covalent bonds [42]. In another
report, magneto-responsive polystyrene (PS) gels were fabricated by
using functional Fe nanoparticles as crosslinking agent via the
surface-initiated atomic transfer radical polymerization (SI-ATRP)
without addinganyconventional chemical crosslinker [43].However,
themechanism of crosslinking and network formationwas not well-
established as well and still under debate for such FeePS hybrid gels.
The authors argued that the crosslinking points were formed via the
interparticle termination of propagating radicals on the Fe nano-
particles [43]. Here, we reported the successful preparation of ther-
mosensitive organiceinorganicPNIPAm-Fe3O4hybridmicrogelswith
functional Fe3O4 nanoparticles as the crosslinker and NIPAm as the
monomer. The PNIPAm chains were covalently crosslinked with
surface-functional Fe3O4 nanoparticles. The crosslinking mechanism
was well-defined in the present work, which involved the radical
crosslinking polymerization of multiple carbonecarbon double
bondsgraftedonthesurfaceof Fe3O4nanoparticles and the formation
of covalent bonds between Fe3O4 nanoparticles and network chains.
No conventional chemical crosslinker was used. Transmission elec-
tronmicroscopy (TEM), scanning electronmicroscopy (SEM), energy
dispersive X-ray analysis (EDX), thermogravimetric analysis (TGA),
dynamic light scattering (DLS), and physical propertiesmeasurement
system (PPMS) were then used to characterize the functional Fe3O4
nanoparticles and resultant hybrid microgels.We demonstrated that
the thermosensitive and magnetic PNIPAm-Fe3O4 hybrid microgels
were indeedobtained,whichwere spherical in shapewitha relatively
large size distribution. The Fe3O4 nanoparticles were randomly
distributed inside the hybrid microgels.

2. Experimental

2.1. Chemical and materials

N-isopropylacrylamide (NIPAm: 99%) and 3-(trimethoxysilyl)
propylmethacrylate (TMSPMA: 98%) were purchased from Acros
Organics. Ferrous chloride tetrahydrate (FeCl2$4H2O), anhydrous
ferric chloride (FeCl3), potassium peroxydisulfate (K2S2O8) (Sino-
pharm Chemical Reagent Co. LTD) and ammonia solution (25%,
Hangzhou Changzheng Chemical Reagent Co. LTD) were used
without further treatment. All other reagents were of analytical
grade and used as received. Deionized water was used.

2.2. Preparation and surface modification of Fe3O4 magnetic
nanoparticles

The preparation of Fe3O4 magnetic nanoparticles was adapted
from a literature method [18,44,45]. First, ferric chloride (FeCl3,
820.2 mg) was dissolved in 30 ml deionized water under
mechanical stirring and nitrogen atmosphere at 25 �C in a three-
neck flask. 10 ml of ferrous chloride tetrahydrate (FeCl2$4H2O,
52.94mg/ml) aqueous solutionwas then added into the flask under
stirring. After 10min, ammonia aqueous solution (w4.5 g, 25%) was
slowly injected into the flask. The reacting solution turned into
black with the injection of ammonia solution. The total amount of
the reacting solutionwas about 45ml. The reactionwas maintained
for 2 h. When the reaction was complete, the Fe3O4 nanoparticles
were separated and washed with deionized water several times
with the help of a magnet until the deionized water was neutral.
(Fig. S1a in Supplementary Material) The purified Fe3O4 nano-
particles were redispersed into 45 ml deionized water. Afterward,
0.30 ml of 3-(trimethoxysilyl)propylmethacrylate (TMSPMA) was
injected into the Fe3O4 nanoparticles solution under mechanical
stirring at 25 �C. The surface silanization of Fe3O4 magnetic nano-
particles was allowed to proceed for 24 h. Surface modified Fe3O4
magnetic nanoparticles were then collected and washed with
deionized water for several times with the help of a magnet.
(Fig. S1b in Supplementary Material).

2.3. Synthesis of PNIPAm-Fe3O4 hybrid microgels via surfactant-free
emulsion polymerization (SFEP)

The thermosensitive organiceinorganic PNIPAm-Fe3O4 hybrid
microgels were synthesized via SFEP. Surface modified Fe3O4
magnetic nanoparticles (2.05 mg/ml) were first well dispersed in
10 ml deionized water by sonication for about 1.5 h, and then
transferred into a three-neck flask. The temperature of the solution
was increased to 70 �C under mechanical stirring with a polytetra-
fluoroethene (PTFE) stirrer. Oxygen was eliminated by bubbling
nitrogen through the solution. After 15 min, 20 ml of K2S2O8
aqueous solution (ca.1.09 mg/ml) was added into the flask. After
another 15 min, 10 ml of NIPAm aqueous solution (NIPAm,
30.52 mg/ml) was injected into the reacting solution. The reaction
was continued at 70 �C for 12 h. The obtained brown PNIPAm-Fe3O4
hybrid microgels were purified by several centrifugation and
redispersion cycles with the supernatant replaced by deionized
water during each cycle.

2.4. Instrumental and characterization

2.4.1. Fourier transform infrared spectrum (FT-IR)
Fourier Transform Infrared (FT-IR) spectra were recorded by

a Vector 22 Bruker spectrometer in the transmission mode using
potassium bromide (KBr) pellets of the sample. The dried powders
of the pure and TMSPMA-modified Fe3O4 nanoparticles as well as
the PNIPAm-Fe3O4 hybrid microgels were mixed with KBr and
pressed to a plate for the FT-IR measurements, respectively.

2.4.2. Transmission electron microscopy (TEM)
The morphologies of the pure and TMSPMA-modified Fe3O4

nanoparticles as well as the PNIPAm-Fe3O4 hybrid microgels were
observed by transmission electron microscopy (TEM) on a JEOL
JEM-1200 electron microscope operating at an acceleration voltage
of 60 kV. The TEM samples were prepared by dip-coating with
carbon-coated copper grids into the corresponding solutions. The
solvent was gently absorbed away by a filter paper. The grids were
then allowed to dry in air at room temperature before observation.

2.4.3. Scanning electron microscope (SEM) and energy dispersive
X-ray analysis (EDX)

The morphologies of the PNIPAm-Fe3O4 hybrid microgels were
also observed by scanning electron microscope (SEM) on a Hitachi
S4800 electron microscope. A droplet of the microgels solutionwas
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cast onto the aluminum foil at room temperature. After about
15 min, the excess solution was gently absorbed away by a filter
paper and the aluminum foil was then allowed to dry in air at room
temperature. Before SEM observation, the microgel samples were
coated with platinumvapors. Several positions of the samples were
imaged and energy dispersive X-ray analysis (EDX) of the PNIPAm-
Fe3O4 hybrid microgels was also carried out.

2.4.4. Thermogravimetric analyses (TGA)
Thermogravimetric analyses (TGA) of TMSPMA-modified Fe3O4

nanoparticles and PNIPAm-Fe3O4 hybridmicrogels were performed
by a NETZSCH STA 409 PC/PG instrument from 30 to 600 �C under
a nitrogen atmosphere with a heating rate of 20 �C/min.

2.4.5. Dynamic light scattering (DLS)
The hydrodynamic diameter, size distribution, and thermo-

sensitive behavior of the PNIPAm-Fe3O4 hybrid microgels were
investigated by dynamic light scattering (DLS) as a function of
measuring temperature at a scattering angle q of 90� on a 90 Plus
Particle Size Analyzer (Brookhaven Instruments Corporation). The
hybrid microgels were diluted in deionized water to give
a concentration of 0.35 g/L. For each measuring temperature, the
microgel solution was equilibrated for 10 min and measured for
four times with each run of 1 min. The hydrodynamic diameter and
size distribution of the pure and TMSPMA-modified Fe3O4 nano-
particles were also characterized by DLS.

2.4.6. Physical properties measurement system (PPMS)
Magnetic properties of the TMSPMA-modified Fe3O4 nano-

particles and PNIPAm-Fe3O4 hybrid microgels were measured by
using a physical properties measurement system (PPMS-9,
Quantum Design). The magnetization hysteresis loops were
measured at 10 and 300 K, respectively.

3. Results and discussion

The synthesis procedure for the thermosensitve PNIPAm-Fe3O4
hybrid microgels consists of the following three steps as shown
FeCl2· 4H2O + 2 FeCl3 + 8 NH3· H2O 8 N

NIPAm, K2S2O

70 oC, N2 , Stirrin

PNIPAm-Fe3O4 Hybrid Microgels

Fe3O4

Scheme 1. The synthetic procedure of thermosensitive PNIPAm-Fe3O4 hybrid
schematically in Scheme 1: (1) the preparation of magnetic Fe3O4
nanoparticles via redox reaction; (2) the surface modification of
magnetic Fe3O4 nanoparticles by using TMSPMA; (3) the synthesis of
thermosensitive PNIPAm-Fe3O4 hybrid microgels via SFEP by using
TMSPMA-modified Fe3O4 nanoparticles as the crosslinker andNIPAm
as the monomer.

Fig.1 shows theTEMmorphologies of pure Fe3O4 nanoparticles in
aqueous solution and TMSPMA-modified Fe3O4 nanoparticles in
acetone. The pure Fe3O4 nanoparticles and surface modified Fe3O4
nanoparticles were spherical shape with slightly polydispersed size
distribution. The average size of the Fe3O4 nanoparticles was
13 � 2 nm. The pure Fe3O4 nanoparticles tended to aggregate in
aqueous solution, whereas the TMSPMA-modified Fe3O4 nano-
particles were well dispersed in acetone. There were strong
magnetic interactions among the pure Fe3O4 nanoparticles, which
easily led to the formation of large aggregates. However, after the
surface modification, TMSPMA formed a steric layer on Fe3O4
nanoparticles,which inhibited the formation of aggregates to certain
extent. The DLS results indicated that there were large aggregates of
pure Fe3O4 nanoparticles in aqueous and acetone solutions. (Fig. S2
in Supplementary Material) Due to the existence of large aggre-
gates, the mean apparent sizes of the pure Fe3O4 nanoparticles
measured by DLS were about 1178 � 27 nm and 1715 � 21 nm in
aqueous solution and acetone, respectively. With the hydrophilic
hydroxyl groups, the pure Fe3O4 nanoparticles had relatively better
dispersity in aqueous solution. After the modification of TMSPMA,
the dispersity of modified Fe3O4 nanoparticles in both water and
acetone was strongly improved. Although the formation of aggre-
gates can not be completely avoided due to the strong magnetic
interaction, the steric TMSPMA layer indeed inhibited Fe3O4 nano-
particles to form big aggregates to some extent. The hydrodynamic
diameters of TMSPMA-modified Fe3O4 nanoparticles in aqueous
(333 � 11 nm) and acetone (162 � 2 nm) solutions were almost ten
times less than the corresponding values of pure Fe3O4 nanoparticles
(Fig. S3 in Supplementary Material). Due to the hydrophobic nature
of TMSPMA, the TMSPMA-modified Fe3O4 nanoparticles exhibited
much improved dispersity in acetone. The DLS results were coinci-
dent with those of TEM (cf. Fig. 1).
H4Cl + 8 H2O +
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microgels with TMSPMA-modified Fe3O4 nanoparticles as the crosslinker.



Fig. 1. (a) TEM image of pure Fe3O4 nanoparticles in aqueous solution and (b) TEM image of TMSPMA-modified Fe3O4 nanoparticles in acetone.
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Fourier transform Infrared (FT-IR) spectra of pure Fe3O4 nano-
particles, pure TMSPMA, and TMSPMA-modified Fe3O4 nano-
particles are shown in Fig. 2. In the spectrum of Fe3O4 nanoparticles,
the characteristic absorption band of Fe3O4 appears at 581 cm�1,
which also appears in the spectrum of TMSPMA-modified Fe3O4
nanoparticles. An intense and broad band appeared in the region
3200e3600 cm�1, corresponding to the OeH stretching vibration.
The surfaces of pure Fe3O4 nanoparticles were readily covered with
hydroxyl groups in aqueous environment. In the spectrum of
TMSPMA-modified Fe3O4 nanoparticles, there are many other
peaks, most of which are the characteristic absorption bands of 3-
(trimethoxysilyl)propylmethacrylate (TMSPMA). For example,
bands at 2955 and 2893 cm�1 are attributed to stretching vibrations
of eCH2 group, a strong absorption band at 1719 is attributed to the
stretching vibration of the eCOe groups, band at 1044 cm�1 is due
to the stretching vibration of SieO bond. The band at 1636 cm�1,
corresponding to the vinyl groups of TMSPMA units on the micro-
spheres, indicates that the carbonecarbon double bonds (C]C)
have been successfully introduced onto the surface of Fe3O4 nano-
particles. The absorption peaks at 818 and 1081 cm�1 have dis-
appeared, indicative of decomposition of the methoxysilyl groups
(SieOeCH3). The FT-IR results confirm that TMSPMA was success-
fully grafted onto the Fe3O4 nanoparticles via the silanization
reaction [18,25,46].
Fig. 2. FT-IR spectra of pure Fe3O4 nanoparticles, pure TMSPMA, TMSPMA-modified
Fe3O4 nanoparticles, and PNIPAm-Fe3O4 hybrid microgels.
The magnetic properties of Fe3O4 nanoparticles were previously
investigated [18] and here we will focus on the utilization of
TMSPMA-modified Fe3O4 nanoparticles as possible crosslinker for
the fabrication of microgels. The amount of grafted TMSPMA was
determined by TGA to bew15.2 wt%, as shown in Fig. 3. Comparing
with the feeding amount, the TGA result indicates that only part of
TMSPMA successfully grafted onto the surface of Fe3O4 nano-
particles. It was worthy to note that only the grafted TMSPMA could
be preserved after purification with a magnet. If the average size of
the Fe3O4 nanoparticles was taken as w13 nm, the grafted density
of TMSPMA was estimated to be w5 TMSPMAs/nm2 and 2500
TMSPMA molecules on a single Fe3O4 nanoparticle [18]. (See
SupplementaryMaterial) The C]C bonds of the grafted TMSPMA on
Fe3O4 nanoparticles can take part in the free radical polymerization.
The hybrid microgels were hence prepared at 70 �C by applying the
surfactant-free emulsion polymerization (SFEP) technique with
TMSPMA-modified Fe3O4 nanoparticles as the crosslinker and
NIPAm as the monomer. The initiator of K2S2O8 was first added into
the aqueous dispersion of TMSPMA-modified Fe3O4 nanoparticles.
After 15min, the thermosensitivemonomer, NIPAm,was then added
into the reaction solution and the radical copolymerization was
allowed to perform at 70 �C for 12 h. Thermosensitive PNIPAm
microgels crosslinked with magnetic Fe3O4 nanoparticles were thus
obtained.
Fig. 3. Thermogravimetric analysis (TGA) curves of TMSPMA-modified Fe3O4 nano-
particles (dash line) and PNIPAm-Fe3O4 hybrid microgels (solid line).



Fig. 4. Typical TEM images of the PNIPAm-Fe3O4 hybrid microgels crosslinked with TMSPMA-modified Fe3O4 nanoparticles.
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The TEM observation indicates that the PNIPAm-Fe3O4 hybrid
microgels were spherical in shape with large size distribution and
contained many small black spheres, which were Fe3O4 nano-
particles, as shown in Fig. 4. The TEM images suggest that the
TMSPMA-Fe3O4 nanoparticles indeed behaved as crosslinkers. The
covalent bonds of TMSPMA took part in the radical polymerization
of NIPAm. The bonding of multiple TMSPMA monomers on the
surface of Fe3O4 nanoparticles hence led to the crosslinking reac-
tions during the polymerization. In other word, the TMSPMA-
modified Fe3O4 nanoparticles are like chemical crosslinkers with
multiple function groups, leading to the successful formation of
spherical microgels. From the TEM image with higher magnifica-
tion (Fig. 4b), it can be seen that the Fe3O4 nanoparticles were
randomly distributed inside the resultant PNIPAm-Fe3O4 hybrid
microgels and the number of Fe3O4 nanoparticles in each hybrid
microgel was different.

Fig. 5 shows the typical SEM image and the energy dispersive
X-rayanalysis (EDX) of the PNIPAm-Fe3O4 hybridmicrogels. The SEM
result is consistent with that of TEM. The PNIPAm-Fe3O4 hybrid
microgel particles were rather spherical with a large size dis-
tribution (Fig. 5a). The average diameter of the hybrid microgels
was 226 � 62 nm. The elemental composition of the PNIPAm-Fe3O4
hybridmicrogelswas determined by using EDX (Fig. 5b). Elements C,
O, Fe, and Siwere found,which confirmed that themicrogel particles
indeed containTMSPMA-modified Fe3O4 nanoparticles. The element
aluminum(Al)was resulted fromthealuminumfoil substrate andthe
Fig. 5. (a) Scanning electron microscope (SEM) image and (b) energy dis
element platinum (Pt) was from the coating layer whichwas used to
increase the surface electronic conductivity of the microgels. Note
that the percentage of each element obtained by EDX can only serve
as qualitative indication of the existence of the element and can not
be used for quantitative calculation due to the experimental uncer-
tainty. For example, theweight percentages of O, Si, and Fe did not fit
to the formulation of the PNIPAm-Fe3O4 hybrid microgels. If the
weight percentage of Fe was chosen as reference, the weight
percentage of O was largely underestimated, while the weight
percentage of Si was overestimated according to w15.2 wt% of
TMSPMA grafted onto Fe3O4 nanoparticles and w25.8 wt% of Fe3O4

nanoparticles inside the hybrid microgels (see below).
The PNIPAm-Fe3O4 hybrid microgels were also characterized by

FT-IR, as shown in Fig. 2. In the spectrum of PNIPAm-Fe3O4 hybrid
microgels, bands at 1655, 1547, and 1458 cm�1 were attributed to
the eCOeNHe group of the PNIPAm. Characteristic absorption
bands of Fe3O4 and TMSPMA were also observed. No absorption
bands of vinyl groups was observed for PNIPAm-Fe3O4 hybrid
microgels, indicating all of the carbonecarbon double bonds (C]C)
have taken part in the free radical polymerization. Furthermore, the
TGA results showed that the amount of Fe3O4 nanoparticles inside
the PNIPAm-Fe3O4 hybrid microgels was ca. 25.8 wt%, as shown in
Fig. 3 (solid line).

The TEM, SEM, EDX, TGA, and FT-IR results confirmed that the
PNIPAm-Fe3O4 hybrid microgels was successfully obtained with
TMSPMA-modified Fe3O4 nanoparticles as the crosslinker and
persive X-ray analysis (EDX) of the PNIPAm-Fe3O4 hybrid microgels.



Fig. 7. Size distribution of PNIPAm-Fe3O4 hybrid microgels at 15 �C (a) and 55 �C (b),
respectively.
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NIPAm as the monomer. The Fe3O4 nanoparticles and PNIPAm
network chains were connected and crosslinked via the covalent
bonds. As compared with the conventional poly(N-iso-
propylacrylamide) (PNIPAm) microgels prepared by SFEP with
chemical crosslinker N,N0-methylene-bisacrylamide and P(NIPAm-
co-TMSPMA) microgels [1,9,21], the shortcomings of the present
methodology are that the size of PNIPAm-Fe3O4 hybrid microgels
obtained was relatively polydisperse and the crosslinking density of
each microgel was different. Two possible reasons may lead to the
large size distribution of the PNIPAm-Fe3O4 hybrid microgels. First,
the Fe3O4 nanoparticleswere not uniformlymodifiedwith TMSPMA,
leading to the heterogeneous crosslinking reaction. Secondly, the
TMSPMA-modified Fe3O4 nanoparticles were hydrophobic in nature
and formed aggregates with various sizes in aqueous solution even
after ultrasonication. These aggregates behaved as crosslinkers,
which then led to the large size variation of resultant PNIPAm-Fe3O4
hybrid microgels. As a consequence, the number of Fe3O4 nano-
particles in each hybrid microgel was different and hence the
crosslinkingdensity of eachmicrogelswas different aswell.With the
ongoing efforts, these shortcomings could be overcome in the near
future. Nevertheless, the present work offers a new and alternative
way for synthesizing organiceinorganic hybrid microgels, of which
the inorganic nanoparticles have well-defined crosslinking mecha-
nism and are covalently connected with the network chains.

It is well known that PNIPAm chains and PNIPAm microgels
exhibit thermosensitive characters. PNIPAm microgels will swell in
aqueous solution below it’s lower critical solution temperature
(LCST) and deswell upon raising the temperature above it’s LCST. As
expected, the PNIPAm-Fe3O4 hybrid microgels obtained here are
also thermosensitive. Fig. 6 shows the hydrodynamic diameters of
the PNIPAm-Fe3O4 hybrid microgels in aqueous solution as a func-
tion of temperature. The hydrodynamic diameters of the hybrid
microgels decrease from ca. 1100 nm to ca. 329 nmwith increasing
the measuring temperature from 15 to 55 �C. When the tempera-
ture was cooled from 55 �C down to 15 �C, the hydrodynamic
diameter of the PNIPAm-Fe3O4 hybrid microgels increase again
along the similar track. Therewas no apparent hysteresis during the
heating and cooling cycles, suggesting that the thermosensitive
behavior of the PNIPAm-Fe3O4 hybrid microgels was reversible.

Fig. 7 shows that the PNIPAm-Fe3O4 hybrid microgels exhibited
a relative narrow size distribution in aqueous solution at 15 �C and
a double-mode size distribution at 55 �C, respectively. The PNIPAm-
Fe3O4 hybrid microgels were fully swelled in aqueous solution at
Fig. 6. Thehydrodynamicdiameters of the PNIPAm-Fe3O4hybridmicrogels as a function
of measuring temperature.
low temperature. Furthermore, DLS was more sensitive to the large
particles. Therefore, the hybrid microgels exhibited a relative
narrow size distribution at 15 �C as measured by DLS. However, the
PNIPAm-Fe3O4 hybrid microgels were shrinking at high tempera-
ture. Due to the different crosslinking density, the collapsed hybrid
microgels at 55 �C had various sizes and exhibited a double size
distribution measured by DLS, which were consistent with the size
distribution of dried hybrid microgels obtained by TEM and SEM
(cf. Figs. 4 and 5). It was worthy to note that the double size
distribution started to appear at ca. 35 �C.

The volume phase transition temperature of the PNIPAm-Fe3O4
hybrid microgels was determined to be ca. 33 �C via the first-
derivative plot of the hydrodynamic diameter of the hybrid
microgels as a function of measuring temperature, (Fig. S4 in
Supplementary Material) which is similar with the P(NIPAm-co-
TMSPMA) microgels (around 30e32 �C) [21] and the conventional
PNIPAm microgels (32 �C) [1,9,47,48] with chemical crosslinker
N,N0-methylene-bisacrylamide (BIS) in aqueous solution. The PNI-
PAm-Fe3O4 hybrid microgels show a steep hydrodynamic diameter
change in a narrow temperature range.

The magnetic properties of the TMSPMA-modified Fe3O4
nanoparticles and PNIPAm-Fe3O4 hybridmicrogels weremeasured
at 300 and 10 K, respectively, by using a physical properties
measurement system (PPMS-9, Quantum Design). Fig. 8 shows the



Fig. 8. (a) The magnetization hysteresis loops of the TMSPMA-modified Fe3O4 nano-
particles at 300 K (solid line) and 10 K (dash line), respectively. (b) The magnetization
hysteresis loops of the PNIPAm-Fe3O4 hybrid microgels at 300 K (solid line) and 10 K
(dash line), respectively. The insets of (a) and (b) show the coercivity and remanence
magnetization of corresponding samples.
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magnetization hysteresis loops of the TMSPMA-modified Fe3O4
nanoparticles and PNIPAm-Fe3O4 hybridmicrogels at 300 and 10 K,
respectively. At room temperature (300 K), the TMSPMA-modified
Fe3O4 nanoparticles and PNIPAm-Fe3O4 hybridmicrogels exhibited
superparamagnetic behavior with negligible coercivity and rema-
nence. The saturation magnetization Ms of the TMSPMA-modified
Fe3O4 nanoparticles and PNIPAm-Fe3O4 hybrid microgels were
about 52.7 and 7.5 emu/g, respectively, at 300 K. At 10 K, obvious
hysteresis loops were observed for both TMSPMA-modified Fe3O4
nanoparticles and PNIPAm-Fe3O4 hybrid microgels, indicating the
typical ferromagnetic behavior. The saturationmagnetizationMs of
the TMSPMA-modified Fe3O4 nanoparticles and PNIPAm-Fe3O4
hybrid microgels were about 61.6 emu/g and 8.8 emu/g, respec-
tively, at 10 K. The coercivity of ca. 322 Oe and the remanence of ca.
25 emu/g were observed for TMSPMA-modified Fe3O4 nano-
particles at 10 K. For PNIPAm-Fe3O4 hybrid microgels at 10 K, the
coercivity and remanence were ca. 354 Oe and ca. 4 emu/g,
respectively. Because of the large amount of nonmagnetic PNIPAm
component, the Ms value of PNIPAm-Fe3O4 hybrid microgels
was much lower than that of TMSPMA-modified Fe3O4 nano-
particles. In our previous work [18], a linear relationship between
the amount of organic polymer coating and Ms of poly [N-iso-
propylacrylamide-co-3-(trimethoxysilyl)-propylmethacrylate] [P
(NIPAm-co-TMSPMA)] cappedFe3O4nanoparticleswas established
(cf. Fig. 7A in Ref. 18).Since the same chemicals (NIPAm and
TMSPMA) were used in the present work, the amounts of organic
components could be estimated form the Ms of PNIPAm-Fe3O4
hybrid microgels. By using Ms of 52.7 emu/g at 300 K, the weight
percent of organic polymer components in the PNIPAm-Fe3O4
hybridmicrogels was then calculated to be ca. 76.0wt %, whichwas
in good agreement with the TGA result (i.e. 74.2 wt%).

4. Conclusions

The thermosensitive organiceinorganic PNIPAm-Fe3O4 hybrid
microgels were successfully prepared via surfactant-free emulsion
polymerization (SFEP) by using N-isopropylacrylamide (NIPAm) as
the thermosensitive monomer and 3-(trimethoxysilyl)propylme-
thacrylate (TMSPMA)-modified magnetic Fe3O4 nanoparticles as
the crosslinker. The TMSPMA-modified magnetic Fe3O4 nano-
particles were confirmed to behave as crosslinkers, leading to
the formation of PNIPAm-Fe3O4 hybrid microgels. The resultant
PNIPAm-Fe3O4 hybrid microgels were spherical in shape with
a large size distribution and the Fe3O4 nanoparticles were randomly
distributed inside the microgels. The PNIPAm-Fe3O4 hybrid
microgels exhibit reversible thermosensitive swelling and desw-
elling properties with a volume phase transition temperature of
33 �C. At room temperature (300 K), the PNIPAm-Fe3O4 hybrid
microgels show superparamagnetic behavior. Such method can be
also adapted for other monomers and inorganic nanoparticles.
Further experiments are ongoing to improve the size distribution of
the resultant hybrid microgels and to control the distribution of the
functional inorganic nanoparticles inside the hybrid microgels as
well as the crosslinking density of the hybrid microgels.
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Nylon 6 composites containing both an organoclay and glass fibers as fillers were prepared by melt
processing. The aspect ratios of the glass fibers and the clay platelets were determined by electron
microscopy techniques. The aspect ratio of each type of filler decreased as filler loading increased. A two
particle population model for the tensile modulus was constructed based on the MorieTanaka composite
theory. The experimental levels of reinforcement appear to be reasonably consistent with model
predictions when changes in particle aspect ratios are accounted for. The tensile strength increases and
elongation at break decreases as the content of either filler increases according to expected trends. Izod
impact strength increased with glass fiber content but decreased with clay content.
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1. Introduction

Fiber reinforced polymer composites have been widely used for
applications requiring high stiffness and strength, e.g., aerospace,
automotive, marine, and sporting goods [1e3]. In most cases, rather
high loadings of glass fibers are required to achieve the desired
performance; this leads to an undesirable increase in specific
gravity, decreased melt flow, and increased brittleness [4].

In recent years, polymer nanocomposites have attracted great
interest due to the considerable enhancement in stiffness realized
at very low filler loadings [5e12]. Substantial improvements in
mechanical [13,14], barrier [15,16], thermal [17,18], and flamma-
bility [19,20] properties have been reported while maintaining
similar density and optical properties to those of the neat polymer
matrix. Among these, nanocomposites based on polyamides have
received attention due to their excellent compatibility with specific
organoclays [13,21e23].

Although polymer nanocomposites reinforced by montmoril-
lonite (MMT) have exhibited improved thermal and mechanical
properties at very low filler contents; loadings of more than 10 wt%
MMT lead to poor dispersion and processing characteristics
[9,10,12]. On the other hand, glass fiber loadings of 30 to 50 wt% are
quite common [4]. It is of interest to explore whether combining
: þ1 512 471 0542.

mer Research Center, Korea
05-600, Korea

All rights reserved.
these two fillers would give the desired performance at low to
intermediate filler loadings. Such materials could be viewed as
a polymer matrix containing two different types of fillers of rather
different size scales. Alternatively, one might view these materials
as a nanocomposite matrix filled with glass fibers because the clay
platelets are so much smaller than the glass fibers. Although there
have been extensive reports on polymer nanocomposites and
micro-composites, only a few preliminary studies have been
reported on the structure and properties of glass fiber reinforced
polymer composites where the nanocomposite plays the role of the
matrix as illustrated by the conceptual vision shown in Fig. 1.

Recently, several efforts have been made to investigate the
combined effects of fillers at two different size scales, i.e., micro and
nano. Akkapeddi [4] reported that the nature of the increase in
properties of polyamide 6 composites reinforced byMMTand short
glass fibers is not completely additive, but there is clearly an
increase over single filler based composites. Similar enhanced
mechanical properties are reported for the composites based on
polyamide 6 [24e28], and some thermosetting polymers [29e32].
The slight enhancement of tensile properties by two fillers were
reported for glass fiber reinforced polypropylene nanocomposites
using glass fiber mat [33,34]. More recently, Isitman et al. [35]
observed a synergistic flame retardancy effect of organoclays for
glass fiber reinforced nylon 6 with conventional flame retardants.

Because of our experience with nylon 6 nanocomposites
[13,21,22,36e41] and glass fiber composites [42e46], nylon 6 was
chosen as the polymer for this study. The purpose of this work is to
explore the morphology and mechanical property changes upon
the incorporation of short glass fibers into nylon 6/MMT
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Fig. 1. Hybrid composites based on a polymer/MMT nanocomposite and short glass fibers.
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nanocomposites. In other words, this study investigates the rein-
forcement from two fillers of very different size scales: glass fibers
with diameters on the order of 10 mm and MMT platelets with
thickness of 1 nm.
2. Experimental section

2.1. Materials

Table 1 summarizes the materials used in this study. A
commercial grade of nylon 6 was chosen that is commonly used for
injection molding and extrusion applications. The organoclay was
formed by cation exchange reaction between sodium montmoril-
lonite and trimethyl hydrogenated-tallow ammonium chloride,
designated here as M3(HT)1, and was obtained from Southern Clay
Products. The data below are reported in terms of weight percent
montmorillonite, wt% MMT, in the composite rather than the
amount of organoclay, since the silicate is the reinforcing compo-
nent. The chopped strand glass fibers (fiber diameter¼ 13 mm,
Table 1
Materials used in this study.

Material
(designation
in this paper)

Commercial
designation

Specifications Supplier

Polymer
Nylon 6a Aegis� H73WP [COOH]/[NH2]¼ 0.9 Honeywell

Tg¼ 55 �C, Mn ¼ 22,000
Brabender torque¼ 6.37 N$mb

Fillers
Organoclay M3(HT)1,c Organic loading¼

95 mequiv/100 g clay
Southern clay
products

Trimethyl
hydrogenated-
tallow ammonium
montmorillonite

Organic content¼ 29.6 wt %
d001 spacing¼ 18.0 Åd

Glass fiber CS 995-13P,
4 mm

Chopped strand glass fiber
with unknown sizinge

Owens Corning

D¼ 13 mm
L¼ 4 mm

a Referred to as a medium molecular weight grade in prior studies from this
laboratory [39,47,48].

b Data from reference [48].
c The selected organoclay is designated as M3(HT)1 in this study, where

M¼methyl and HT¼ hydrogenated tallow. Tallow is a natural product composed
predominantly (63%) of saturated and unsaturated C18 chains. HT is the saturated
form yet still contains a small fraction of double bonds.

d The basal spacing corresponds to the characteristic Bragg reflection peak d001
obtained from a powder WAXS scan of the organoclay.

e Chopped strand glass fiber coated with a proprietary sizing intended for use in
polyamide matrices.
length¼ 4 mm) with a proprietary surface treatment intended for
use in polyamidematrices was provided by Owens Corning. Prior to
melt processing, all materials employed were dried for a minimum
of 24 h in a vacuum oven at 80 �C.
2.2. Melt processing

The nanocomposites of nylon 6 and the organoclay were made
in a Haake co-rotating, intermeshing twin-screw extruder (diam-
eter¼ 30 mm, L/D¼ 10) operating at a barrel temperature of
235e240 �C, a feed rate of w1 kg/h, and a screw speed of 280 rpm.
Extruded nanocomposite pellets were dry mixed with various
amounts of glass fiber and injection molded to prepare standard
3.18 mm thick tensile (ASTM D638) and Izod bars (ASTM D256)
using an Arburg All-rounder 305-210-700 injection molding
machinewith an injection pressure of 70 bar and a holding pressure
of 35 bar. The temperature of the feed zone of the injection molder
was set at 240 �C and was ramped up to 270 �C at the nozzle. The
mold temperature was held at 80 �C. After molding, the specimens
were immediately sealed in a polyethylene bag and placed in
a vacuum desiccator for a minimum of 24 h prior to mechanical
testing.

In the early stages of this work, another processing procedure
was considered where the nanocomposite was formed as described
above, but the glass fibers were compounded into the nano-
composite using a single screw extruder. This single screw extruder
causes far less fiber breakage than would have been the case if the
glass fibers were compounded into the material using the twin
screw extruder. The resulting glass fiber reinforced nanocomposite
was injection molded into test bars. However, the resulting
mechanical properties obtained by this method were, within the
margin of error, the same as obtained in the first described method.
Thus, this simpler processing method was used for the remainder
of this work because it facilitated sample preparation and mini-
mized, but did not eliminate, glass fiber attrition.
2.3. Morphology characterization

Fracture surfaces of the composites were examined with a LEO
1530 Scanning Electron Microscope (SEM) operating at an accel-
erating voltage of 10 kV. SEM specimens were sputter-coated with
gold prior to observation. For analysis of the glass fiber length, the
polymer was burned off from the injection molded samples in
a furnace at 500 �C for 4 h to isolate the short glass fibers. The glass
fibers obtained were dispersed in water with a small amount of
detergent to reduce surface tension. Using a pipette, a small
amount of solution with fibers was placed on a glass slide and then
observed by SEM. The morphology of MMT particles was
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determined by a JEOL 2010F transmission electron microscope
(TEM) operating at an accelerating voltage of 120 kV. TEM samples
were cryogenically microtomed into ultra-thin sections of
approximately 50 nm with a diamond knife at a temperature of
�40 �C using an RMC PowerTome XL microtome. These micro-
toming procedures have been fully described elsewhere [49e51].
2.4. Mechanical testing

Tensile tests were performed according to ASTM D638 using an
Instron model 1137 testing machine upgraded for computerized
data acquisition. Tensilemodulus, tensile strength and elongation at
break results were determined at a crosshead rate of 0.51 cm/min.
For accurate analysis, values of the tensile modulus were deter-
mined using an extensometer. Notched Izod impact tests were
Fig. 2. SEM micrographs of fractured surfaces of glass fiber reinforced nylon 6 nano-
composites based on 5 wt% MMT with the following glass fiber contents: (a) 5 wt% (b)
10 wt%, and (c) 15 wt%. The micrographs are viewed parallel to mold fill direction,
showing dark voids where fiber pull-out occurred during Izod impact testing.
performed at room temperature using a TMI Impact tester (model
43-02) with a 6.8 J hammer and 3.5 m/s impact velocity.

3. Results and discussion

3.1. Morphology

SEM micrographs of fracture surfaces for nylon 6 nano-
compositeswith 5,10 and15wt% glassfiber are shown in Fig. 2. Over
the entire range of glass fiber contents, the glass fibers are generally
well dispersed in the nylon 6matrix, andmany fibers are pulled out
from the matrix. In order to fabricate effective composites, it is
necessary to minimize the attrition of fiber length and to have
excellent interfacial strength. Fiber length has an important effect
on the mechanical properties of the resulting composites, and glass
fibers can be broken by melt processing steps [52].

According to the theory of Kelly and Tyson [53], the minimum
fiber length that allows the ultimate strength of the fiber to be
reached is called the critical fiber length, lc, and is given by

lc
d

¼ sfu
2sy

(1)

where d is the mean fiber diameter, sfu is the ultimate fiber
strength, and sy is the fiber-matrix interfacial shear strength. The
critical fiber length represents the minimum fiber length that can
be fractured by stress transfer; below lc, the fiber will be pulled out
of the matrix polymer before fiber failure. For perfectly bonded
glass fibers, the interfacial shear strength, sy, becomes the shear
strength of the polymer matrix, which is 59 MPa for nylon 6 [43].
Using the ultimate fiber strength of 3450 MPa and a fiber diameter
of 13 mm as reported by the manufacturer, a critical fiber length of
380 mm is calculated from equation (1). Because the calculated
critical fiber length is larger than the average fiber lengths deter-
mined from image analysis as will be discussed later, many glass
fibers are expected to be pulled out instead of fracturing during
loading of the composite as shown in Fig. 2.

Fig. 3 shows a representative SEM micrograph of the dispersed
glass fibers extracted from the composites. The measurement of
fiber length distribution was completed by image analysis of the
glass fibers taken from such micrographs. Quantitative particle
analysis was performed by opening a digital image file in Adobe
Photoshop where the dispersed glass fibers are traced over an
overlapped blank layer. To ensure accurate measurements of the
Fig. 3. SEM micrograph of glass fibers extracted from glass fiber reinforced nano-
composites with 5 wt% MMT and 10 wt% GF.
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glass fiber length, the image is sufficientlymagnified so thatmost of
the fibers are counted. The resulting black/white layer file is
imported into the image analysis program, SigmaScan Pro, used to
analyze the traced fiber lengths. Using the software, each fiber was
assigned a numerical label, and exported to separate files [54,55].

From the distribution of glass fiber particle sizes, the number
(ln) and weight (lw) average fiber length are calculated by [56]

ln ¼
P

niliP
ni

(2)

lw ¼
P

nil2iP
nili

(3)

where ni is the number of glass fibers within a specified range about
the value li; the number average fiber length is always smaller than
the weight average value. Fig. 4 shows representative histograms
for glass fiber length obtained from SEM analyses of the glass fiber
reinforced nanocomposites. The weight average fiber length for the
compositewith 20 wt% GFwithoutMMT is 581 mm; however, when
a composite with the same glass fiber content is made from a nylon
6 nanocomposites containing 7.0 wt% of MMT, the weight average
fiber length is reduced to 299 mm.

The measured average glass fiber lengths are divided by the
fiber diameter of 13 mm specified by the supplier to compute the
aspect ratios for the composites. Fig. 5 shows the aspect ratio
changes for the composites versus wt% GF for a fixed MMT content
of 0 and 5 wt%. For both series of composites, there is a substantial
decrease in the length or aspect ratio of the glass fibers as the
content of either filler increases. The decrease for the composites
with 5 wt%MMT is gradual up to 20 wt% GF and then levels off with
further addition of GF, while the lengths and the aspect ratios of GF
for the composites without MMT remain the same up to 20 wt% GF
loading. Glass fiber attrition is frequently observed due to the high
stresses generated during melt processing owing to the high
viscosity of the polymer melt. When MMT is added, the matrix
viscosity increases and higher shear stresses are expected. In
addition, particle impingement during melt processing can be
another reason for glass fiber attrition and this has increased
importance at high filler concentrations.

TEM observations allow similar analysis of the MMT particles in
the glass fiber reinforced nylon 6 nanocomposites to assess the
degree of exfoliation in the polymer matrix. Fig. 6 shows typical
TEM micrographs at both low and high magnifications of
a composite containing 5 wt% MMT and 30 wt% GF. The low
magnification micrograph shows a few glass fibers for one of the
materials formulated as described above; the glass fibers were
shattered by the microtoming process and parts fell out of the thin
Glass fiber length [μm]
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section. Examination of a number of TEM images revealed that the
MMT composition is approximately the same everywhere in the
nanocomposites, regardless of proximity to glass fibers. The high
magnification TEM micrograph reveals well-exfoliated structures
containing dispersed layers of MMT, in which individual platelets
are easily observed.

Visual assessments from images like those in Fig. 6 were also
quantified by MMT particle analysis. Fig. 7 shows a series of
representative histograms for MMT particle length, thickness, and
aspect ratio obtained from the analysis of the TEM images. The
histogram for MMT thickness reveals that most of MMT particles
are single platelets, while the particle length and the aspect ratio
have a broad distribution as expected.

The average lengths, thicknesses, and aspect ratios from MMT
particle analysis are plotted in Fig. 8 versus the MMT content of the
composites with/without GF.Without GF, the averageMMT particle
length, thickness, and aspect ratio show little change with
increasing MMT content. With GF, however, the average MMT
particle length appears to decrease as MMTcontent increases while
the average MMT particle thickness decreases only slightly. As
a result, the average MMT aspect ratio generally decreases for
composites with a fixed GF content of 20 wt% as MMT content
increases as shown in Fig. 8(c).

As the content of glass fiber increases, higher stresses are
generated during melt processing owing to the increased viscosity
Glass fiber length [μm]
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Fig. 6. TEM micrographs of a glass fiber reinforced nanocomposite with 5 wt% MMT and 30 wt% GF showing glass fibers at low magnification and MMT platelets dispersed in the
polymer matrix at high magnification.
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of the polymer melt. This could promote the delamination and
exfoliation of partially overlapped MMT platelets as shown in
Fig. 9. Thus, the effective MMT particle length would decrease
with the addition of glass fibers, while the MMT particle thickness
remains mostly unchanged. This mechanism, however, is not well
understood at this time. It is not clear yet whether this simply
involves the deaggregation of bundles of platelets into smaller
particles or whether the platelets of MMT are actually broken or
attrited during melt processing. It is unlikely that MMT platelets
partially overlapped MMT platelets

melt proce

with glass

effective length

Fig. 9. Schematic illustration of a proposed mechanism for the change
are broken by particle impingement with glass fibers due to their
very different size scales. Whatever the mechanistic details may
be, the net effect of melt processing with glass fibers is a decrease
in aspect ratio that becomes more significant at higher clay
loadings as shown in Fig. 8(c). As a result, the stiffness enhance-
ments are not as large at high loadings because of the decreased
aspect ratio. It would be useful to better understand this behavior
and to find ways to increase the aspect ratio, especially at higher
clay loadings.
single platelets after delamination

ssing

 fibers

effective 

length

in effective MMT particle length when processed with glass fibers.
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4. Mechanical properties

Fig. 10 shows representative stress-strain curves for glass fiber
reinforced nanocomposites that fracture prior to yielding. The
break stress increases while the break strain decreases as the glass
fiber content increases. This trend is consistent with observations
for adding fillers to a brittle matrix [50,57].

The moduli of glass fiber reinforced nylon 6 nanocomposites are
shown in Fig. 11 versus the glass fiber content for a fixed MMT
contents of 0 and 5 wt% and versus theMMTcontent for a fixed glass
fiber content of 0 and 20 wt%. For both series of nanocomposites,
there is a substantial increase in stiffness over the range of the filler
contents examined.However, there are notable differences between
the effects of the two fillers. At low filler contents (0e10 wt%), the
improvement in tensile modulus with increased MMT loading is
significantly higher than that with increased glass fiber loading due
to the high modulus of MMT. The morphological results indicate
excellent dispersion of both MMT and glass fibers; thus, effective
filler reinforcement is expected.However, thedecreased aspect ratio
of each filler during melt processing reduces the reinforcing effi-
ciency from each filler. Other factors, such as incomplete particle
orientation and incomplete bonding between the particles and the
matrix, may also reduce the reinforcement.

Similar trends with respect to the content of each filler are
evident in the tensile strength results. Fig. 12 shows the tensile
strength of glass fiber reinforced nylon 6 nanocomposites versus
filler content. Tensile strength increases upon addition of each filler.
As with modulus improvement at low filler contents (0e10 wt%),
the improvement in tensile strengthwith increasedMMT loading is
significantly higher than that caused by an equal loading of glass
fibers.

The relationship between filler content and elongation at break
for either filler is shown in Fig. 13. Nylon 6 and its nanocomposites,
without glass fibers, have large elongation at break values when the
MMT loading is below 3.0 wt%. However, the addition of glass fibers
to these composites significantly lowers the elongation at break.
The elongation at break of the composites reinforced by glass fiber
decreases rapidly at low glass fiber concentrations of 5 wt% GF.
Even larger reductions were observed for composites containing
both fillers.

The notched Izod impact results for the glass fiber reinforced
nylon 6 nanocomposites are shown in Fig. 14. In Fig. 14(a), the Izod
impact strength is plotted as a function of glass fiber content, while
in Fig.14(b), impact strength is shown as a function ofMMTcontent.
The impact strength of the composites with and without MMT
increases gradually with increasing glass fiber contents. The
increased impact strength observed here reflects the increased
stiffness and strength that overshadows the loss in ductility result-
ing in a larger area under the force-deflection curve. Fig. 10 shows
that the maximum stress experienced by the composite samples
with 5 wt%MMTand 0e30 wt% glass fiber increaseswith glass fiber
content. The impact strength of the composites with and without
glass fiber decreases gradually with increasing MMT contents.
5. Model predictions of modulus

There have been numerous attempts to model the properties of
nanocomposites and to correlate the experimental data with
composite models [21,24,37,49,55,58e63]. The assumptions typi-
cally made include the following: the polymer matrix is not
affected by the presence of the filler, e.g., no change in crystallinity,
the filler is perfectly aligned, there is good bonding between the
matrix and the filler, the matrix and the filler are isotropic, and
there are no filler particle-particle interactions or agglomerations
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Fig. 12. Tensile strength of glass fiber reinforced nanocomposites as a function of (a)
glass fiber content with 0 or 5 wt% MMT and (b) MMT content with 0 or 20 wt% GF.
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[37]. Of course, the morphology of real composites is far more
complex than this and injection molded specimens usually have
a skin-core structure. However, the simplified model does allow
one to predict the behavior of an ideal structure and estimate the
effects of filler attrition as shown below.

HalpineTsai [64,65] and MorieTanaka [66,67] composite
theories are widely used to predict the tensile modulus of
composites. These two theories differ in how they approximate the
filler and its effect on the composite; however, both theories clearly
show that higher levels of reinforcement are achieved by larger
aspect ratios, improved orientation, etc. Previous work in this
laboratory and others have shown that both theories predict the
modulus trends for polymer nanocomposites to an acceptable
extent [21,37,54,58,59]. Specific details of these two theories and
their application for predicting the stiffness behavior of nano-
composites are given elsewhere [21,37].

For simplicity, only the MorieTanaka theory was employed in
this work to relate the tensile modulus of the composites prepared
in this study to the particle morphology determined by TEM and
SEM. A more complete discussion of the MorieTanaka theory and
other related issues has been given previously [37,60]. From the
MorieTanaka theory, the relative modulus parallel to either major
axis of the disk-like spheroids for a composite with disk-shaped
inclusions is

EðM�TÞ

Em
¼ 2A

2Aþ fp½ � 2nmA3 þ ð1� nmÞA4 þ ð1þ nmÞA5A�
(4)

and for a fiber-based composite, the relative modulus parallel to the
fiber length is

EðM�TÞ

Em
¼ A

Aþ fp½A1 þ 2nmA2�
(5)

where fp is the volume fraction of filler, nm is Poisson’s ratio of the
matrix, and A1, A2, A3, A4, A5, and A are functions of Eshelby’s tensor
and the properties of the filler and the matrix, specifically Young’s
modulus, Poisson’s ratio, filler concentration, and filler aspect ratio;
complete details of these equations are given elsewhere [60,66,67].
Poisson’s ratios of the nylon 6 matrix (nm), of the glass fiber (ngf ),
and of the organoclay (nMMT) are assumed to be 0.35, 0.20, and 0.20,
respectively [37,68e70].

The MorieTanaka theory as generally used is a model for
a single-filler population in a matrix. However, the composites of
interest here consist of both organoclay and glass fiber fillers. These
fillers have different effects on the mechanical properties of the
composites, and separate methods are needed to predict their



Table 2
Component property data used in composite modeling.

Components Modulus (GPa) Density (g/cm3) Poisson’s ratio

Neat nylon 6 2.92 1.14 0.35
Glass Fiber 72.4 2.54 0.20
MMT 178 2.83 0.20
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Fig. 14. Izod impact strength of glass fiber reinforced nanocomposites as a function of
(a) glass fiber content with 0 or 5 wt% MMT and (b) MMT content with 0 or 20 wt% GF.
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properties. When both fillers exist in a single nanocomposite,
they should be considered separately to more accurately predict
the experimental modulus. Recently, Spencer et al. [60] reported
a similar approach based on these concepts that treats exfoliated
single MMT platelets and intercalated tactoids as separate pop-
ulations. A similar two-population approach was used here to
model the combined effects of the glass fibers and the clay platelets
in these composites.

A two-population model can be thought of in terms of an
additive approach or a multiplicative approach. In the additive
approach, the contributions of each filler are calculated separately
and summed together without double counting the matrix
contribution as follows

Eadd
Em

¼ Egf
Em

þ Ecl
Em

� 1 (6)

where Egf and Ecl are the moduli calculated for the composites
based on the glass fiber or the clay, respectively. Specific details of
this approach and its application for predicting the stiffness
behavior of nanocomposites containing a mixture of single plate-
lets and tactoids are given in a prior publication [60].

On the other hand, in the multiplicative approach, the contri-
bution of the clay is calculated first and the nanocomposite is then
considered to be the matrix for the glass fiber reinforcement. The
contribution of the glass fibers is calculated using the calculated
modulus of the clay nanocomposite (Ecl) as the matrix rather than
that of the neat polymer matrix (Em). The contributions of the fillers
are multiplied as follows

Emult
Em

¼ Egf
Ecl

Ecl
Em

(7)

Table 2 lists pertinent physical property data for the compo-
nents of the composites investigated in this work [37,68,70].

Fig. 15 shows modulus predictions for fiber reinforced nylon 6
nanocomposites by the MorieTanaka theory using the additive and
multiplicative two- population methods. Comparisons for fiber
reinforced nanocomposites with 0 and 5 wt% MMT and 0e30 wt%
GF and those with 0 and 20 wt% GF and 0e7 wt%MMTare shown in
Fig. 15(a) and (b), respectively. The aspect ratios used in these
calculations were 100 for MMTand 45 for GF. Based on Figs. 5 and 8
(c), aspect ratios on this order could reasonably be achieved with
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optimized processing conditions where filler attrition and breakage
are minimized. These calculations assume each filler is perfectly
oriented and well dispersed.

Both the additive and multiplicative two-population methods
predict similar modulus improvements, though the multiplicative
approach predicts a slightly larger modulus improvement with
increased filler content than the additive approach for both cases.
Recall that the multiplicative approach treats the nanocomposite as
the matrix for the glass fiber reinforcement.

Fig. 15(a) shows nearly parallel curves for composites containing
0 and 5 wt% MMT as the GF content is increased from 0 to 30 wt%.
These trends are similar to those of the experimental data in Fig. 11
(a). Fig. 15(b) shows the predicted increase in reinforcement as the
MMT content is increased in composites containing 0, 10, 20, and
30 wt% GF. The experimental trends shown in Fig. 11(b) are similar
except that the predicted modulus values are somewhat higher as
might be expected owing to differences in assumed and actual
aspect ratios and particle orientations. The effect of filler type on
reinforcement can be seen by comparing Fig. 15(a) and (b). At low
filler contents (0-10 wt%), the improvement in tensile modulus by
MMT is significantly higher than that by glass fiber due to the
higher modulus and aspect ratio of MMT than those of GF.
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Fig. 16. Comparison of experimental tensile modulus and the adjusted modulus for
glass fiber reinforced nanocomposites containing (a) 0 and 5 wt% MMT and 0e30 wt%
GF and (b) 0 and 20wt% GF and 0e7 wt% MMT.
As seen in Figs. 5 and 8, the average experimentally determined
aspect ratios of MMT and GF are significantly decreased as filler
content is increased; this leads to a reduction in the extent of
modulus improvement that is actually realized. With ideal opti-
mized processing conditions, however, filler attrition could be
minimized or perhaps prevented. The experimental values of
modulus can be adjusted to predict the modulus that could be
achieved without filler attrition using the following expression:

Eadj ¼ Ecl exp

(
ðEcl=EmÞideal
ðEcl=EmÞexp

)
þ Egf ; exp

(�
Egf=Em

�
ideal�

Egf=Em
�
exp

)
� Em

(8)

where Eadj is the adjusted modulus, Em is the matrix modulus and
Ecl, exp and Egf, exp are the experimental moduli of composites based
on clay and glass fiber for a given content of filler. The ratios
ðEcl=EmÞideal and ðEgf=EmÞideal are the ideal relative moduli pre-
dicted by the additive MorieTanaka model for clay and glass fiber
composites calculated using the aspect ratios on which the
predictions in Fig. 15 were based (100 for MMT and 45 for glass
fiber) and that might be achieved with optimized processing
condition, while ðEcl=EmÞexp and ðEgf=EmÞexp are the predicted
relative moduli calculated from the experimentally measured
aspect ratios. Fig. 16 compares the observed (or experimental) and
the adjusted tensile modulus values for glass fiber reinforced
nanocomposites. The adjusted modulus values for glass fiber
reinforced nanocomposites shown in Fig. 16 are rather similar to
the model predictions shown in Fig. 15. Thus, if filler attrition
during melt processing could be prevented by well-designed pro-
cessing conditions, these composites would approach the predic-
tions given by the MorieTanaka theory.
6. Conclusions

The structure and property relationships of glass fiber rein-
forced nylon 6 nanocomposites prepared by melt processing have
been investigated to explore the reinforcing effects from two fillers
of very different size scales (micro- and nano-). The micro- and
nano-structures of the two fillers in the composites were assessed
by SEM and TEM and quantified by detailed particle analyses. These
analyses showed a reduction in glass fiber length as fiber loading
increased, as expected, and a quite significant further reduction as
clay was added. These effects stem, no doubt, from the increased
stresses these particles generate during melt processing. The
apparent aspect ratio of the clay platelets also appeared to similarly
decrease. It is suggested that to some degree this observation may
stem from the delamination of partially overlapped MMT platelets
as the processing stresses are increased. Breakage of clay platelets
cannot be ruled out.

Theoretical predictions of the reinforcement or modulus
enhancements caused by the combination of these nano- and
micro-fillers were made using the MorieTanaka composite theory
by considering their contributions to be additive and by considering
the nanocomposite as the matrix and the glass fiber as the filler, i.e.,
a so-called ‘multiplicative” approach. The latter gave slightly higher
predictions, but the differences are not regarded as very significant.
The experimentally observed values of the tensile modulus
approach the predictions of the model when adjustments for the
reductions in particle aspect ratio are taken into account. It appears
that the reinforcement observed is about what is expected from an
appropriate theory that accounts for two types of fillers.

The tensile strength of these composites increased and the
elongation at break decreased as the content of either filler
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increased in ways that are expected. Interestingly, the Izod impact
strength increased with glass fiber content but decreased with
increased clay content.
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We report a novel and effective strategy that compatibilizes three immiscible polymers, polyolefins,
styrene polymers, and engineering plastics, achieved by using a polyolefin-based multi-phase compa-
tibilizer. Compatibilizing effect and morphology development are investigated in a model ternary
immiscible polymer blends consisting of polypropylene (PP)/polystyrene(PS)/polyamide(PA6) and
a multi-phase compatibilizer (PP-g-(MAH-co-St) as prepared by maleic anhydride (MAH) and styrene
(St) dual monomers melt grafting PP. Scanning electron microscopy (SEM) results indicate that, as
a multi-phase compatibilizer, PP-g-(MAH-co-St) shows effective compatibilization in the PP/PS/PA6
blends. The particle size of both PS and PA6 is greatly decreased due to the addition of multi-phase
compatibilizer, while the interfacial adhesion in immiscible pairs is increased. This good compatibilizing
effect is promising for developing a new, technologically attractive method for achieving compatibili-
zation of immiscible multi-component polymer blends as well as for recycling and reusing of such
blends. For phase morphology development, the morphology of PP/PS/PA6 (70/15/15) uncompatibilized
blend reveals that the blend is constituted from PP matrix in which are dispersed composite droplets of
PA6 core encapsulated by PS phase. Whereas, the compatibilized blend shows the three components
strongly interact with each other, i.e. multi-phase compatibilizer has good compatibilization between
the various immiscible pairs. For the 40/30/30 blend, the morphology changed from a three-phase co-
continuous morphology (uncompatibilized) to the dispersed droplets of PA6 and PS in the PP matrix
(compatibilized).

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Polymer blending is a convenient and attractive route for
obtaining new polymeric materials. Comparing with the develop-
ment of a novel homopolymer via the synthesis of a newmonomer,
making blends of currently available homopolymers offers signifi-
cant savings in time and cost, and the blend properties may be
tuned by changing the composition [1,2]. However, this approach is
complicated by the fact that polymer blends are generally ther-
modynamically immiscible [3]. Thus, achieving compatibilization
of immiscible polymer blends has been a long-standing academic
and technological challenge.

In the past decades, in spite of the very large number of studies on
the compatibilization of binary polymer blends, few studies have
.-M. Xie).
Materials Research, Tohoku
an.

All rights reserved.
considered ternary or multi-component polymer blends [4,5]. In
order to discriminate with the vocabulary used in literature,
a ‘ternary polymer blend’ in this work consists of three immiscible
components, which are non-reactive or chemical affinity towards
eachother.Many ternaryblends reported in literature containat least
two miscible phases and/or one of the components is a compatibil-
izer. The received less attention on ternary or multi-component
blends may arise from the difficulty of compatibilization in such
systems, especially the preparation of an effective compatibilizer for
such blends. Although increasing the number of polymer compo-
nents does indeed lead to complications, there are several important
reasons for studying the multi-component polymer blends. Besides
the desire to develop new high-performance materials arising from
synergistic interactions, there has also been significant interest in the
recycling and reusing of plastic materials because of environmental
as well as economic concerns in recent years [4,5].

It is well known that the scrap or waste plastics available for
recycling often contain a number of different polymers. In such
mixtures, polyolefins (PP, PE etc.), styrene polymers (PS, ABS, etc.)
and engineering plastics (PA, PC etc.) occupy the largest share of the
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http://dx.doi.org/10.1016/j.polymer.2010.11.019


Fig. 1. Schematic representation of the compatibilization strategy used for PO/StP/EP
immiscible ternary blends.
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waste plastics and are the most recycled polymeric materials.
Usually, it is hard to isolate or separate these plastics individually
from recycled materials. Moreover, the blends of such systems are
generally thermodynamically immiscible. In order to obtain useful
mechanical and physical properties from such mixtures, it is
necessary to compatibilize these plastics. Then, combining different
plastics, with the help of a compatibilizer, become a convenient
way to upgrade the properties of recycled materials.

Two main strategies are used to achieve polymer blends com-
patibilization. One is the addition of pre-made block or graft
copolymer during melt mixing of immiscible blends [6e16]. The
other is reactive compatibilization in which a block or graft
copolymer is formed in situ at the interfacial regions of the
immiscible blends by reaction of condensation-type functional
groups [17e34]. In addition, Torkelson et al. employ a novel
method, solid state shear pulverization, to compatibilize immis-
cible blends [35e40]. However, these approaches are mainly used
to compatibilize binary blends (typical examples includes PP/PA,
PS/PMMA, and PP/PS et al.), and cannot be easily carried out for
ternary or multi-component blends. For polyolefins, styrene poly-
mers and engineering plastics ternary or multi-component blends,
a multi-phase compatibilizer is necessary. Among the few previous
reports concerned with mixtures of three or more polymers (not
including the compatibilizers), those most like the present report
are Debolt and Robertson [4,5] and Omonov et al. [41]. Debolt and
Robertson tried compatibilization of this ternary polymer blend
using complex compatibilizers. They investigated the Izod impact
strength, tensile elongation-to-break and morphology for blends of
nylon 66 and polystyrene in a polypropylene matrix with and
without compatibilization by an ionomer resin (for nylon 66) and
a styrene-block-ethylene-co-butylene-blockstyrene copolymer (for
polystyrene). However, the results show that there seem to be
relatively little gross interference (or synergism) between the
compatibilizers when they are used together for the ternary blend
[4,5]. Only specific to understand and identify the phase
morphology in a blend having three immiscible components,
Omonov et al. [41] studied the phase morphology development for
blends of polypropylene and polystyrene in a nylon 6 matrix with
and without compatibilization by the complex compatibilizers of
a maleic anhydride grafted PP (PP-g-MAH, for PP) and a styrene
maleic anhydride copolymer (SMA, for PS).

How canwe design a multi-phase compatibilizer for polyolefins
(PO), styrene polymers (StP) and engineering plastics (EP) ternary
blends? It would be satisfied if we could make polyolefin-based
compatibilizers that performs the above two functions at the same
time: one is in situ formation of block or graft copolymer at the
interface by chemical reactions with reactive groups of engineering
polymers, the other is intermolecular attraction or chemical affinity
with styrene polymers. As known, styrene and maleic anhydride
dual monomers (or glycidyl methacrylate, acrylic acid, etc.) melt
grafting polypropylene (or polyethylene, etc.) have been success-
fully prepared [42e48]. In the presence of styrene (St), the graft
degree of functional monomer on the PP backbone is increased and
the degradation of PP is depressed. In the grafting process, the
reactive monomer, St and its copolymer can react with the PP
macroradicals producing long chain branches [45,46]. The resulting
grafted PP molecular has both reactive MAH group and PS segment
[49e51].

The object of this study is to present a novel and effective
strategy not only for compatibilization of three immiscible poly-
mers (polyolefins, styrene polymers, and engineering plastics), but
also for recycling and reusing these three immiscible polymers
from the scrap or waste plastics, by using a multi-phase compati-
bilizer, and further, is to understand the morphology development
and interaction in a blend having three immiscible components
when the multi-phase compatibilizer is added during the melt-
blending operation. A scheme of the compatibilization strategy for
PO/StP/EP ternary blends is shown in Fig. 1. This novel compatibi-
lization strategy is flexible. Depending on the type of dispersion
phase and matrix, the functional groups in the compatibilizer can
be changed from MAH to glycidyl methacrylate(GMA), acrylic acid
(AA), etc., while the matrix can be changed from PP to propylene or
ethylene based polyolefins, such as PE-g-(MAH-co-St).
2. Experimental

2.1. Materials

The isotactic polypropylene is H314-02Z supplied by Dow
Chemical; (Tm ¼ 162.0 �C, Tc ¼ 110.5 �C), a melt viscosity of
649.7 Pa s (240 �C, 150/s). The polystyrene (PS) used is 666D
supplied by Yanshan Petrochemical Co.; (Tg ¼ 98 �C), a melt
viscosity of 397.7 Pa s (240 �C, 150/s). The PA6 is 1013B grade from
Ube Co. having the following characteristics: Tm ¼ 219.8 �C,
Tc ¼ 180.3 �C, and a melt viscosity of 143.3 Pa s (240 �C, 150/s).
Maleic anhydride (MAH) and styrene monomer (St) are products of
Beijing Chemical Co. (analytical grade) and used as received. The
peroxide, dicumyl peroxide (DCP) from Beijing Xizhong Chemical
Co. is adopted as initiator and used without further purification.
The multi-phase compatibilizers, MAH-St melt grafted poly-
propylene, PP-g-(MAH-co-St) (MAH and St graft content are 1.02
and 1.65 wt.%, respectively), was prepared and characterized
following the procedure given in the literature [46]. The melt-
grafting reactions were carried out in a single screw extruder
(F ¼ 30 mm, L:D ¼ 25:1). For a typical grafting procedure, the
peroxide was added to the liquid styrene monomer. The resulting
mixture was then premixed with PP pellets and MAH monomer.
The whole system was charged into the extruder, which was pre-
heated up to 170e210 �C. The screw speed was fixed at 35 rpm.
Extrudates were cooled in water and then pelletized.
2.2. Blend preparation

Binary and ternary blends were prepared by melt-blending
using a batch mixer of Rheocord Haake type. It has a chamber of
50 cm3, in which two sigma rotors rotated in opposite directions to
ensure mixing. The rotation speed was set at 80 rpm. Before



Fig. 2. FTIR spectra of virgin PP and the multi-phase compatibilizer, PP-g-(MAH-co-St).
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blending, the compositions were dried in a vacuum oven at 80 �C
for 10 h and used immediately. A series of blends prepared were
listed in Table 1.

2.3. FTIR measurements

The grafted PP samples were dissolved in refluxing xylene at
a concentration of 1% (wt/vol.), and excess acetone was then added
to precipitate them. Acetone could precipitate only the grafted and
ungrafted PP [i.e. PP, and PP-g-(MAH-co-St)]. By this procedure any
homo- and copolymer of MAH and St was separated [43e46]. The
precipitated sampleswerefiltered,washed anddried under vacuum
at 80 �C for 24 h. The sample thus obtained was then hot-pressed
under 210 �C into film and analyzed by a Nicolet 560 Fourier trans-
form infrared (FT-IR) spectrometer at room temperature.

2.4. Phase morphology characterization

A Hitachi S-450 scanning electron microscopy, operating at
a 20 kV accelerating voltage, was used to observe blend
morphology. The surfaces taken from cryofractured samples were
examined. In order to investigate the different phases present in
the blends, one series of cryofractured surfaces was etched with
formic acid or tetrahydrofuran (THF) for 48 h at 50 �C to remove the
PA6 or PS phase, respectively. After etching and drying procedure,
the samples were coated with 20 nm thick gold using a sputtering
coater. The obtained digital SEM micrographs of the cryofractured
surfaces were analyzed to determine average particle size. An
average of 300e500 particles per sample was examined.

3. Results and discussion

3.1. FTIR spectroscopy analysis of the compatibilizers

The FTIR spectra of the prepared compatibilizers are shown in
Fig. 2. Comparing with virgin PP, the observed new absorption
bands at 1782 and 702 cm�1 can be assigned to the absorption of
carbonyl groups and grafted St, respectively. Therefore, the resulted
grafted PP molecular have both reactive MAH group and PS
segment [49,50].

3.2. Morphology

3.2.1. PP/PS and PP/PA6 binary blends
Prior to study of the PP/PS/PA6 ternary blends, it is necessary to

investigate the compatibilizing effect of the PP-g-(MAH-co-St) on
individual PP/PS and PP/PA6 binary blends. Figs. 3 and 4 show the
SEMmicrographs of the uncompatibilized PP/PS and PP/PA6 binary
blends. As expected, both PS and PA6 are immiscible with PP. The
interfacial adhesion between PS particles and PP matrix in PP/PS
blend (Fig. 3(A) and (A0)) or PA6 particles and PP matrix in the PP/
Table 1
Formulation of binary and ternary blends.

Blends Composition (wt.%)

Uncompatibilized
PP/PS 85/15; 70/30
PP/PA6 85/15; 70/30
PP/PS/PA6 70/15/15; 40/30/30

Compatibilized
PP þ PP-g-(MAH-co-St)/PS 82 þ 3/15; 64 þ 6/30
PP þ PP-g-(MAH-co-St)/PA6 82 þ 3/15; 64 þ 6/30
PP þ PP-g-(MAH-co-St)/PS/PA6 (67 þ 3)/15/15; (34 þ 6)/30/30
PA6 blend (Fig. 4(A) and (A0)) is very poor. Indeed, all the particles
debonded from the matrix are clearly loose on the cryofractured
surfaces. The surfaces of the particles are smoothwithout any visible
roughness (the surface roughness of particles is usually expected in
case of good interfacial adhesion between the particles and the
matrix). As shown in Table 2, average particle sizes of 2.2 and 3.9 mm
are obtained in the absence of compatibilizer in 85PP/15PS and
70PP/30PS blends, respectively. The particle size increase upon the
increase of theminor phase content is expected since the process of
particleeparticle coalescence is favored by increasing the minor
phase concentration. Similarly, the particle size distribution of PS
phase gets broader when the minor phase concentration is in-
creased. Fig. 4 illustrates the phase morphology of 85PP/15PA6 and
70PP/30PA6 uncompatibilized blends. The former blend exhibits an
average particle size of 3.5 mm. Whereas, as expected, coarser PA6
particles having an average diameter of 6.4 mm are obtained in the
latter blend. For the same reasons of favored coalescence, a broader
particle size distribution is observed in the blends containing
30 wt.% PA6 compared to blends containing only 15 wt.%. Note that
the average particle size in PP/PS is smaller than that in PP/PA6blend
at both compositions investigated (Table 2). This picture of particle
size difference is due to the significant difference in the viscosity
ratio between the two pairs.

With the addition of multi-phase compatibilizer, the particle
size and interfacial adhesion are greatly changed for the PP/PS
blends. As illustrated in Table 2 or Fig. 5, the addition of 5 wt.% PP-g-
(MAH-co-St) to the PP/PS binary blend reduces significant the
average particle size of the PS dispersed phase at both blend
compositions. The sizes of the PS particles reduce from 2.2 to
0.7 mm and 3.9 to 1.6 mm in 85/15 and 70/30 compatibilized PP/PS
blends, respectively. The particle size distribution gets narrower
than that in uncompatibilized blends. That is a clear indication of
the chemical affinity between the multi-phase compatibilizer and
PS. The multi-phase compatibilizer, PP-g-(MAH-co-St), shows good
compatibilization not only for the PP/PS blends but also for the
PP/PA6 blends. The addition of 5 wt.% of PP-g-(MAH-co-St) results
in large improvement of the state of PA6 phase dispersion and
particle size (illustrated in Table 2 or Fig. 6). Comparing with the
state of PA6 dispersion in uncompatibilized PP/PA6 blends (Fig. 4),
the compatibilized blends show a very fine particle size and
apparently good interfacial adhesion between the phases. The
particle size of PA6 decreases from 3.5 to 6.4 mm for uncompati-
bilized 85/15 and 70/30 PP/PA6 blends to 1.0 and 1.4 mm for
compatibilized 85/15 and 70/30 PP/PA6 blends, respectively. The



Fig. 3. Morphology of the uncompatibilized 85PP/15PS (A, A0) and 70PP/30PS (B, B0) blends: (A, B) cryofractured surface, (A0 , B0) cryofractured and PS phase extracted using THF.
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increased PA6 dispersion and enhancement of interfacial adhesion
between PA6 and PP domains are due to the in situ generation of
the grafted copolymer during melt-blending. It’s well known that
a maleic anhydride (MAH) functional group can easily react with an
amine end group of a polyamide. The reaction between MAH and
polyamide to form a copolymer is well known and verified [1,52].

3.2.2. PP/PS/PA6 ternary blends
Forcompatibilizedblends,domainsizeand interfacial adhesionare

the two most important characteristics. Fig. 7 shows the effect of
multi-phase compatibilizers on the morphologies of the PP/PS/PA6
(70/15/15) ternary blends. As expected, for the uncompatibilized
blend, both PS and PA6 are immisciblewith PP. The blends show large
discrete domains of PS and PA6 dispersed in the PP matrix. The
interfacial adhesion between PS or PA6 particles and PPmatrix is very
poor (Fig. 7(A)), which is evident from the “ball-and-socket” topog-
raphy. However, the addition of compatibilizers induces relative
uniformly sized PA6or PSdomains.Due to the characteristics of in situ
formation of copolymer at the PP/PA6 interface and chemical affinity
with PP/PS homopolymers of PP-g-(MAH-co-St), the blendwith PP-g-
(MAH-co-St) as compatibilizers displays a very fine dispersion of
disperse phase and strong interfacial adhesion with PP matrix (Fig. 7
(B)). The good compatibilizing effect of PP-g-(MAH-co-St) can be
explained by two mechanisms. First, the MAH groups in compatibil-
izer react with amine groups in PA6 to form copolymer, leading to
good adhesion at interface between PP and PA6. In addition, hydrogen
bonding may also exist between MAH and amine groups, further
increasing compatibility. Second, since the compatibilizer also
contains styrene blocks, resulting in good compatibility with PS.
Consequently, the remarkable compatibilizing effect of PP-g-(MAH-
co-St) inducedadrasticdecrease in interfacial tensionandsuppression
of coalescence between the originally immiscible polymer phases.

For the micro-structure of the uncompatibilized ternary blends,
Fig. 7(A0) reveals the existence of encapsulated droplets dispersed
in PPmatrix. Somewhat surprisingly, the PS has encapsulated every
PA6 particle (see white ellipse). Most of the PA6 articles are
between 1 and 6 mm in diameter, and the average PS shell thickness
is less than 1 mm. A close observation of the SEMmicrograph shows
that, besides encapsulating the PA6, the PS also exists as discrete
particles dispersed in the PP (see white square), most of which are
smaller than 2 mm in diameter. To further confirm this micro-
structure, the cryofractured surface of the uncompatibilized blends
is etched using formic acid to remove the PA6 phase. As shown in
Fig. 7(A00), this test further evidences that PS constitutes the shell of
the encapsulated structures and the core is the PA6 phase.
However, for the blends with PP-g-(MAH-co-St) as compatibilizer,
the phase structure exhibits a significant change. The selective
etching of the PS phase from the cryo-fracture surfaces using THF
shows the remaining PA6 in PP matrix (Fig. 7(B0)). This picture
reveals that PA6 particle is partial encapsulated by the PS phase.
Comparing Fig. 7(B0) with Fig. 7(A0), an interesting result is clearly
seen that PS does not encapsulate every PA6 particle anymore. PS



Fig. 4. Morphology of the uncompatibilized 85PP/15PA6 (A, A0) and 70PP/30PA6 (B, B0) blends: (A, B) cryofractured surface, (A0 , B0) cryofractured and PA6 phase extracted using
HCOOH.
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partial encapsulates one, two, even three PA6 particles. Indeed, PS
particles locate at the interface between the PA6 particles and the
PP matrix. No visible and neat PS shells are visible around the PA6
core. Simultaneity, PA6 particles are also tightly contact with PP
matrix. These results indicate the three components strongly
interact with each other. Therefore, the compatibilizing effect of the
multi-phase compatibilizer on the PP/PS/PA6 ternary immiscible
system is very clear. The formed copolymer by in situ reaction
between the MAH groups in compatibilizer and amine groups in
PA6 greatly decrease the interfacial tension of PP/PA6, resulting in
Table 2
The value of average particle size (mm) for the binary blends.

Blends Composition
(wt.%)

Average particle
size (mm)

PS PA6

Uncompatibilized blends
PP/PS 85/15 2.2 e

PP/PS 70/30 3.9 e

PP/PA6 85/15 e 3.5
PP/PA6 70/30 e 6.4

Compatibilized blends
PP þ PP-g-(MAH-co-St)/PS 85/15 0.7 e

PP þ PP-g-(MAH-co-St)/PS 70/30 1.6 e

PP þ PP-g-(MAH-co-St)/PA6 85/15 e 1.0
PP þ PP-g-(MAH-co-St)/PA6 70/30 e 1.4
good adhesion at the interface regions. The compatibilizer also
contains styrene blocks, leading to good compatibility with PS.
Consequently, the multi-phase compatibilizer has good compati-
bilizating effect between the various immiscible pairs.

According to Hobbs et al. [53] it is possible to predict qualita-
tively the type of the phase morphology developed in a ternary
immiscible polymer blend by using the concept of the spreading
coefficient as initially introduced by Harkin [54]. For our case, the
ternary blend has PP as a matrix and two dispersed phases: PS and
PA6. The spreading coefficient lPS/PA6 of PS phase on PA6 phase is:

lPS=PA6 ¼ sPA6=PP � sPS=PP � sPA6=PS (1)

where the si j are the interfacial energies between the phases i and
j. If lPS/PA6 > 0, then PS phase will encapsulate PA6 phase. The
interfacial energy between PA6 and PP has been reported to be
13.61 mN/m at 230 �C [55]. The interfacial energy between PA6 and
PS has been reported to be 20.0 [56], 10.0 [57], and 7.63 mN/m [58]
at 230 �C. Averaging of the three values at 230 �C gives 12.54mN/m.
The interfacial energy between PS and PP has been reported to be
4.3 mN/m at 230 �C [59]. Using these interfacial energies, the
spreading coefficient of lPS/PA6, is predicted to be �3.19 at 230 �C.
Although this concept is successful to predict the phase morphol-
ogies claimed, it fails in our case because the development of the
phase in polymer melt depends also on other key factors such as
the viscosity and elasticity of the blend [41].



Fig. 5. Morphology of the compatibilized 85PP/15PS (A, A0) and 70PP/30PS (B, B0) blends: (A, B) cryofractured surface, (A0 , B0) cryofractured and PS phase extracted using THF, (A00 , B00)
particle size distribution.
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Fig. 8 presents the SEMmicrographs of uncompatibilized 40PA6/
30PP/30PS blends. The cryo-fracture surfaces (Fig. 8(A)) show
complex phase morphology where it is not possible to identify
which phase is located where. Fig. 8(A0) shows a SEMmicrograph of
the same blend in which the PS phase is extracted using THF. The
result reveals that the PS phase constitutes a continuous phase as
indicated by the hollow continuous space in between the PP and PA6
phase. A few percentage of the PS phase is also dispersed in PP and
PA6 phase. This picture does not allow indicating ‘which phase is
which’ and where the sub-inclusions of the PS phase are located?
The SEM picture of Fig. 8(A00) is obtained from a sample where only
PA6was extracted. It reveals that the PA6 is in the formof droplets on
the observed surface. Does the PA6 phase form a dispersion or is it
continuous? The quantitative extraction experiments carried out on



Fig. 6. Morphology of the compatibilized 85PP/15PA6 (A, A0) and 70PP/30PA6 (B, B0) blends: (A, B) cryofractured surface, (A0 , B0) cryofractured and PA6 phase extracted using
HCOOH, (A00 , B00) particle size distribution.
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the same blends using formic acid confirmed that PA6 is continuous.
Almost all the PA6 phase was extracted from the blend by the formic
acid solvent (86 wt.%). That means the PA6 phase is certainly elon-
gated in a network structure in the extrusion direction as Omonov
et al. have observed [41]. Thus, it is clear that the three blend
components form a three-phase-co-continuous morphology. Fur-
thermore, a close observation of the extraction data reveals that in
the blends of 40PA6/30PP/30PS about 8 wt.% of PA6 is dispersed as
sub-inclusions in the blends.

Upon addition of the PP-g-(MAH-co-St) multi-phase compati-
bilizer, the phase morphology has been changed completely (as
shown in Fig. 8(B)). To identify which of the phases is where in the
blend, the cryofractured surfaces of the compatibilized blend was
etched with formic acid or THF to remove the PA6 or PS phase,



Fig. 7. Morphology of the uncompatibilized (A, A0 , A00) and compatibilized (B, B0 , B00) ternary PP/PS/PA6(70/15/15) blends: (A, B) cryofractured surface, (A0 , B0) cryofractured and PS
phase extracted using THF, (A00 , B00) cryofractured and PA6 phase extracted using HCOOH.
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respectively. Fig. 8(B0) shows a SEM picture of the cryofractured
surfaces after extraction of the PS phase. The PS phase is in the form
of droplets in the PP matrix. The two remaining phases are clearly
visible but is not possible to distinguish the PP phase from PA6
phase. This question can be addressed by a further selective
extraction of phase. Fig. 8(B00) illustrate a SEM micrograph of the
same blend where THF-extracted sample (PS removed) has been
further treatedwith formic acid. As it is clearly seen, the PA6phase is
includedas granules particles in thePPmatrix. Thus, it is clear that in
the case of compatibilized 40PP/30PS/30PA6 ternary blends, both PS
and PA6 phases form droplets in the PP matrix. However, detailed
observation shows, besides in the PP matrix, PA6 phase is also
included as granules particles in the PS phase. It indicates in com-
patibilized 40PP/30PS/30PA6 blends, the three components also
tightly interact with each other. Such result further demonstrates
the good compatibilizing effect of the multi-phase compatibilizer.



Fig. 8. Morphology of the uncompatibilized (A, A0 , A00) and compatibilized (B, B0 , B00) ternary PP/PS/PA6(40/30/30) blends: (A, B) cryofractured surface, (A0 , B0) cryofractured and PS
phase extracted using THF, (A00) cryofractured and PA6 phase extracted using HCOOH, (B00) PA6 phase extracted with formic acid after PS phase extraction with THF.
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4. Conclusions

This study provides a novel and effective strategy for achieving
compatibilization of ternary or multi-phase immiscible polymer
blends, by using a multi-phase compatibilizer. The good compati-
bilization of the multi-phase compatibilizer for the PP/PS and PP/
PA6 binary and PP/PS/PA6 ternary blends can be explained by
synergetic compatibilization of two functional groups in the
compatibilizer.
Phasemorphology inuncompatibilized ternary 70PP/15PS/15PA6
blends exhibits an encapsulated phasemorphologyhaving PA6 cores
and PS shells. The addition of the PP-g-(MAH-co-St) multi-phase
compatibilizer greatly changes the situation that PS andPA6particles
gets finely dispersed in the PP matrix while three components
interact with each other. Such morphology demonstrates the multi-
phase compatibilizer has good compatibilization between the
various immiscible pairs. In the ternary blends having almost equal
amountof PP, PS andPA6 (composition of 40PP/30PS/30PA6) a three-
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phase co-continuous morphology is developed. This morphology
has been significantly changed by the compatibilization. The phase
morphology is constituted from PP matrix in which are dispersed
droplets of PS and PA6 phase.

In conclusion, this work is promising not only for developing
ternary or multi-phase polymeric blends with unique performance,
but also useful for recycling and reusing three immiscible polymers,
polyolefins, styrene polymers, and engineering plastics from the
waste stream.
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The nano-scale morphology of a proton exchange membrane (PEM) strongly influences its proton
conductivity and mechanical performance. In this paper, a multi-scale modeling approach has been
developed to obtain the morphologies of hydrated perfluorosulfonic acid (PFSA) membranes and then to
predict their mechanical properties based on the simulated morphology. Two representative ionic
domain morphologies were compared, spherical and cylindrical, to represent cast and extruded
membranes. The calculated overall elastic Young’s moduli are very close for both morphologies and agree
well with experiments. The nano-scale phase segregation in hydrated PFSA induces a non-uniform
distribution of local stress. The peak stress is localized at the smeared water/PFSA interface. The cylin-
drical morphology develops much lower peak stress than the isotropic spherical morphology under the
same level of strain. These results explain why the extruded membranes showmore than 10 times longer
life in durability tests than recast membranes, despite having similar bulk moduli.

� 2010 Elsevier Ltd. All rights reserved.
1. Introduction

Amongmany challenges that proton exchangemembrane (PEM)
fuel cells face is the mechanical durability of the fuel cell stack and
components. Gas crossover through microscopic pinholes in the
PEM resulting from hygrothermal fatigue stresses has been identi-
fied as one of themajor failuremodes. PEMs showcomplicated time,
temperature, and humidity dependent mechanical behavior [1].
Thus, the experimental characterization of their mechanical prop-
erties includes many aspects. Their elastic modulus, yield strength,
stress and strain at break are typically measured with uniaxial
tensile tests [1e6]. Their viscoelastic properties are routinely
obtained with dynamic mechanical tests (DMA) at small deforma-
tions [7e11]. Their fracture resistance is evaluatedwith double edge
notch tension specimens or knife slit tests [12e16]. Their time- and/
or cycle-dependent strength can be measured by pressure-loaded
blisters tests [17e19], and the overall mechanical durability can be
evaluated by relative humidity (RH) cycling tests [20e23].

Processing conditions can dramatically change the mechanical
durability of PEMs. Currently, perflurosulfonic acid (PFSA) polymer
membranes are still considered as the “bench mark” for PEM fuel
cells. PFSA membranes are typically manufactured by melt
All rights reserved.
extrusion or solution cast. Moore and Martin have demonstrated
that cast PFSA film is more brittle and the melt-extruded film is
more ductile [24]. Only after thermal annealing or recasting from
high temperature, do solution-cast films’ properties resemble those
of extruded membranes [25]. To illustrate the role of processing
methods on mechanical properties, previous studies have
compared two commercially available 25 mm-thick PEM, Nafion�

NRE-211 and N111-IP. The NRE-211 membrane is a recast homo-
geneous PFSA membrane by DuPont [26]. The N111-IP is an
extruded version of NRE-211 by Ion Power [27]. In the in-situ wet to
dry humidity cycling tests using standard fuel cell fixtures, NRE-211
had a significantly shorter RH cycling lifetime than N111-IP [20].
Similar results are observed in the ex-situ life test using pressure-
loaded blister and knife-slit tests, in which NRE-211 was found to
have shorter lifetime until leakage occurs with faster crack propa-
gation rates under the same applied stress [28]. In this study, both
membranes show very similar stress-strain responses and time
dependent relaxation moduli in DMA tests, while N111-IP has
a slightly lower coefficient of hygral expansion, which results in
slightly lower hygrothermal stress from humidity cycling [28]. The
combination of a lower hygrothermal fatigue stress, higher fatigue
strength, and higher fracture toughness can mechanistically justify
the dramatically higher RH cycling lifetime in the extruded N111-IP
than the solution-cast NRE-211 membrane. However, it is still not
clear how processing procedure drastically changes the mechanical
durability of PEMs.

mailto:yue.qi@gm.com
www.sciencedirect.com/science/journal/00323861
http://www.elsevier.com/locate/polymer
http://dx.doi.org/10.1016/j.polymer.2010.11.013
http://dx.doi.org/10.1016/j.polymer.2010.11.013
http://dx.doi.org/10.1016/j.polymer.2010.11.013
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The mechanical properties of PFSA result from its unique struc-
ture. PFSA consists of a highly hydrophobic polytetrafluoroethylene
(PTFE) backbone with a fully perfluorinated ether side chain
terminated by a strongly hydrophilic eSO3H group. This leads to
spontaneous nano-phase segregation into hydrophilic and hydro-
phobic domains, especially in a solvent. It is well accepted that in
a hydrated PFSA, the sulfonic groups and water develop an inter-
connected proton conducting network above a threshold of water
content, while the fluorocarbon backbone forms a semi-crystalline
hydrophobic phase. A detailed review by Mauritz and Moore
summarizes the efforts in the last two decades toward under-
standing the structures of PFSA [29]. The debate over the shape and
structure of the ionic clusters and semi-crystalline polymericmatrix
is partly due to the lack of direct imagingmethods of PFSAandpartly
due to the different methods used to interpret the diffraction data.
Various morphological models have been proposed, such as the
cluster-channel model of Gierke et al. [30], the modified core-shell
model of Fujimura et al. [31], the lamellar model of Litt [32], the
sandwich-like model by Haubold et al. [33], the channel model by
Kreuer [34], the rod-like model by Rubatat et al. [35], and the recent
“longparallelwater channel”model bySchmidt-RohrandChen [36].

It has been recognized that the processing conditions can change
themorphology in PEM. Small angle neutron scattering (SANS) data
revealed that the melt-extruded membranes show an anisotropic
scattering pattern, thus have partially aligned and better organized
hydrophilic domains than those solution-cast [37]. The under-
standing of the mechanical properties of PFSA membranes prog-
resses with the understanding of its structure. Rubatat and Diat [38]
recently used SAXS and SANS to monitor the evolution of the
morphology upon deformation and observed uniaxial deformation
at moderate elongation extent. The morphology they proposed is
elongated polymeric aggregates aligning along the stretching
direction. Liu et al. also rationalized the stressestrain behavior of
PFSA and sulfonated poly(arylene ether sulfone) copolymer via
a three-dimensional “bundle-clustermodel”, considering elongated
polymer aggregates, proton conduction channels, and states of
water [2]. They proposed that the polymer bundles rotate and the
interphase chains readjust before yielding; and the polymer aggre-
gates disentangle and reorient after yielding.

The rather complicated morphologyeproperty relationships
have been very helpful to understand the mechanical properties of
PFSA. But they have not been developed into a numerical model to
predict the mechanical responses of PFSA. In contrast, many
continuum models for PFSA, such as the biaxial constrain
[20e22,39] model, plane strain [40e42] model and three-dimen-
sional hygroethermoemechanical finite element methods (FEM)
[43], have been constructed to simulate the mechanical response
and model failure in PEMs. These continuum models are based on
different constitutiveproperties andboundaryconditions.However,
these continuum models have not taken the unique structure of
PFSA into account.

In this paper, we present a nano-structure based finite element
modeling approach to reveal the influence of morphology on the
average modulus and local stress under applied tensile load. As the
nano-meter scale hydrophilic and hydrophobic domains in hydrated
PFSA are too large for atomic simulations, a mesoscale model is
required. Recently, we developed a coarse-grained mesoscale model
for hydrated PFSA equivalent weight of 1100 (EW ¼ 1100) by dividing
the system into three phases, backbone, side chain, and water, then
obtaining themorphologieswith a dynamic self-consistentmeanfield
theory (SC-MFT) [44e47]. The simulated hydrophilic domain size and
shape are generally consistent with some experimental observations
[48,49]. Based on this coarse-grain scheme, we developed two repre-
sentative ionic domain morphologies, spherical and cylindrical, to
represent cast and extruded membranes. Similar morphology control
has been realized in mesoscale simulations for lamellar ordering [50]
and hexagonal cylindrical morphology [51] in block copolymers. Both
spherical and cylindrical morphologies were then analyzed by a finite
element method (FEM) to compute their responses to the external
deformation. Both the bulk averaged Young’s modulus and the local
stress distribution resulting from the hydrated PFSA under a tensile
strain are computed in order to understand themorphologyeproperty
relationship.

2. Methods

2.1. Coarse-graining approach

Generating a mesoscale model requires two stages of parame-
terization [48]. First, PFSA molecules are mapped into a Gaussian
chain comprised of coarse-grained beads as shown in Fig. 1a. To
retain the branched nature and match the flexibility of the polymer
chain, the backbone of the PFSAwas represented by F beads, which
represents 4 (eCF2eCF2e) monomers, the etheresulfonic acid
(eOeCF2eCF(CF3)eOeCF2eCF2eSO3H) side chain was presented
by an S bead. As a result a PFSA chain with equivalent weight of
1100 g/mol (EW ¼ 1100), is represented by 20 repeating coarse-
grained FF(S) monomers. About ten water molecules are included
in aW bead, such that all beads have the same reference volume of
0.315 nm3 [48]. While the Gaussian chains are ideal (no interac-
tions), the inter-chain and intra-chain interactions in a real polymer
are included via a series of effective external potentials including
mean field FloryeHuggins-type interactions [44]. The mean field
bead interaction energies were determined via the FloryeHuggins
mixing parameters dI and dJ, through the difference between their
Hildebrand solubility parameters. So the second step in the coarse-
graining process is to computed the solubility parameters from
atomic simulations, leading to the following FloryeHuggins
parameters, cFS ¼ 9:8=RT , cFW ¼ 15:7=RT and cSW ¼ 0:7=RT . The
simulations were performed on cubic grids of 32 � 32 � 32 nodes,
occupying (29 nm)3 volumewith the grid resolution of 0.90 nm, for
PFSAewater mixtures. The water volume fraction was changed to
mimic different hydration levels. Starting from a homogeneous
distribution of each component (bead), at each time step a density
distribution is generated which minimizes the free energy within
the constraints of the external field. The system is then dynamically
evolved via stochastic diffusion of the density fields. This time-
evolution dynamics of the associated density and potential fields of
each phase was solved using a self-consistent mean field theory
(SC-MFT) [44e47] implemented in Mesodyn.

The morphologies of the PSFAewater mixture, defined by the
distribution of the grid-based concentration density of the three
phases (F, S andW) in the overall simulation cell, were equilibrated
in up to 5000 time steps (w150 ms) at 30 �C to simulate casting
process. By applying a high shear rate of 0.001/ns, an extrusion
process was simulated. After the shearing field is released, the
system is allowed to reach a stable state. In hydrated membranes,
the water content is usually stated in terms of the parameter, l,
defined as the number of water molecules per sulfonic group. PFSA
membranes with water contents of l ¼ 2, 6, and 8 (water volume
fractions of 6%,16%, 20%, respectively) were simulated. These values
of l cover the range of water content accessible by membrane
hydration using water vapor (T � 120 �C and RH � 1) [30] and
represent the 25 �C water uptake at about 20%, 80%, 100% RH,
respectively.

2.2. Mechanics modeling

The distribution of the grid-based concentration density of the
three phases (F, S and W) in the periodic simulation cell is the input



Table 1
Material properties for dry PFSA and water phase.

Mass density (kg/m3) Young’s modulus E (GPa) Poisson’s ratio y

Dry PFSA 2050 0.346 0.495
Water 998 0 0.4925

Fig. 1. (a) Sketch of the coarse graining strategy employed in the mesoscale simulation for hydrated PFSA (EW ¼ 1100), and the morphology of water clusters formed in hydrated
PFSA with 20% water (l ¼ 8), under (b) equilibrium condition and (c) under an applied shearing field along x direction.

Y. Qi, Y.-H. Lai / Polymer 52 (2011) 201e210 203
morphology for FEM simulations, which computes both the overall
and the local mechanical responses based on the material properties
in each grid. When the cell is divided into cubic grids, each grid
contains amixture of three phases. The concentration density of each
phase contained in thatparticular grid is specified as rJ,i, where J is the
index of phases and i is the index of the grid. The volume fraction of
each phase at the grid i is VJ;i ¼ rJ;i=

P
j
rJ;i. Two methods can be

chosen for calculating the properties of each grid element that is
a combination of different phases: serial (arithmetic) averaging or
parallel averaging. We compared the two representations, found no
difference toourfinal conclusions. Therefore, in thepresent study, the
average material properties (e.g. mass density, Young’s modulus and
Poisson’s ratio) of themixturewithin each grid is calculated based on
the volume fraction and the property of each phase in the grid, as
Pi ¼ VF;iPF þ VS;iPS þ VW;iPW . Thus each grid only has one material,
with the property tensor, Pi. Each cubic grid used in Mesodyn is
refined into six tetrahedronmeshes for FEM simulations. By applying
a displacement-based FEM to these volume meshes, the response to
external deformations is calculated [52,50]. Since input structure is
periodic, the FEM simulations boundary condition is 3-D periodic as
well. The FEM method has been implemented in MesoProp, which
has largely been applied to the calculation of various properties of
composite materials [52e54]. The deformation is assumed to be
linear elastic in the current study, sufficient for this preliminary
investigation.

The mechanical properties of the F and S beads, as an integrated
part of the PFSA polymer, are difficult to separate. We thus assigned
the dry PFSA properties for both phases. The average material
property at each cubic grid is represented by
Pi ¼ ðVF;i þ VS;iÞPN þ VW;iPW , where N represents PFSA phase,
which is the sum of the volume fraction of F and S phases. These
properties include mass density, Young’s modulus E, and Poisson’s
ratio y, which are listed inTable 1. Note that Young’smodulus for dry
PFSA was derived using the DMA test in dynamic tensile mode at
1Hz frequencyand25 �C. Following the results by Lai andDillard [1],
a relatively high Poisson’s ratio of 0.495 was used for the current
study, knowing the effect of Poisson’s ratio is generallyconsidered to
be secondary. Material properties for dry PFSA and water are
assumed to be isotropic, thus the anisotropic properties for hydrated
PFSA is a direct result from the underlying structures.
3. Results and discussions

3.1. Simulated PEM morphology

Two representative ionic morphologies are shown in Fig. 1b and
c. Meso-scale modeling shows that with 20% water (l ¼ 8), at
equilibrium condition, the water clusters are w5 nm diameter
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spheres, with only a few spheres connecting as shown Fig. 1b.
Conducting ionic channels along the shearing direction are formed
under the applied shear field, and retained their shapes even after
the shear field is released, as shown in Fig. 1c. Similar morphologies
are also found in hydrated PFSA at various water contents, ranging
from l ¼ 2 to l ¼ 8. Comparing the simulated morphology with the
SANS experimental observations, which have shown that that the
melt-extruded membranes have partially aligned and better orga-
nized hydrophilic domains than solution-cast membranes [37], we
believe that the spherical structure from Mesodyn simulations
reasonably represent the isotropic morphology formed in PFSA in
casting process and the cylindrical structure represents the aniso-
tropic morphology structure formed in PFSA after extrusion
process.

Figs. 2 and 3 show more detailed comparison of the concen-
tration density distribution contours of water and PFSA on cross-
sections in hydrated PFSA membranes with both morphologies at
a water concentration of l ¼ 2. In previous studies, we have shown
that both the F and S densities are concentrated in regions not
filled by water, indicating strong phase segregation, so in the
present study we can take the summation of both phases as the
density of the PFSA phase. It has also been noted that the highest S
density, overlapping with the lowest F density, forms thin shell
around the W clusters, consistent with the observed reverse
micelle structure. Fig. 2a shows four spherical water domains on
this cross section. The density of the water phase is around 100%
at the center of the water domain and almost zero outside the
water domain. The PFSA phase surrounds the water domains has
its density higher than 80%, while its density at the center of the
water domains is zero, as shown in Fig. 2b. Fig. 3a and c shows the
cross-sections perpendicular to the water channels. Fig. 3b and
d shows the cross-sections at y ¼ 12.5, along the water channel
direction, x. Fig. 3b and d shows two elongated water channels
along the x direction. This cross-section passes the center of the
upper water channel, indicated by the 100% water concentration
in Fig. 3b. However, it misses the center of the lower water
channel where the smeared water/PFSA region shows a mixture of
80% water and 20% PFSA. With the same amount of water, the
cylindrical morphology has a lower number of water domains
than the spherical morphology. The diameters of the water
domains are similar in the two morphologies, while it seems
slightly larger in the spherical morphology. For both morphol-
ogies, the PFSA phase has a higher concentration around the water
domains (Figs. 2b, 3c, and 3d). On average, the concentration
density of the PFSA phase is above 80% outside the water domains,
so it would be a reasonable assumption that the hydrated PFSA
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Fig. 2. Concentration density of (a) water phase (W_phase) and (b) PFSA phase (N_phase
a dimension of 32 � 32 grids.
can be approximated by a two phase model, with a smeared
interface of water and the hydrophilic phase.

3.2. Overall modulus

The elastic modulus for hydrated PFSA was computed based on
the spherical and cylindrical morphologies generated from Meso-
dyn. Young’smodulus, E, along the x, y and z directionswere plotted
in Fig. 4. Notice that x is parallel to thewater channel directionwhile
y and z are perpendicular to water channel direction. The results in
Fig. 4 showthat Edecreaseswith increasingwatercontent from l¼2
to l¼ 12. In Fig. 4, the E of Nafion NRE-211 membrane measured by
DMA test in dynamic tensile mode at 1 Hz frequency and 25 �C are
also plotted. Good agreement between the experimental measure-
ment and model prediction is observed. As expected, the spherical
morphology shows an overall isotropic behavior. It is interesting to
note that the E of the spherical morphology decreases linearly with
water content, basically following the rule of mixtures (the volume
fraction of the PFSA phase times its modulus at dry condition),
especially when l < 6, shown as the straight line in Fig. 4. The
cylindrical morphology shows slight anisotropic behavior, the
modulus along thewater channel direction (x) is slightly higher than
those perpendicular to the water channel direction (y and z). The
former is higher and the later is lower than the modulus in the
spherical morphology. Thus, Young’s modulus in the direction of
aligned water domain is stiffer. The anisotropy in the cylindrical
morphology increases with water content, as the difference
between the modulus along x and y direction increases from 1% at
l ¼ 2 to 6e8% at l ¼ 8. This small difference in Young’s modulus
cannot explain the significant mechanical durability difference
between the cast and extruded version of PFSAs.

3.3. Local stress distribution

In a heterogeneousmaterial, the distribution of the local stress is
often non-uniform and depends on the detailed morphology. For
the hydrated PFSA, the shape and size of the ionic (water) domains
can greatly influence the local stress distribution. Therefore, the
local stress distribution subjected to an applied mechanical strain
of 1% along either the x, y or z direction is analyzed by the distri-
bution of the von Mises stress, which is given by
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Fig. 3. Concentration density of (a) water phase (W_phase) and (b) PFSA phase (N_phase) on one cross section in the spherical morphology, at l ¼ 2, each contour plot has
a dimension of 32 � 32 grids.
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Fig. 5 illustrates the local stress distribution on a cross session
from the 3-D structure of hydrated PFSA at l ¼ 2 under 1% tensile
strain along the x direction ð3xx ¼ 1%Þ. Correlating the local stress
and the distribution of water and PFSA phases on the same cross
section shown in Figs. 2 and 3, it is clear that higher stresses
concentrate around the water domains and zero stresses reside
inside the water phase. For both the spherical and cylindrical
morphologies, the peak stresses are located around the water
domains in the PFSA phase. In this cross-section contour plot, the
peak stress is around 12e14 MPa in the spherical morphology and
8e10 MPa in the cylindrical morphology, although both are sub-
jected to the same strain of 3xx ¼ 1%. Examining the stress distri-
bution on the overall 3-D simulation cell, we find that the peak
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Fig. 4. Computed Young’s Modulus along the three main deformation directions in
comparison with experimental values. The straight line is plotted according to the rule
of mixture, more specifically, as the volume fraction of PFSA phase times its Young’s
modulus at dry condition.
stress in the spherical morphology reaches 17.53 MPa, 30% higher
than the peak stress of 11.93 MPa in the cylindrical morphology.
When the applied stress is perpendicular to the water channel
direction, e.g. along y or z directions, the peak stress reaches
13.55 MPa. As expected, the peak stress found in the spherical
morphology does not show such strain orientation dependence.
The observed non-isotropic strain distribution from mesoscale
calculations is due to the fact that the density distribution of both
water and PFSA phases is non-uniform in all three directions, as
shown in Fig. 3.

The location and the magnitude of the peak stress are important
factors that relate to the failure of hydrated PFSA membranes. In
Fig. 6, we analyzed the relationship between stress distribution and
the density distribution of each phase around the representative
water domain in both morphologies. In this analysis, we first drew
a line cross the center of a water domain. The origin means the
center of a water sphere in Fig. 6a and at a water channel in Fig. 6b,
respectively. We then plotted the stress and the density of both
PFSA and the water phases along this line, as a function of the
distance to the center of the water domain, r. Fig. 6 clearly shows
that the peak stress occurs right outside the water domain, where
the volume fraction of water is below 0.2. In both morphologies in
Figs. 5 and 6, stresses drop to about 3 MPa at r > 5 nm. This stress
level is the same as the applied far-field stress, which equals 1% of
the strain multiplied by the overall Young’s modulus. This suggests
that the water domains are sufficiently far away from each other
and their stress fields are not affected by others, at l ¼ 2. The peak
stress in the cylindrical morphology is about 3 times that of the far-
field stress, which seems to agree with the well known stress
concentration factor of 3 for an individual circular hole in an infinite
2-D solid matrix predicted from the continuum theory. However, in
the spherical morphology case, the peak stress is about 4 times of
the far-field stress, much larger than the stress concentration factor
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of 2 for an individual spherical void in an infinite 3-D matrix. Thus,
the simple geometric effect based on continuum mechanics alone
cannot explain the higher stress concentration in the spherical
morphology. Comparing the water and PFSA concentration density
distribution between the two morphologies in Fig. 6, the volume
fractions of PFSA phase increased from 5% to 95% within a 1 nm
region in the spherical morphology and within a 1.5 nm region in
the cylindrical morphologies. Thus, the spherical morphology has
a sharper interface region. Therefore, when the material property
changes from water to PFSA phase, its gradient is larger in the
spherical morphology. The higher stress computed for the spherical
Fig. 6. Local water and PFSA volume fraction and stress distribution around a water (a)
sphere along (x0 þ r, y0 � r, z0 þ r) and (b) cylinder center (x0, y0 þ r, z0 � r), where (x0,
y0, z0) is the location of the center. The stress is plotted with the unit of x10 MPa.
morphology agree with what was found in other composite
materials where higher stress is localized in the interface region
with higher material property gradient [55].

The water/PFSA interface appears to play an important role in
the mechanical strength, in addition to its known important role in
influencing the proton transport in PEM. The contour plots of the
density distribution in Figs. 2 and 3 are consistent with a relatively
diffused water/PFSA interface over 1e2 nm. Various diffusion
measurements have demonstrated that the water near the PFSA
bonds tightly and the proton diffusion is much slower in this
confined water shells. Our results revealed that the smeared water/
PFSA interface also controls the mechanical properties of the PFSA.
As shown in experiments [29] and previous Mesodyn calculations
[48], the PFSA morphology contains reverse micelle structures
embedded in the PTFE matrix (F). These reverse micelles are filled
with water (W) and enclosed by the sulfonic side chains(S). The
thickness of the smeared water/PFSA interface is mainly related to
the thickness of the S phase shell around the water domains. Both
simulated spherical and cylindrical morphologies had similar water
domain diameters at the same water concentration. From the
simulated morphologies, we found that, with the same total
volume fraction of S phase and W phase, spherical morphologies
will have larger surface area, and therefore a smaller shell thickness
than cylindrical morphology. The thinner hydrophilic phase (S)
around the water domains in spherical morphologies will lead to
higher stress localization. However, we might have overestimated
the width of the smeared interface during coarse-graining the
atomic structures into larger beads. Especially, the S beads average
the hydrophilic nature of the side chain over the entire bead, which
physically differs from the molecular side chain that has a strongly
hydrophilic eSO3H terminal group attached to an otherwise cova-
lent fragment. Fully atomistic MD simulations have revealed that
the average distance between sulfonate groups is around 0.6 nm,
and the average distance between the first water solution shell
around the sulfonate group is about 0.4 nm for PFSA 117 at l ¼ 15
[56]. To fully understand the role of the water/PFSA interface on the
mechanical properties of hydrated PEM, more combined mesoscale
and atomic simulations are required.

3.4. Peak local stress

The magnitude and the location of the peak stresses in hydrated
PFSA directly relate to its failure mechanism. The peak stresses for
the two morphologies are compared at different water concentra-
tions in Fig. 7. The peak stress increases with water content for both
morphologies, with a higher peak stress in the spherical
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morphology than cylindrical morphology. In the cylindrical
morphology, the peak stress is higher when the 1% strain is
perpendicular to the channel direction than when it is parallel to
the channel direction.

The peak stresses reached in the cylindrical structure are 20%e
30% lower than that in the spherical morphology, under the same
tensile strains. It’s important to notice that the local stress devel-
oped in the cylindrical morphology is always lower than that in the
spherical morphology, independent of the relationship between
the strain direction and the water channels direction. The differ-
ence between the twomorphologies increases as the water content
decreases. This difference is as large as 30% at l ¼ 2, which is
a significant reduction of local stress due to the cylindrical
morphology. As shown in Figs. 5 and 6, the peak stress is located
around the water domains. In many organic polymers the first
inelastic events such as plasticity and fracture start to occur when
the von Mises stress reaches a level of w30 MPa [13]. Because the
spherical morphology develops higher local stress than cylindrical
morphologies, it is more susceptible to failure; and the failure of
these hydrated PFSA is likely to initiate from the water/polymeric
domain interface. Further, since the hydrated PFSA develops the
lowest peak stress when the applied strain is parallel to the water
channels, one would expect that the membrane is stronger in the
channel direction. Considering that the in-plane tensile stress from
humidity cycling during fuel cell operation is the key factor in the
mechanical degradation of PEM fuel cells, the cylindrical
morphology with water channels aligning in the plane should be
the preferred morphology in PEMs.

Based on the peak stress comparison between the cylindrical
and spherical morphologies, a Nafion NRE-211 membrane, being
solution cast and having a spherical morphology, is predicted to
have a lower mechanical strength compared to its extruded coun-
terpart of cylindrical morphology and identical chemistry, the Ion
Power N111-IP membrane. This conclusion is in good agreement
with the experimental results from the blister and knife slit test
[28] in which NRE-211 has a lower burst strength, fatigue strength,
and fracture toughness than N111-IP. Furthermore, coupling the
lower local peak stress and the lower far-field stress resulting from
its lower coefficient of hygral expansion, an N111-IP membrane is
expected to have significant better humidity cycling durability than
an NRE-211 membrane. Again, this prediction agrees well with the
result from the in-situ RH cycling test where an N111-IP membrane
lasts more than 10 times longer than an NRE-211 membrane.

Another interesting finding from this study, also seen in Fig. 7, is
that the local peak stress increases as the water content increases
under the applied 1% tensile strain, even though the far-field
nominal stress can decrease as the bulk modulus decreases. The
result suggests that the bulk mechanical strength of the PEMwould
decrease as thewater content increases. Again, this result correlates
well with the experimental results from the blister and knife slit
tests [57,17], where the blister burst and fatigue strengths and
fracture toughness were found to decrease with increasing water
content for both NRE-211 and N111-IP membranes.

From the concentration density distribution of water and PFSA,
the hydrated PFSA can be approximated into a two phase model,
with a smeared interface. Since water cannot take any load during
tension, one can roughly treat the two phase model as a dry PFSA
with voids. We developed an analytical solution of stress concen-
tration factor around water domains based on continuum
mechanics [58] in the Appendix. Comparing the analytical solution
with mesoscale results, we found the computed stress concentra-
tion factor increases much faster with water concentration than the
analytical solution. So the peak stress from the normal stress
concentration created by the geometric discontinuity from a two
phase model alone cannot explain the relatively high peak stress in
Fig. 7, especially at higher water content. This probably due to two
reasons: a) the high peak stress is likely amplified further by the
material composition in the interface region between thewater and
PFSA domains. This is probably true, sincewater/PFSA interface gets
thinner with increasing water content; b) there exists a high
disparity of local water content distribution, the stress concentra-
tion, and therefore the peak stress, in the region of highly packed
water domains could be significantly higher. One would then
expect that the material failure can initiate from these regions.

Fig. 7 revealed that the local stress developed in the cylindrical
morphology is always lower than that in the spherical morphology,
regardless the relationship between the strain direction and the
water channels direction. Extrusion process tends to align water
domains parallel to the membrane plane. Although this structure is
mechanically more stable than the spherical morphology, it will not
improve the proton conductivity through the membrane plane,
because a connected network of hydrophilic domains is required to
transport protons through the membrane. As we observed in
experiments, both NRE-211 and N111-IP membranes show similar
conductivity. Similar observations have been shown by Kim et al.,
the melt-extruded and solution-cast membranes with different
SANS pattern have water vapor diffusion coefficient on the order of
2� 10�7 to 4� 10�7 cm2/s [37]. However, if one can align the water
channels perpendicular to the membrane plane, conducting water
channels will form at lower water content and provide the shortest
conducting path for protons passing through the PEM, thus
improve the proton conductivity dramatically. In fact, like block
copolymer melts with different dielectric constant for the two
segments can be transformed into an ordered structure under an
external electric field [59], the ionic channels in PFSA can be
oriented perpendicularly to the membrane plane by an external
electric field [60]. Umeda and Uchida showed that a PEM film recast
from a ternary polymer blend under an electric-field exhibited 10
times higher proton conductivity than that prepared without the
external electric field [61]. For these membranes, the in-plane
deformation is perpendicular the water channels, and it still
develops lower peak stress than the membranes with spherical
water domains. Thus, in term of improving both proton conduc-
tivity and mechanical stability of PEM, we suggest aligning water
domains perpendicular to the membrane plane.
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3.5. Limitations

It is known that processing history plays a substantial role in the
polymer morphology. Most of the previous papers have attributed
the strength of PFSA to its polymeric phase. Moore has attributed
the brittleness of solution-cast PFSA to the lack of semi-crystalline
phase [24]. Kim indicated that the structure of the melt-extruded
membrane is better arranged matrix and backbone chain [37]. The
bundles of aggregates will most likely orient themselves toward
the machine direction if PEMs are extruded. For solution-cast films,
the orientation of bundles will be much more random. In this
model, we did not explicitly change the dry PFSA input elastic
properties based on the processing condition, but rather focused on
the influence of the shape of the ionic domain on the mechanical
response of the hydrated PFSA. To fully simulate the mechanical
responses and failure of PEM, the multi-scale mechanical model
should also include the property variation of the polymer phase.
The processing conditions, casting, drying and shearing, can alter
the local structure, such as structural ordering, of the PFSA phase.
The mechanical properties, such as the modulus, of the PFSA will
depend on the local ordering of the polymer.

Nano-scale phase segregation induces non-uniform nano-scale
stress distribution. The cylindrical morphology develops much
lower peak stress than the uniform spherical morphology under
the same applied strain. No experimental work has been done to
confirm this finding yet. To reveal the difference of local stress or
strain, one could utilize the image correlation method. Hector and
Lai have used this approach to measure the strain accumulation in
PEM during a single hydration/dehydration cycle [62], however the
resolutionwas about 1mm2, which is not enough to reveal the local
stress concentration discovered in the current simulation work.
4. Conclusions

A multi-scale modeling approach has been developed to first
obtain the morphologies of hydrated perfluorosulfonic acid (PFSA)
membranes and then to predict their mechanical properties based
on the simulated morphology. Two representative ionic domains
morphologies were compared, namely spherical and cylindrical, to
represent cast and extruded membranes. The overall elastic moduli
are very close for both morphologies and agree well with experi-
ments. The nano-scale phase segregation in hydrated PFSA induces
non-uniform distribution of local stresses. The peak stress is
localized at the smeared water/PFSA interface and increases with
increasing water content. The cylindrical morphology develops
much lower peak stress than the isotropic spherical morphology
under the same level of strain. Thus, the spherical morphology
(typically formed in cast membranes) is more susceptible to failure;
and the failure of these hydrated PFSA is likely to initiate around the
water domains, due to a more smeared interface. These results can
explain the durability difference between recast and extruded PEM
samples, which show similar modulus but the extruded membrane
shows 10 times longer life time in in-situ fuel cell humidity cycling
test and ex-situ blister and knife slit tests.
Appendix. Geometric effect on the development of peak
stress

In this appendix, we describe an analytical solution for peak
stress as a function of water contents based on continuum
mechanics. Consider a hydrated PFSA domain with an original dry
cubic domain size of L0 � L0 � L0. At a hydrated state, the total
volume of water Vw within the PFSA matrix can be given by:
Vw ¼ 18rl
EW

L30 (A1)

where l is the water content, r is the dry PFSA density, and EW is
the equivalent weight of PFSA. Alternately, assuming that N
spherical water domains of diameter d exist for a given l, Vw can be
given by:

Vw ¼ NðlÞpd
3

6
(A2)

Both experiments and simulations have confirmed that the size
of water domain d increases with increasing water content [48,49].
It is interesting to note that, from the Mesodyn hydration PFSA
simulations [48], the number of spherical water domains also
changes with l. From Eqs. (A1) and (A2), one can find the following
relationship for the number of water domains

NðlÞ ¼ 108rl
p� EW� d3

(A3)

Assuming that the water domains are uniformly distributed
within the material and a characteristic spacing L representing the
distancebetween the centers of the adjacentwaterdomains, the total
volume of the swollen ionomer can be given by NðlÞAL3, where A is
a geometric factor depending on the geometric arrangement of the
neighboringwater domains. For example, A¼ 1whenwater domains
are arranged in a cubic patternwith spheres occupying the vertices of
the cube. Since the total volume of the swollen ionomer is also given
by ð1þ 18rl=EWÞL30, one can easily determine the ratio between the
water domain diameter d and characteristic distance L as:

d
L
¼

"
108Arl

pEW
�
1þ 18rl

EW

�
#1=3

(A4)

Similarly, one can find the d to L ratio for the cylindrical
morphology as

d
L
¼

"
72Brl

pEW
�
1þ 18rl

EW

�
#1=2

(A5)

where B is the geometric factor representing the geometric
arrangement of the neighboring water tubes in the xey plane. B
equals to onewhen thewater tubes are arranged in a square pattern.
One can find that d/L increases monotonically as water content l

increases as seen in Fig. A1, in which A and B are assumed to be one.
It is also seen that the d/L ratio in the cylindricalmorphology is lower
than that in the sphericalmorphology for a given l. Comparing the d/
L ratio between the spherical and cylindrical morphologies, it is
interesting to see that the spherical morphology would be more
sensitive to the uniformity of thewater domain distribution as its d/L
ratio can approach 1 (and approaching a theoretical infinite stress
concentration factor) at a much smaller l.

Consider the case of applying a uniaxial far-field stress field s on
an infinite body containing an infinite matrix of spherical or
cylindrical voids of diameter d separated by a characteristic length
L. Based on a simple dimensional analysis, one can expect that the
stress concentration factor k, defined as the ratio between the peak
stress smax and the far-field stress s, would be a function of a non-
dimensional length term d/L. Based on the classical work on the
mechanical stress concentration by Peterson [58], the stress
concentration factor increases with increasing d/L. Fig. A2 illus-
trates the stress concentration factor of the cylindrical morphology
with the water tubes ideally arranged in square pattern and a far-
field strain applied in the y or z direction. It can be seen that the
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stress concentration factor increase from with water content,
especially for a hydrated PFSA under an RH less than 100%, it would
have a stress concentration factor between 3 and 4 if the water
domains are uniformly distributed. However we noticed that
mesoscale results increases much faster with water concentration,
ranging from 4 to 12 when l increases from 2 to 8.
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